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Abstract: The control of the spontaneous formation of nanostructures at the surface of thin films is
of strong interest in many different fields, from catalysts to microelectronics, because surface and
interfacial properties may be substantially enhanced. Here, we analyze the formation of nickel oxide
nanocuboids on top of La2Ni1−xMn1+xO6 double perovskite ferromagnetic thin films, epitaxially
grown on SrTiO3 (001) substrates by radio-frequency (RF) magnetron sputtering. We show that,
by annealing the films at high temperature under high oxygen partial pressure, the spontaneous
segregation of nanocuboids is enhanced. The evolution of the structural and magnetic properties of
the films is studied as a function of the annealing treatments at different temperatures. It is shown
that the formation of NiOx nanocuboids leads to a nanostructured film surface with regions of locally
different electrical transport characteristics.

Keywords: ferromagnetic double perovskite; spontaneous formation of NiOx nanocuboids; local
transport properties

1. Introduction

Magnetic insulators have gained renewed interest due to their promising properties
as material platforms with efficient magnetization dynamics [1,2]. In this regard, double
perovskite La2NiMnO6 (LNMO) is one of the most widely studied materials due to its
large magnetodielectric properties and high Curie temperature Tc~280 K [3–5]. For these
reasons, LNMO has been considered as a promising candidate for the development of
magnetoelectronic and spintronic devices and thus, has attracted much attention lately [6,7].
LNMO has a double perovskite structure (A2BB’O6), where Ni and Mn ions ideally occupy
alternatively the B site positions giving place to a rocksalt-type lattice [5]. However, in thin
film form, as occurs in other double perovskite systems, full B-site Ni-Mn cationic ordering
is difficult to achieve [8–11]. In particular, in LNMO system, phase segregation often
occurs and the coexistence of two structural phases is detected at room temperature [12,13],
leading to the observation of two Curie temperatures [14].

To improve the magnetic properties of LNMO samples post-growth annealing pro-
cesses are commonly employed [15–17]. Nonetheless, recent studies report the formation
of the NiO phase impurities in LNMO thin films grown by MBE technique with the post-
growth annealing, with apparently defect-free growth [18,19]. Detailed cross-sectional
high-angle annular dark-field studies revealed an inverted “pyramid-like” shape morphol-
ogy of the NiO precipitate, which progresses from a 2–3 nm base to a ∼10 nm wide mouth
at the film surface [19]. The coexistence of double perovskite and NiO secondary phase
is supported by first principles modeling of growth in oxygen deficient conditions with
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expected dissolution of inclusions during annealing [18]. Nanometer size nickel-oxide pre-
cipitates were also detected during the growth of LaNiO3-LaAlO3 superlattices on SrTiO3
substrate, changing their electronic properties [20]. Similar phase segregation processes
are also observed in other manganite systems with cationic deficiency, strongly affecting
magnetic and transport properties of the materials [21].

In this work, we report on the spontaneous formation of nickel-oxide nanocuboids
at the surface of La2Ni1−xMn1+xO6 thin films, deposited by RF magnetron sputtering
technique. Annealing treatments in oxygen at high temperature (in-situ or ex-situ) after
thin film growth promote the spontaneous formation of NiO nanocuboids giving place to
the formation of a nanostructured surface. The evolution of the structural and magnetic
properties of the films as a function of the annealing temperatures has also been studied. As
expected, the post-annealing processes improve magnetic properties as well as structural
properties, while modifying significantly the local transport properties at the film surface.

2. Materials and Methods

La2Ni1−xMn1+xO6 (LNMO) thin films were fabricated by RF magnetron sputtering
under a total oxygen pressure of 19 Pa at high temperatures (900 ◦C) on top of SrTiO3 (001)
substrates using a stoichiometric La2NiMnO6 target. The mini-MAK from US-INC mag-
netron was 33 mm (1.3 inch) in diameter. The RF power used during thin film deposition
was 40 W. The background pressure of the home-made sputtering chamber is in order of
~10−5 Pa. Electron probe microanalysis revealed Ni-deficiency (x~0.47) in the films [11].
Before deposition, substrates were cleaned in an ultrasonic bath with Milli-Q water and
then annealed at 1000 ◦C in air for 2 h to obtain a clean and smooth TiO2 terminated
surface [22]. Samples with thicknesses, t, of 40 nm < t < 50 nm, as determined by X-ray
reflectivity, were prepared. After film deposition, as-grown samples were annealed (in-situ
or ex-situ) for 1 h under high oxygen partial pressure (PO2~5 × 104 Pa) to optimize the
magnetic properties and oxygen stoichiometry. The evolution of the physical and structural
properties was studied after successive annealing processes at 800 ◦C (Annealed-800 ◦C)
and 900 ◦C (Annealed-900 ◦C) for 1 h of the same LNMO thin film.

The surface morphology of the LNMO film was characterized by scanning electron
microscopy (SEM, QUANTA FEI 200 FEG-ESEM) and atomic force microscopy (AFM, MFP-
3D AFM Asylum Research, Gole, CA, USA) in tapping mode. Structural characterization
was made by means of X-ray diffraction (XRD) and reflectivity techniques (X’Pert MRD-
Panalytical and a Siemens D5000, Malvern Panalytical, Malvern, UK). Reciprocal space
mappings (RSM) were recorded using a Bruker-AXS General Detector Diffraction System
(GADDS) model D8 Advance with a 2D detector. Energy dispersive X-ray analysis (EDX)
has been performed on a FEI Magellan 400 L XHR SEM using an X-Max Ultim Extreme EDX
detector (Oxford Instruments, Abingdon, UK). Transmission electron microscope (TEM)
measurements were made by means of a field emission gun FEI Tecnai F20 microscope at
200 kV with a point-to-point resolution of 0.19 nm. Magnetization measurements were
done using a superconducting quantum interference device (SQUID, Quantum Design,
San Diego, CA, USA). The local electrical response of the films surface was explored by
conductive atomic force microscopy (C-AFM), measurements were performed employing
a MFP-3D microscope from Asylum Research with an Optimized Resistance Conductance
Amplifier (ORCA) module. Diamond doped coated probes (DDESP-FM-V2 from Bruker,
Billerica, MA, USA) were used in both the current maps and the I-V curves to ensure the
stability of the tip during data acquisition. Moreover, these measures were carried out in a
closed chamber with nitrogen atmosphere with the aim of reducing the ambient humidity
and, therefore, avoid possible anodic oxidation effects.

3. Results and Discussion

As evidenced in Figure 1, the surface morphology of a LNMO film, after usual
annealing in-situ process at 900 ◦C, reveals the existence of a nanostructured surface. The
SEM image (Figure 1a) detects uniformly distributed nanocuboids throughout the film



Nanomaterials 2021, 11, 804 3 of 13

surface, with nearly square-based, sub-100 nm in size. AFM topography in Figure 1b
confirms the presence of nanocuboids, distributed on top of a flat LNMO surface with
low roughness (rms~0.3 nm). The estimated occupation of the surface is below 15%. The
distribution of nanocuboids size is well described by the log-normal function with the most
probable size of around S0~58 nm and the distribution width of σ~0.23 (see Figure A4 in
Appendix B). The inset of Figure 1b reveals a nanocuboid height of ~12 nm. An interesting
observation is that nanocuboids’ edges are mainly oriented along the [100] direction of the
substrate (note that SEM and AFM images are rotated around 45◦ respect to the substrate
edge during observation).
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LNMO lattice parameter is considered in pseudocubic notation (abulk = 3.876 Å) [23,24]. 
LNMO films on top of STO (aSTO = 3.905 Å) substrates grow under small tensile strain 
(aLNMO-aSTO)/aSTO × 100% =  −0.74%. The in-plane lattice parameter of the film deter-
mined from the reciprocal space maps, around (103)STO reflection, perfectly matches with 
that of the STO substrate (see Figure A1a in Appendix A). The high resolution θ/2θ X-ray 
diffraction allows identifying the LNMO peak in the proximity of the intense substrate 

Figure 1. (a) SEM micrographs of LNMO-900 ◦C with in-situ annealing (thickness, t = 42 nm). Inset
shows the θ/2θ XRD pattern around 002 bragg peak of the substrate. (b) AFM image of LNMO-
900 ◦C film with the height profile of one nanocuboid in the inset. (c,d) Small area SEM and EDX
map at energy of E = 15 eV with the corresponding profile spectra of different elements by X-ray
spectroscopy analysis in (e).

A deeper insight in the films’ structure was obtained by X-ray diffraction and reflec-
tivity techniques. For simplicity and comparison between the film and the substrate, the
LNMO lattice parameter is considered in pseudocubic notation (abulk = 3.876 Å) [23,24].
LNMO films on top of STO (aSTO = 3.905 Å) substrates grow under small tensile strain
(aLNMO-aSTO)/aSTO ×100% = −0.74%. The in-plane lattice parameter of the film deter-
mined from the reciprocal space maps, around (103)STO reflection, perfectly matches with
that of the STO substrate (see Figure A1a in Appendix A). The high resolution θ/2θ X-ray
diffraction allows identifying the LNMO peak in the proximity of the intense substrate
one (see inset of Figure 1a) with an out-of-plane lattice parameter of a⊥ = 3.877 ± 0.003 Å.
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The estimated LNMO unit cell volume (~59.12 Å3) is very similar to the unit cell volume
of Ni-deficient bulk counterpart (LaNi0.25Mn0.75O3+δ) [12]. A planar view high resolution
TEM (HRTEM) images supports XRD measurements, with a coexistence of domains with
different orientations (Figure A2 in Appendix A).

Information regarding the chemical composition of the nanometric cuboids was
obtained from energy dispersive x-ray (EDX) analysis. A small area SEM image of a
single nanocuboid and the corresponding EDX map obtained at 15 KeV are shown in
Figure 1c,d. The profile spectra of constituent elements (La Lα1, Ni, Mn and O Kα1) in a
single nanocuboid are shown in Figure 1e, indicating the presence of nickel and oxygen.
The presence of La and Mn have been excluded due to the very low detection percentage
(no difference observed along the baseline in Figure 1d). Therefore, semi-quantitative EDX
analysis indicate that the nanometric cuboids formed on top of the LNMO films surface
are Ni-rich phase, most probably NiOx phases, in agreement with recent reports of the
formation of NiOx segregates in LNMO double perovskites [18,19]. In those works, it is
proposed that oxygen deficiency in LNMO films could favors the formation of antisite
defects [23] and NiOx phase segregations [18,19].

To gain a deeper insight into the formation of NiOx nanocuboids, successive annealing
processes at different temperatures are applied ex-situ to a non-annealed as-grown film.
The evolution of the physical and structural properties was followed on the same LNMO
thin film after each annealing process and the changes on the morphology are presented in
Figure 2a–c. SEM (left-hand image) and AFM (right-hand image) micrographs in Figure 2a
of the as-grown LNMO film without annealing process show a flat surface with an average
roughness of rms~0.3 nm. In this case, no signals of segregation were detected.
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line profile of the same LNMO thin film (thickness, t = 48 nm) after different annealing processes:
(a) as-grown film (no-annealing process), (b) annealing at 800 ◦C and (c) annealing at 900 ◦C.

However, after an ex-situ annealing at 800 ◦C, segregated nanostructures appears dis-
tributed through the whole surface as shown in Figure 2b. SEM micrographs revealed the
presence of uniformly distributed small nanoparticles. The corresponding AFM confirms
the presence of these nanoparticles, reflected in a higher value of global surface roughness
(rms~0.45 nm). Log-normal distribution indicates the most probable nanoparticle size of
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around S0~13.5 nm with the distribution width of σ~0.13 (see Figure A5a in Appendix B).
However, the mean-size of nanostructures remains rather small and with a height of few
nanometers ~2 nm (see the line profile in Figure 2b).

Performing further ex-situ annealing process at higher temperatures (900 ◦C) on the
very same LNMO film resulted in an enhancement of the growth of the nanoparticles.
Nanoparticles became larger in-size as shown in Figure 2c). Log-normal distribution reveals
the most probable nanoparticle size of S0~18.5 nm with the distribution width of σ~0.17
(see Figure A5b in Appendix B). The average nanoparticle height increases to around
~5 nm which is also reflected in an increase of the roughness (rms~0.7 nm). Although the
density of nanoparticles appears to decrease by increasing the annealing temperature (from
5.34 × 10−4 nanoparticles/nm2 for Annealed-800 ◦C, to 3.70 × 10−4 nanoparticles/nm2

for Annealed-900 ◦C) the average volume of NiOx at the surface has been estimated to
increase around three times (see Table A2 in Appendix B), thus confirming that annealing
process enhances the segregation.

The effect of different annealing processes on the structural properties of the same
LNMO thin film has been also followed by high resolution XRD scan of the (002) reflection
and the asymmetric RSM around (103) reflection (Figure 3). In Figure 3a, a shoulder could
be distinguished in the proximity of the prominent substrate (0 0 2) peak, which can be
associated to the LNMO peak with an out-of-plane parameter of a⊥ = 3.939 ± 0.002 Å.
At the same time, RSM around (103) reflection of the same film, indicates the position of
the LNMO film just below the substrate peak (right-hand image in Figure 3a), confirming
that the as-grown film is fully strained with the in-plane parameter that mimics the lattice
parameter of underlying substrate (aSTO = 3.905 Å).
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reflection (right) of the same LNMO thin film (thickness, t = 48 nm) after different annealing processes:
(a) as-grown film, (b) annealing at 800 ◦C and (c) annealing at 900 ◦C. The arrow indicates position
of LNMO peak and the red dotted line indicates the position of the STO peak.

The first annealing process at 800 ◦C (Figure 3b) does not significantly change the
structural parameters. From θ/2θ XRD scans (left-hand image in Figure 3b), the out-of-
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plane lattice parameter is found to decrease to a⊥ = 3.929 ± 0.002 Å, remaining elongated
respect to the corresponding pseudocubic perovskite lattice parameter of bulk LNMO
(abulk = 3.876 Å) [23]. However, under annealing process at 900 ◦C in Figure 3c, the shoul-
der in θ/2θ XRD scan disappears completely and only the substrate peak can be clearly
observed. Nevertheless, the RSM around (103) reflection indicates that the LNMO film
peak is just above the substrate peak corresponding to a slight asymmetry detected in
θ/2θ XRD scan (see arrow in left-hand Figure 3c). While the in-plane lattice parameter
still remains constant (a⊥ = 3.905 ± 0.005 Å), the out-of-plane lattice parameter further
decreases to a⊥ = 3.883 ± 0.001 Å. The variation of the in-plane and the out-of-plane cell
parameters in pseudo-cubic notation after different annealing processes are depicted in
Figure 4a. The in-plane lattice parameters (red dashed line in Figure 4a) match the SrTiO3
lattice parameter indicating that the film remains strained even after various annealing
processes. On the other hand, the out-of-plane lattice parameter (black dashed line in
Figure 4a) decreases progressively towards the LNMO bulk value (blue dashed line).
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It is worth to note that non-annealed as-grown film has a larger out-of-plane lattice
parameter than expected and consequentially larger unit cell volume (~60.06 Å3). This
larger unit cell usually denotes some oxygen deficiency and the presence of Mn3+ [25]. In
fact, as can be deduced from Figure 4a, the shrinkage of the out-of-plane lattice param-
eter while in-plane parameters remain unchanged results in a reduction of the unit cell
volume after successive annealing, which is consistent with oxygen incorporation during
the annealing processes and the formation of Mn4+, as previously observed in similar
manganite systems [25–27]. Indeed, as-grown non-annealed film exhibit clearly depressed
values of Curie temperature (black curve in Figure 4b while Tc is enhanced in annealed
films (blue and red curves), in agreement with previous observations in the LNMO sys-
tem [15]. It should be noted that we cannot exclude the presence of NiOx segregations
inside the film matrix and that the presence of NiO secondary phase may also contribute to
the increment of the out-of-plane lattice parameter in as-grown samples, besides oxygen
deficiency. These results agree with previous studies showing that annealing processes in
oxygen rich atmosphere promote an increase of the Curie temperature in La2NiMnO6 films
and other double perovskites [15,16]. Furthermore, it has been shown that post-growth
annealing treatments are also effective to reduce the number of antisite defects [17] and to
dissolve NiO segregations, thus contributing to increase the saturation magnetization [18].
However, in our case, in spite of a clear improvement of the ferromagnetic properties after
post-growth annealing (ex-situ or in-situ, see also Figure A1 in Appendix A), nanometric
nickel-oxide segregations are still present at the LNMO surface.

It is worth mentioning that Curie temperatures found in our samples although sig-
nificantly improved, are still lower than that found in the bulk counterpart even after
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oxygen annealing at the highest temperature (900 ◦C). This could be attributed to the
non-homogeneity of the sample detected by HRTEM (see Figure A2 in Appendix A), that
causes the formation of NiO secondary phases (as detected from EDX measurements) and
cationic vacancies, giving rise to octahedral distortions in the film, and thus affecting their
ferromagnetic properties [28,29]. Moreover, as Ni agglomeration at the surface is larger
after annealing process it is sound to assume that the Ni deficiency inside the film increases
that, as a consequence, could further affect the ferromagnetic transition, as Tc is known to
decrease when reducing the Ni content [3,12]. In conclusion, the strong structural strain
exerted by the substrate on thin layers clamped to it allows only the contraction of the
out-of-plane cell parameter. Thus, high-temperature annealing in oxygen atmosphere
promotes a vertical cationic migration (the entry of oxygen ions as well as nickel migration
towards surface), allowing the formation of nickel-oxide nanoparticles at film surface.

Additionally, the presence of nickel-oxide nanoparticles at the surface of LNMO films
may strongly influence local electrical properties. To analyze the electronic properties of
the different phases present at the LNMO film surface, conductive atomic force microscopy
measurements were performed in films prepared after an in-situ annealing at 900 ◦C.
Figure 5a shows topographic image in a 2 × 2 µm2 area of a LNMO film with NiOx
nanoparticles formed on its surface, while Figure 5b depict its simultaneous acquired
current map (applying 1.5 V).
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measured by C-AFM. (a) Topography image of a 2 × 2 µm2 area of the film. (b) Simultaneous current
map of the same area taken (applying 1.5 V), where the less conductive parts can be related with
the particles observed in the topography. (c) Current (red) and height (black) profiles of a NiOx

nanoparticle and the surrounding LNMO film marked in (a,b). (d) I-V curves on the LNMO film
(red) and on a particle (black), respectively.

In the topography image, NiOx nanoparticles can be identified as the parts of the
surface with higher height (bright circles) while in the current map a conductive matrix
(white background) is disrupted by less conductive circles (black). Comparing both images
allows identifying NiOx nanoparticles as the less conductive parts of the current map,
i.e., NiOx particles are more resistive than the LNMO film. This correlation can be better
appreciated in Figure 5c, where the profiles of the topography (black) and the current (red)
of the lines (see Figure 5a,b) are depicted. In Figure 5c, it can be clearly observed that, in
the higher height (z) region, which corresponds to a NiOx particle, the current drops to
≈1 nA, while in the flat surrounding regions, where the LNMO film is directly measured,
the current is almost two orders of magnitude higher (≈100 nA).
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Furthermore, the response of the LNMO film and the NiOx particles to voltage cycling
is clearly different, as evidenced in Figure 5d. Voltage cycles taken directly on the LNMO
surface (red curve) show a hysteretic behavior pinned at 0 V characteristic of a resistive
switching behavior. At the same time, it is also observed that the application of a negative
voltage (−5 V) locally increases the resistance of the film, switching the affected area to
the so-called high resistance state (HRS). This HRS can be reverted back by the application
of a positive voltage (+5 V) which returns the affected area of the film back into a more
conductive state, i.e., the low resistance state (LRS).

It is important to mention that both HRS and LRS are of a non-volatile nature and can
be switched between them multiple times, stating the base for a bipolar resistive switching
behavior suitable for the implementation of memory devices. A totally different behavior
is observed sweeping the voltage on the top of a particle (black line). In this case, a non-
hysteretic symmetrical curve is obtained, where the application of positive or negative
voltage does not have any influence in the resistivity properties of the particles. The absence
of resistive switching in the particles can be also visualized in Figure A3 (Appendix A).
After switching an area to the HRS, the LNMO current is heavily reduced while the particles
included in the area maintain their initial current, thus showing more conductivity than
the high resistive state. Thus, our results show that nanostructured LNMO films may
be switched from a system of poor conductive particles onto a conductive matrix to the
opposite case, with conductive particles onto an insulating matrix, thus behaving as a
model to study interfacial local transport.

4. Conclusions

In conclusion, we report on the controlled formation of nickel-oxide nanocuboids
at the surface of La2Ni1−xMn1+xO6 (x~0.47) thin films deposited by the RF magnetron
sputtering technique. It is shown that the LNMO functional properties are highly influ-
enced by the post-growth annealing process. Even LNMO films remains strained after
various consecutive annealing processes, annealing treatments in oxygen atmosphere at
high temperature allow a partial structural relaxation reflected in a reduction of the unit
cell volume towards the LNMO bulk value. This structural relaxation, detected through a
reduction of the out-of-plane cell parameter, allows some kind of vertical cationic migration
and promotes an improvement of the ferromagnetic properties that affects both the Curie
temperature and the saturation magnetization of the films. On the other hand, oxygen
annealing processes promote Ni segregation towards the surface of the films where the for-
mation of NiOx nanoparticles is detected. The presence of NiOx nanocuboids significantly
changes the local surface transport properties, allowing one to obtain a composite surface
in which areas exhibiting a resistive switching behavior alternate with other insulating
behaviors.
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Appendix A

Figure A1 shows structural and magnetic properties of La2Ni0.53Mn1.47O6 thin film
(thickness, t = 42 nm) with in-situ annealing temperature at 900 ◦C for 1 h under 5 104 Pa O2
(growth at 900 ◦C under PO2~19 Pa). The reciprocal space map, around (103)STO reflection,
indicates strained film as discussed above (Figure A1a). The Tc value found in our samples
is slightly lower compared to the bulk value, as expected for nickel deficient samples [3,12]
(Figure A1b). In-plane and out-of-plane hysteresis loops M(H) at 10 K (Figure A1c) exhibit
the expected hysteretic behavior with similar coercive field, Hc~400 Oe (see corresponding
inset). On the other side, a saturation magnetization of (Ms ≈ 5.8 µB/f.u) is found to
be somewhat larger than the expected theoretical value (∼5 µB/f.u.) for fully ordered
stoichiometric LNMO, as discussed previously [11]. More details about the ferromagnetic
nature in LNMO films with similar magnetic behavior, including X-ray magnetic circular
dichroism, can be found in [11].
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Figure A1. (a) RSM around (103) reflection of LNMO900 ◦C thin film (thickness, t = 42 nm) with in-situ annealing
temperature at 900 ◦C (b) In-plane magnetization as a function of temperature under an applied field of µ0H = 0.5 T.
(c) In-plane and out-of-plane hysteresis loops M(H) at 10. Inset shows the low field region in detail.

Figure A2 shows a plan-view in high resolution TEM (HRTEM) images, acquired in
order to obtain information about the microstructure and crystallographic features of a
LNMO film with in-situ annealed-900 ◦C process. The sample was cut parallel to the sample
surface (perpendicular to the (00l) planes). HRTEM images show a non-homogeneous
surface with the coexistence of domains with different orientations. The Fourier transform
(FT) of selected areas of the image were computed in order to assess the periodicity of the
crystal lattice. The FT of a large area was marked by squares, which shows different spots
corresponding to the enlargement of the LNMO lattice with respect to STO (LNMO cell
parameters are of the type a ≈ b ≈

√
2ap, c ≈ 2ap where ap is the primitive perovskite cell

parameter). These spots can be indexed as (0 k/2 l/2) (k and l odd), (0 k/2 l/) (k odd), and
(0 k l/2) (l odd) and indicate different orientations of the LNMO cell in the film.

The Resistive switching characteristics (or their absence), depicted in Figure 5d of
the main text, has also been probed on large surface areas to assess its reproducibility.
Figure A3a,b depicts the topography and current images of a 5 × 5 µm2 area. In the center
of this area a 3 × 3 µm2 square has been previously scanned at −4 V. As a consequence of
this initial scan, the area has been switched into the HRS without harming the surface, as
can be noticed in the topography image. Figure A3c,d show a detail picture (2 × 2 µm2) of
the previous image. Adjusting the scale of the current map it can be observed that, inside
the switched area, the particles are more conductive than the LNMO film in the HRS, while
in the pristine state the particles are more resistive. The lack of resistance change after the
biased scan supports the I-V curves presented in the main text and confirms the absence of
RS behavior in the NiOx particles.
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Figure A2. A plan-view HRTEM image of LNMO900 ◦C thin film. Fourier transform (FT) shows the
coexistence of nanodomains with different orientations.
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(b) current map images of a 5× 5 µm2 area, where the central 3× 3 µm2 has been previously scanned
at −4 V of sample Voltage. The current map shows a switching to the HRS of the LNMO film in the
scanned area, which does not induce any changes in the topography. (c) Topography and (d) Current
map images of a detailed area (2 × 2 µm2) showing the lack of switching of NiOx particles that are
more resistive than the film in the pristine state but more conductive than the film in the HRS.

Appendix B

The size of nanocuboids was determined from SEM micrographs using image analysis
(ImageJ software [30]) averaging measurements of a large number of particles at different
regions of the film surface. The distribution of nanoparticle size is well described by the

log-normal function f (S) = 1√
2πσS

exp

[
−

ln2
(

S
S0

)
2σ2

]
, where the fitting parameters S0 and

σ are the most probable nanoparticle size and the width of the distribution, respectively.
The average nanoparticle size SM is determined from the most probable nanoparticle size
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(SM = S0 exp(σ2/2)). Examples of the analysis performed for different thin films are shown
in Figure A4 (in-situ annealed film) and Figure A5 (ex-situ annealed film). A summary of
the obtained values for the surface density and average nanoparticle volume is presented
in Tables A1 and A2.
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A B S T R A C T

In this work we report on the controlled fabrication of a self-assembled line network in highly epitaxial BiFeO3

thin films on top of LaAlO3 in the kinetically limited grown region by RF sputtering. As previously shown in the
case of manganite thin films, the remarkable degree of ordering is achieved using vicinal substrates with well-
defined step-terrace morphology. Nanostructured BiFeO3 thin films show mixed-phase morphology. Besides
typical formation following (100) and (010) axes, some mixed phase nanodomains are detected also in-between
the regular line network. These particular microstructures open a playground for future applications in multi-
ferroic nanomaterials.

1. Introduction

Bismuth ferrite BiFeO3 (BFO) is a very active research domain due
to environment friendly room-temperature multiferroic character with
wide range of potential applications, from the low-power spintronic to
optical devices [1,2]. The very large electrical polarization [3,4], cou-
pling between the polarization and magnetic easy plane [5–7] and its
strong sensitivity on the epitaxial strain are crucial parameters for ap-
plications and for understanding their fundamental properties in gen-
eral [8,9]. The control over the ferroelectric polarization through the
structural strain and the miscut angle of underlying substrates rapidly
gain interest [10], additionally enhanced with the discovery of mixed
phase nanodomains [9,11–13]. In addition, it has been recently shown
that the kinetic growth conditions allow synthesizing high quality films
with selective ferroelectric domains [14].

Self-organization of long-range ordered nanostructures of transition
metal oxide thin films is of major relevance for both, the study of en-
hanced or novel physical properties at the nanoscale (from enhanced
magneto-resistive properties to unexpected interfacial effects) and for
developing a new generation of devices [15,16]. This bottom-up na-
nostructural approach presents an alternative to the more conventional
top-down lithography-based methods with numerous advantages ran-
ging from rapid preparation of low-cost and large surface oxide nano-
templates to the formation of nanoobjects with size and densities be-
yond actual possibilities [17]. Finally, ferroelectric BFO thin films
crystallize in the very similar rhombohedral structure as previously

studied LSMO thin films [15,17] and open a huge playground for the
formation of nanostructured networks at the surface.

In this paper, we report on the formation of regular nanostructures
in ferroelectric BFO thin films grown on top of LaAlO3 (LAO) substrates
by RF sputtering. The nanostructuration of BFO thin films is directly
induced by structural and morphological features of the underlying
substrate (lattice parameter inducing strain conditions on the one side
and step-terrace morphology and chemical affinity on the other side). In
addition to regular network, stripe-like features are detected and ana-
lyzed by X-ray, Raman and AFM spectroscopy.

2. Experimental

BFO thin films were grown by RF magnetron sputtering on top of
LaAlO3 (0 0 1) substrates under an oxygen partial pressure of 0.19 Pa
using commercial stoichiometric target (Kurt J. Lesker Company).
Growth conditions (growth rate of F ~ 0.03 ML/s and high growth
temperature) were adjusted to promote self-organized surface nanos-
tructures in the kinetic growth regime, i.e. far away from thermo-
dynamic relaxation mechanisms, that have been previously studied in
detail in GeSi semiconductors [18]. By a fine tuning of the growth ki-
netic pathway, the surface diffusion was reduced (but not completely
suppressed), taking advantage of the unusual misfit strain relaxation in
presence of stepped substrate [17]. Substrates were previously washed
in milliQ water and thermally treated at 1000 °C to assure the presence
of terrace-step morphology with unit cell height. The thickness value, t,
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of the different BFO/LAO films presented in this study is in the range of
40 nm < t < 50 nm.

The surface morphology of the films was studied using Atomic Force
Microscopy (AFM) and Scanning Electron Microscopy (SEM). AFM
images were obtained in a MFP3D Asylum AFM while SEM images were
obtained with a QUANTA FEI 200 FEG-ESEM. The crystal structure was
characterized by X-ray diffraction (XRD) and reflectivity techniques
(XRR) using a Siemens D5000 diffractometers with Kα-Cu radiation.

Magnetic characterization was performed at room temperature (in-
plane configuration H⊥ (100) and out-of-plane configuration H⊥ (100))
with a superconducting quantum interference device magnetometer
(Quantum Design). In order to estimate the magnetization of the film, the
diamagnetic background of substrates was subtracted (estimated from
negative slope of M(H) at high magnetic field, 10000 < H < 50000 Oe).

Raman scattering measurements were performed using a Jobin
Yvon T64000 Raman system in µ-Raman configuration. A Coherent
VerdiG solid state laser with 532 nm line was used as an excitation
source. Laser beam focusing was accomplished by a microscope ob-
jective with × 50 magnification.

3. Results and discussion

BiFeO3 presents, at room temperature, a rhombohedral structure in
bulk form (lattice constant abulk = 3.964 Ǻ) [3,5]. In thin films,
structural and functional properties of this multiferroic compound can
be drastically modified due to presence of the structural strain induced
by the selected substrate [19]. Particularly, the epitaxial growth of BFO
on top of LAO substrate induces huge compressive in-plane strain,
which allows stabilizing the tetragonal phase, correlated with theore-
tically predicted giant ferroelectric polarization [20]. In this study, the
films were grown under large compressive strain of ε = (aLAO-aBFO)/
aBFO = −4.62%, giving rise to a significantly larger perpendicular cell
parameter compared to bulk counterpart (see below).

Fig. 1 shows the formation of the long range ordered line network
on top of the BFO surface during crystal growth. Fast Fourier Transform
(FFT) (Fig. 1(b)) of topographic AFM image (Fig. 1(a)) indicate long-
range order of grooves along one specific direction (see two high in-
tensity dots in circles) with a separation around 1/k⊥~150 nm. Two

additional dots (see arrows) are also visible (doubled distance in k
space) in possible correlation with the formation of the polarization
nano-domains (see below). The regular lines, i.e. grooves have typical
depth of around 6 ± 2 nm (Fig. 1(c)).

In order to further clarify the structural arrangement of the regular
lines the topography of BFO thin films (Fig. 2(b)) is compared directly

Fig. 1. (a) Topographic AFM image (4x4 µm2) of BiFeO3 film (thickness,
t = 45 nm) grown on top of LAO and (b) corresponding Fast Fourier Transform
(c) Typical line profile of regular grooves.

Fig. 2. (a) Topographic AFM images (2 × 2 µm2) of (a) LaAlO3 substrates
(α ~ 0.155°) and (b) BiFeO3 film (thickness, t = 45 nm) grown on top of it. The
corresponding height -height correlation functions of the topographic surfaces
are shown in (c) and (d) respectively. (e) Corresponding profile lines of LAO
(blue) and of BFO (red).

Fig. 3. (a) θ-2θ XRD scans of the (0 0 2) reflections for BFO/LAO thin film. In
the inset, corresponding XRR data with thickness values of 45 nm. (b)
Magnetization versus field corrected with the diamagnetic slope for the in-plane
(IP) and out-of-plane field (OP) at room temperature.

B. Colson, et al. Journal of Magnetism and Magnetic Materials 509 (2020) 166898

2



with the topography of the underlying LAO substrate (Fig. 2(a)). The
corresponding height-height autocorrelation functions are shown in
Fig. 2(c) for LAO and (d) for BFO topography. The regular line pattern is
visible at the overall surface in both cases, also as non-vanishing os-
cillations in the corresponding profile perpendicular to lines. A clear
correlation between the two patterns is evident from the corresponding
profile lines in Fig. 2(e), demonstrating a typical separation between
ordered nanostructured lines of l ~ 140 nm, in agreement with the
underlying terrace-step morphology of the LAO substrate with a miscut
angle of α ~ 0.155°.

The structural properties have been investigated by θ-2θ X-ray dif-
fraction (XRD), Fig. 3(a) shows scans around (0 0 2) LAO reflection. The
strongest peak in Fig. 3(a) corresponds to the LAO substrate
(2θ = 48.05° with lattice parameter of c = 3.787 Å). Besides this, a
dominant peak (2θ = 38.62°) and two small intensity peaks are also
detected (2θ = 40.87° and 2θ = 45.74°, see stars in Fig. 3(a)). Domi-
nant peak corresponds to an out-of-plane parameter of cperp = 4.66(2)
Å, much larger than the pseudocubic cell parameter of bulk BFO and it
is associated with hyper strained tetragonal phase.

The position of the two small peaks suggests the presence of two

Fig. 4. (a) Raman spectra measured in parallel and cross polarization configurations for Θ = 0. xy is the laboratory system at room temperature. Black and grey lines
represent spectra obtained with binning 1 and 2 respectively. Inset: High energy region of the BFO/LAO Raman spectra. (b) BFO/LAO Raman spectra measured in
parallel and cross polarization configurations for various sample orientations.
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additional phases with out-of-plane parameters in the order of
cperp1 = 4.41(6) Å and cperp2 = 3.96(7) Å, which are ascribed to the
intermediate monoclinic structure and the rhombohedral phase re-
spectively. While the intermediate monoclinic phase is associated to the
formation of nanodomains [9,12] the rhombohedral phase is the re-
sidue of the bulk counterpart phase [3]. Thickness value of the BFO/
LAO film (t ~ 45 nm) is determined from XRR curve (inset of Fig. 3(a)).
No magnetic impurity phases are detected, in agreement with the weak
ferromagnetic moment measured at room-temperature (Fig. 3(b)).

Raman spectra of BFO film with ordered connected pits morphology
are shown in Fig. 4. Due to the fact that the film thickness is much
smaller than the penetration depth of the beam, significant contribution
from the LAO substrate is clearly observable in the BFO/LAO Raman
spectra (Fig. 4(a)). For the purpose of probing the crystal structure of
the BFO film, Raman spectra were collected for different sample or-
ientation (as presented in Fig. 4) in two polarization configurations.

Detailed analysis of the Raman intensity angular dependence [21]
taking into account the twinning effects, indicates that Raman features
observed at about 227, 273, 417 and 587 cm−1 correspond to the A’
symmetry modes, whereas peak at 368 cm−1 correspond to A’’ sym-
metry mode of the monoclinic Cc crystal structure. These findings are in
accordance with the density-functional calculations predicting that BFO
structure under strain values higher than 4% become tetragonal-like
with larger c/a ratio [22]. According to the first principles calculations,
this structure has Cc symmetry with the base centered unit cell con-
taining four formula) units, for which the factor group analysis predicts
the existence of 13A′ + 14A″ Raman-active phonon modes [22]. Note
that, a large number of modes ascribed to the Cc structure have been
experimentally observed in the low-temperature Raman spectra of
BiFeO3 films commensurately grown on LaAlO3 substrates and sub-
jected to ~4.4% compressive strain, wherein it was indicated that 13

most intense modes (including those at 237, 282, 415, and 605 cm−1)
could be referred to the A' symmetry [23]. However, Himcinschi et al.
[23] suggested that the modes at 225, 263 and 367 cm−1 in the Raman
spectrum of highly strained BiFeO3 epitaxial films deposited on LaAlO3

may correspond to A“ symmetry mode of the Cc monoclinic structure
[23]. Therefore, there is no doubt that BFO/LAO film whose Raman
spectra are shown in Fig. 4 has Cc structure, but small differences in the
positions of the identified modes in comparison with those referred in
the literature [23] indicate that the structure of the film investigated
here is monoclinically distorted in a specific way.

More details of the formation of the mixed-phase structures in the
middle of the regular network line can be obtained from AFM topo-
graphy shown in Fig. 5. The thin strip-line patterns could be visualized
in Fig. 5(a), known in literature as asymmetric “saw-tooth” surface
structure and identified as intimated mixture between highly distorted
monoclinic phase (monoclinic version of highly tetragonal phase with
c/a = 1.23), detected by Raman scattering in Fig. 4 and an inter-
mediate monoclinic phase (c/a = 1.17), detected as small peak by XRD
in Fig. 3(a). The profile line of these strip-like patterns can be found in
Fig. 5(c)-(e). Typical strip-like patterns, disoriented around ~1° from
the in-plane (100) and (010) axes, could be seen in green and blue
squares in Fig. 5(b). Corresponding AFM profile line indicate that they
are tilted away from the surface normal for about 2.5–3° (intermediate
monoclinic phase) and 1.5–2° (highly distorted monoclinic phase), in
agreement with previous reports [9,12]. The typical height difference
between different phases (around 3 nm) [9,24] is not always observed,
as strongly perturbed with formation of regular grooved (for more de-
tails see Fig. S1 in supplementary material). In addition, the stripe-like
formation could be observed also in our case between regular line-
network and disoriented around ~150° from the in-plane (100) axes
(red circles in Fig. 5(b)) with very similar profile line (Fig. 5(e)).

Fig. 5. The formation of nanodomains in the pre-
sence of regular line network. (a) AFM topography
(2 × 2 µm2) with profile lines. (b) Small area AFM
topography (1 × 1 µm2) with different orientation of
detected nanodomains (expected orientation in blue
and green rectangles and new nanodomains induced
by line network in red circles). (c)-(e) Profile lines of
nanodomains from (a).
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Finally, the formation of the mixed-phase structures in the middle of
the regular network is followed for different network orientations re-
spected to [100] direction. In Fig. 6, AFM topography with corre-
sponding Fast Fourier Transform is shown for BFO thin films grown on
LAO with similar terrace width but with different orientation respected
to substrate edges (6° < β < 150°). FFT of topographic images in-
dicate the long-range order coming from of formation of groove net-
work (two high intensity dots in circles in all cases). In addition, as
mentioned before, two additional points (see arrows) are visible at
doubled distance in k space, suggesting the presence of additional
structures in-between the regular line network. In all cases, the pre-
sence of “saw-tooth” surface structures in between the grooves could be
identified in the corresponding AFM topography (see red rectangles and
Fig. S1 in supplementary). Noticeably, in the case of network line
slightly disoriented from the in-plane (100) axes (β ~ 6°), the nano-
domains form more easily in-between the grooves (see Fig. 6(c)) as it is
closer to their spontaneous configuration [9,12,24].

4. Conclusion

In summary, a regular nanostructured network is grown on the sur-
face of BFO films, in close correlation with the step-terraces morphology
of the underlying LAO substrate (miscut angle 0.12° < α < 0.16°).
Raman scattering detected the dominant contribution from the mono-
clinic version of highly strained tetragonal phase. XRD spectra also in-
dicate the presence of additional polymorphs, rhombohedral and inter-
mediate monoclinic phases. The stripe-like patterns, formed by intimate
mixture between two monoclinic polymorphs, are visualized by AFM
topography. Beside typical formation following (100) and (010) axes,
some stripe-like patterns are also detected in-between the regular line
network. Finally, the observed self-nanostructuration of the BFO surface

opens a playground for tailoring structural polymorphs with strong po-
tential interest for future applications in multiferroic nanomaterials.
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Fig. 6. AFM of BFO films grown on the top of LAO with similar miscut angle (0.12° < α < 0.16°) with different orientation of nanostructured lines respected to
[1 0 0] direction (a) β ~ 150°, (b) 52° and (c) 6°. The corresponding FFT images are given below.
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A B S T R A C T

We report on the local electrical properties, measured by conductive atomic force microscopy, of the Iridate-
based Srn+1IrnO3n+1 family of thin films, in particular by comparing the n = 1, Sr2IrO4, and the n = ∞, SrIrO3,
phases. We analyze the different resistive switching behavior as a function of the pristine electronic properties of
the films. We will show that, for films exhibiting insulating behavior, i.e., films of the n = 1 phase or films below
3 nm of thickness for the n = ∞ phase, hysteretic I–V curves with a sharp transition into a low resistance state
(LRS), i.e. an abrupt increase of the current intensity, is detected above a well-defined threshold voltage. This
suggests a resistive switching behavior associated to the jump between two resistance states that may be cor-
related to the activation energy, Δ, obtained by fitting the temperature dependence of the resistivity to a thermal
activated Arrhenius law, ρ (T) ~ ρ0exp(−Δ/kBT). On the other hand, thicker samples of the n = ∞ phase exhibit
a semimetallic character and I–V curves show progressive changes of the local resistance without a clearly
defined threshold voltage. Kelvin Probe Force Microscopy based measurements confirmed that, concomitantly to
the resistive switching, an evolution of the electronic states at the surface takes place that may be associated to
the migration of oxygen vacancies promoted by the electrical fields under the AFM tip.

1. Introduction

Reversible resistive switching (RS), i.e., the change of resistance in a
reversible manner between two stable states of well-defined resistance
by applying voltages pulses, is considered as one of the most promising
solutions for the development of non-volatile memory devices [1,2]. A
large variety of materials are known to exhibit RS behavior, including
transition metal oxides (TMOs) [3,4]. Although several physical me-
chanisms have been invoked to account for the observed RS behavior
[5–9], modifications of the doping rate by valence change due to the
migration of oxygen vacancies is the most common case for TMOs. A
broad interest is devoted to RS behavior where the active material is a
Mott insulator or a correlated system as the occurrence of a metal-to-
insulator transition (MIT) allows generating well defined low and high
resistance states [2,5,10–12]. Moreover, various types of MIT may ap-
pear in response to variety of external stimuli, such as temperature,
doping rate or structural strain [13]. In the case of TMOs, the close
similarity between electronic correlations and crystal field splitting
energies provides different mechanism for tuning their electronic
properties and thus the MIT and, as a consequence, the RS phenomena
[13]. Furthermore, in TMOs based on 5d elements, as Ir, spin–orbit

coupling (SOC) reaches values of about 0.5 eV [14–16], and becomes
comparable to crystal field and electronic correlations, giving place to
novel physics and exotic properties [17–19]. This has been recently
manifested in the Ruddlesden-Popper series of 5d Strontium Iridates
(Srn+1IrnO3n+1) where subtle structural or chemical changes may
trigger different electronic states. For example, in the n = 1 phase
(Sr2IrO4), a gap is opened at the Fermi level, leading the system into a
Mott insulator state [20] while the perovskite-like n = ∞ phase
(SrIrO3) presents a semimetallic ground state [21]. Nevertheless, in this
latter case, a MIT can be also triggered by tuning the compressive strain
induced by the substrate or by reducing the film thickness [22–26],
although recent studies indicate the coexistence of disorder effects and
electronic correlations leading to either disorder driven Anderson MIT
or unconventional Mott-Anderson transition [23,27].

In this work we present a study of RS behavior in Srn+1IrnO3n+1

thin films of the n = 1 phase (hereafter SIO-214) and of the n = ∞
phase (SIO-113) by means of local I–V curve measurements and current
mapping, by using conductive atomic force microscopy (C-AFM). While
SIO-214 films are insulating, SIO-113 films present semimetallic be-
havior but, for film thickness below ~3 nm an Anderson-type MIT i.e.,
induced by disorder, is triggered. We will show that a sharp RS process,
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with an abrupt increase of current at a defined threshold voltage is only
attained in the presence of a MIT behavior where two well-defined
resistance states separated by an energy jump exist. However, differ-
ences in the threshold voltage are observed in the case of both phases
due to the different energy barrier to overcome. On the other hand, for
thin films in a semimetallic state, I–V curves present a smooth variation
of resistance, without a clear threshold voltage. By performing Kelvin
Probe Force Microscopy (KPFM), we will show that the RS behavior
may be attributed to the variation of charge carriers’ density, usually
associated to the migration of oxygen vacancies promoted by the
electric field pulses. Current maps performed with voltage values above
the threshold value and of different polarity allow demonstrating the
writing/erasing processes making evident the feasibility of the system
for the implementation of Re-RAMs.

2. Experimental details

Sr2IrO4 thin films were grown by Pulsed Laser Deposition on (0 0 1)
SrTiO3 (STO) substrates. The growth was carried out in an oxygen at-
mosphere of 70 mTorr and at a temperature of 850 °C. For the de-
position, a KrF excimer laser (248 nm of wavelength) was employed at
a frequency of 1 Hz and a laser fluence of 1.25 J/cm2. On the other
hand, SrIrO3 thin films were grown by rf sputtering at 900 °C in 140
mTorr oxygen atmosphere as described elsewhere [27]. In order to
achieve single Ti-terminated substrates with well-defined atomic steps,
all STO substrates in this work were treated before the film deposition.
The treatment consisted of a 10 min bath of ultrasounds in deionized
water and a post-annealing of 2 h at 1000 °C [28].

Structural properties of both SrIrO3 and Sr2IrO4 thin films were
evaluated by means of X-Ray diffraction. A Bruker D8-Discover dif-
fractometer was employed to measure the Reciprocal Space Map while
the High Resolution θ-2θ scan was measured with a PANalytical X‘PERT
PRO MRD system. The thickness of the films was determined by X-Ray
Reflectometry using a D-5000 diffractometer from Siemens.

Resistivity curves of SIO-214 and SIO-113 films were measured in a
standard 4 probe configuration by using a Physical Properties
Measurement System by Quantum Design. Electrical electrodes were
fabricated by depositing a thin layer (~40 nm) of Pt on the surface at
room temperature.

RS properties were evaluated by employing an atomic force mi-
croscopy (AFM) system in the electrical modes of conducting (C-AFM)
and Kelvin Probe (KPFM). The probes used to measure in these modes
were DDESP-FM-V2 from Bruker. An AFM MFP3D from Asylum was
used to obtain the Current maps (in nitrogen atmosphere) and the I–V
curves while an NTEGRA Prima AFM system from NT-MDT was em-
ployed to obtain the KPFM data. I–V curves were performed without
current compliance. Although it is known that current limitation could
prevent sample degradation [29,30], we should note that the current
values attained in this work were below typical current compliances
used in the literature [31–33]. The KPFM images were recorded by a
standard two-pass measurement. In the first step, AFM tapping mode
was employed to measure the topography of the film. Then the probe
was lifted at a certain height (10–20 nm) and replicated the topography
while measuring the Contact Potential Difference (CPD) between the
AFM tip and the sample. To obtain the CPD at each point, an AC Voltage
was applied to the conducting probe to excite it at its resonance fre-
quency. At the same time, a second DC voltage source was applied in
order to nullify the electrical interaction between the tip and the
sample. The surface distribution of the CPD can be then mapped by
recording the DC voltage which nullifies the electrical tip-sample in-
teraction during scanning [34].

It has been observed that thin films of iridates, such as Sr2IrO4 or
SrIrO3 possess a very sensitive surface [26,27,35]. The poor surface
stability turns the C-AFM measurements more challenging since high
electric fields should be applied between the tip and the iridate surface
to obtain the desired switching. With the aim of protecting the films and

stabilize the current, Pt nanoparticles were deposited in situ on some of
the films after their growth. In the case of SIO-214 films, this deposition
was performed with a laser fluence of 2.17 J/cm2 with pulses at 1 Hz.
Details for SIO-113 films may be found elsewhere [27].

3. Results

High resolution θ-2θ x-ray diffraction scans in thin films of both
phases confirmed epitaxial growth and high crystallinity evidenced by
satellites fringes. Fig. 1(a) shows the result for a SIO-214 sample around
the (0 0 6) diffraction peak. In this case, peak position leads to an out-
of-plane lattice parameter of cSIO-214 ~12.78 Å, i.e. SIO-214 unit cell is
slightly shortened with respect to the reported bulk value
(a0 = 12.92 Å) [36] in agreement with a small tensile strain [37].
Fig. 1(b) displays a reciprocal space map around (−109) reflection. It
can be appreciated from the figure that SIO-214 film is fully strained
with the underlying substrate. Similar results were obtained for SIO-
113 films grown on STO with cSIO-113 ~3.943 Å, i.e., corresponding to
compressive strain as it was previously reported [27,38].

As previously mentioned in the Introduction, in the iridate series,
strength of spin-orbit coupling competes with crystal field and elec-
tronic correlations leading to a rich landscape of electrical properties.
This is exemplified by the temperature dependence of electrical re-
sistivity shown in Fig. 2(a). This Figure shows that electrical properties
of SIO-113 films are clearly thickness-dependent. Robust metallic be-
havior is observed for the 26 nm thick film and the resistivity may be
well described by the expression ρ(T) = ρ0 + CT4/5 in agreement with
previous results [22–26,39]. However, as thickness decreases a pro-
gressive upturn of the resistivity at low temperatures is detected and the
system exhibits fully insulating behavior for the 2 nm thick SIO-113
sample. The nature of the MIT induced by reducing the film thickness
has been previously elucidated by analyzing the temperature depen-
dence of the resistivity of the fully insulating 2 nm thick sample
[27,40]. The low temperature regime, up to about 40–45 K, is well
described by using the Mott’s variable range hopping (VRH) model:
Ln 1/T ,1/3 σ being the conductivity [41], while the high temperature
range is properly described by using the Arrhenius equation for thermal
activation conduction =(T) e0

( /k T)B , Δ being an activation energy (a
value of Δ123 ~6 meV was obtained from the fit) and kB the Boltzmann’s
constant. Fig. 2(b) shows, in typical Arrhenius plot, the quality of this
fitting. Therefore, from the analysis of the ρ (T) curves we can conclude
that, while for thick SIO-113 films the system behaves as a three di-
mensional correlated metal, for the thinnest films the MIT is of

Fig. 1. X-Ray diffraction measurements of SIO-214 films on STO. (a) High-re-
solution θ–2θ scan around (0 0 6) diffraction peaks. (b) Reciprocal space map of
the (−103)STO and (−109)SIO peaks showing full strained state of the SIO-214
films.
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Anderson localization type due to disorder, in good agreement with
previous reports [23,25,27]. On the other hand, SIO-214 film exhibit a
robust insulating behavior with d ρ/dT < 0 in the whole temperature
range independent of film thickness. Typical results for a 38 nm SIO-
214 sample are plotted in Fig. 2(a). This behavior has been usually
attributed to the opening of a band-gap in the electronic structure as a
result of interplay between strong SOC and electronic correlations
[37,42]. Temperature dependence of resistivity is again well described
by a thermal activation law, see Fig. 2(c), but, in this case, the fitting
leads to an activation energy of Δ214 ~62 meV, i.e., around one order of
magnitude higher than in the precedent case. Both activation energies
are in agreement with the expected values reported from numerical
simulations [20,43–45].

As resistivity of SIO thin films may be sensitive to different stimuli,
iridate films become a promising alternative for obtaining a strong RS
response and thus, of interest for the implementation of RS devices. For
this purpose, we have studied local I–V curves measured at room
temperature by C-AFM of SIO thin films. In Fig. 3 we present the I–V
curves on samples with different electronic behavior, i.e., SIO-113
samples at both extremes of the thickness series (i.e. 26 nm and 2 nm),
Fig. 3(a) and (b), respectively, and an insulating SIO-214 sample,

Fig. 3(c). In all cases hysteretic I–V curves are observed indicative of RS
behavior. These curves are reproducible in the whole sample surface
(see current maps below) and identical results were obtained when
cycling IV curves over sample surface until sample-tip contact degrades
(~10 cycles). An anti-clockwise behavior, where positive sample vol-
tage induces the Low Resistance State (LRS) and negative sample vol-
tage induces the High Resistance State (HRS) is found. From the results
in Fig. 3 we observe two clear different RS behaviors if sample is in-
itially in a metallic or in an insulating state. For the samples in an in-
sulating state, SIO-113 (2 nm) and SIO-214, Fig. 3 (b) and (c), the
current intensity remains constant and near to zero until a given
threshold voltage value is reached after which a sudden increase of the
current takes place. This voltage depends on the system and it was
found to be around 2 V for the SIO-113 (2 nm) and 4.5 V for SIO-214.
These threshold values may be correlated to the activation energy, Δ,
obtained above from ρ (T) measurements if we assume that Δ corre-
sponds to the energy barrier needed to bring the system into a con-
ducting state. Thus, the higher threshold voltage observed for the SIO-
214 system is just reflecting a higher barrier between insulating and
conducting states (remember that ΔSIO-113 = 6 meV and ΔSIO-

214 = 62 meV) as previously observed for other compounds [46,47].
After reaching the maximum voltage, the sample remains in the LRS
returning to 0 V through the superior limit of the graph. In the negative
voltage range, the I–V curve starts at the LRS and the current is con-
tinuously increasing for voltages up to the maximum negative voltage.
Once reached this voltage, the I–V curve returns to the HRS along the
lower path. On the contrary, for the sample initially in the semimetallic
state, SIO-113 (26 nm) shown in Fig. 3(b), the resistance changes in a
continuous way and no well-defined resistance states separated by a
clear voltage threshold are observed. The similarity of the measured I–V
curves in all samples suggests that the mechanism behind the observed
variations of resistance is the same in all cases. However, the absence of
a clear voltage threshold in the case of the thick sample suggests the
absence of a well defined energy transition separating the LRS and HRS.

Although all the films seem to follow the same mechanism for the
changes of resistance, the set of I–V curves present notable differences.
Fig. 3(a), corresponding to the SIO-113 26 nm thick sample, shows
smoothly rising I–V curves for the positive voltage range from 0 V to the
maximum of current. On the other hand, Fig. 3(b), corresponding to the
SIO-113, 2 nm film and Fig. 3(c), corresponding to the SIO-214 film,
show an almost zero current up to a clear voltage threshold value, when
an abrupt increase of the current intensity occurs. This different be-
havior is closely related to the differences in the band structures of the
films that are induced by the MIT. On one hand, it is reported that thick

Fig. 2. (a) Temperature dependence of the electrical resistivity of an insulating
SIO-214 film (38 nm) an insulating SIO-113 film (2 nm) and a semimetallic SIO-
113 film (26 nm). (b) and (c) Arrhenius plot of the high temperature part of the
ρ(T) curve for the insulating films shown in (a). The activation energy Δ in each
case has been obtained by the fit (solid lines) to the thermal activation law
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Fig. 3. C-AFM I–V curves measured on (a) 26 nm thick SIO-113 film; (b) 2 nm
thick SIO-113 film and (c) SIO-214 film.
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SIO-113 films (such as the employed 26 nm thick one) behave as a
semimetal [20,21,26,27] while an Anderson-type MIT transition with
strong carriers’ localization may be triggered by thickness reduction
[23,25,27]. Even more, the aperture of a Mott gap in ultrathin SIO-113
films have been recently documented [44]. In the case of SIO-214, a
band gap is expected to appear due to electron-electron correlations
[37,42,48,49]. With this picture in mind, the behavior of thick SIO-113
film (26 nm) reflects changes of resistance in a system with continuous
energy levels having thus a smooth increase of the current. Moreover,
the shift of the Fermi level would bring the system into a state with
higher Density of States, finally giving higher conductivity and setting it
into the LRS. On the other hand, as long as Fermi energy lies inside
localized states or belongs to the energy gap, charge carrier’s mobility is
seriously hampered or even suppressed and the current would be al-
most zero. Nevertheless, when the Fermi level crosses the mobility edge
for the 2 nm thick SIO-113 or overcome band gap for SIO-214, an en-
ergy transition between localized and extended states takes place for
high enough positive voltage, an abrupt increase of the current would
be observed and obviously the system would be switched in the LRS
with a higher conductivity.

Current maps over extended areas in both HRS and LRS states al-
lowed us to obtain a deeper insight into the RS process in SIO samples.
Performing a C-AFM map implies to move the AFM tip back and forth
several times in the same area of the sample and the continuous scan-
ning deteriorates the electrical tip-sample contact after a few cycles.
This well-known drawback in C-AFM analysis of RS phenomena is
usually attributed to tip contamination [30,34]. In our experience,
current maps cannot be performed in bare iridate thin films due to
surface degradation. However, we have found that capping of the SIO
film surface with a non-continuous layer of metallic (Pt) nanoparticles
(NPs) is useful to perform the C-AFM maps. In this way, quality of the
tip-sample electrical contact is improved, while degradation of the
electrical contact is avoided thanks to the enhanced tip life time since
brushing with Pt nanoparticles removes tip-contaminations. Results for
a SIO-214 film are shown in Fig. 4. Fig. 4(a) presents a 50x50 μm2

current map measured at low voltage (1 V) after the scanning of the
central 35x35 μm2 area at the positive bias voltage (+4.5 V) applied to
the sample and a further scan of 20x20 μm2 area at −5 V applied to the
sample. The dark outer part corresponds to the pristine state with a low
conductivity. Inside, a bright squared ring represents the established
LRS with high conductivity, or, as it is usually named, the written area.
Finally, the central dark square exhibits again low conductivity and
represents the switching back into the HRS, i.e., the erased region. The
associated topography measurement is shown in Fig. 4(b). Some minor
topography changes are detected in the central area switched into HRS
that may be caused by a dragging of the Pt NPs during the scan.

Nevertheless, as threshold voltage values observed in current maps are
identical to those measured from IV curves, influence of Pt nano-
particles in RS may be considered negligible.

Redox based mechanisms, typically driven by the motion of oxygen
vacancies, are usually invoked to explain RS phenomena in TMOs
[5–9]. In correlated metals such as SIO, the variation of the con-
centration of oxygen vacancies can modify the valence of the sur-
rounding metal cations. Since the oxygen vacancies substitute an
oxygen position, the surrounding cations must adapt their valence to
compensate the charge variation. Therefore, new electrons would fill Ir
orbitals changing the Fermi level and electric properties [13]. To vi-
sualize this modification of Fermi level associated with the RS behavior,
KPFM measurements were performed in SIO-214 samples. Fig. 5(a)
depicts the CPD map measured by KPFM on a 50x50 μm2 area after
applying a sample voltage of +4.5 V on an inner 35x35 μm2 region, i.e.,
the same procedure used to perform the above current maps. As can be
seen, written region exhibits a decreased CPD. We have performed si-
milar experiments by varying the maximum applied voltage. Fig. 5(b)
shows the variation of CPD, Δ CPD, between the one measured in the
outer region (i.e., corresponding to the pristine state) and the CPD
measured in the square area (i.e., the written region), Δ
CPD = CPDwritten − CPDpristine, as a function of maximum applied
voltage. We may observe that no modification of CPD is observed until
the applied voltage attain the threshold value to switch the sample into
a LRS state, around 4.5 V, i.e., the same value as in I–V curves, see
Fig. 3(c). Once a LRS is achieved, a reduction of CPD can be measured.
As CPD corresponds to the difference between the work function of the
AFM tip and the sample, a decrease in CPD implies a higher work
function on the LRS state when compared to the pristine sample and
thus, the RS may be associated to a change in the electronic properties
at the sample surface. Finally, the write-erase cycling was completed by
applying a negative voltage of −6 V to a square region of 20 × 20 μm2.
Fig. 6(a) presents the CPD results of the complete cycle. We may see
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Fig. 4. C-AFM current map (a) and topography image (b) of a SIO-214 film.
Current map shows a 35 × 35 µm2 area set into the LRS state and an inner
20 × 20 µm2 square reset to the HRS state. Minor changes in the topography
associated with the writing-erasing process are noticed in (b).
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Fig. 5. (a) 50 × 50 μm2 CPD map measured in the SIO-214 thin film after
applying a voltage of 4.5 V to an inner square of 35 × 35 μm2 (i.e., writing into
LRS state). (b) Evolution of ΔCPD defined as the difference of the CPD measured
in the inner written area and the CPD measured at the pristine area,
ΔCPD = CPDwritten − CPDpristine as a function of applied voltage.
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HRS state) in a previously written sample as in Fig. 5. (b) CPD profile showing
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that the inner square is much brighter than any of the surroundings
areas, i.e., CPD is much higher in this HRS region. A quantification of
the values may be followed by the CPD profile presented in Fig. 6(b).
This result evidences that the erasing process bring the sample into a
HRS state that it is not electronically equivalent to the pristine one.

Combining the I–V curves and the KPFM results we may now ela-
borate a scenario for the RS behavior observed in SIO films. In general,
an external applied electric field will promote a redox reaction at the
film surface and, as a consequence, oxygen vacancies could be in-
corporated or removed from the film [50]. In hole-like systems as SIO-
214 [51,52], vacancies are considered as acceptors scavengers and they
decrease conductivity. The incorporation of oxygen anions into the
oxide matrix, removing the vacancies occurs then under positive vol-
tage (applied to sample) according to the following formula for SrIrO3:

+ ++ + + +Sr Ir O V e yO Sr Ir O2 1
2y Oy y

2 4
3
2

2
2 4

3
2

and, for Sr2IrO4

+ ++ + + +Sr Ir O V e yO Sr Ir O2 1
2

.y Oy y2
2 4

4
2

2 2
2 4

4
2

Then, the Fermi level would decrease, as observed in CPD maps,
while the hole density and the conductivity would increase and trans-
form the sample surface beneath the AFM tip into the LRS. By applying
negative voltage to the sample the system can be reversed into the HRS
with the following reaction taking place, for SrIrO3

+ ++ + + +Sr Ir O Sr Ir O V e yO2 1
2y Oy y

2 4
3
2 2 4

3
2

2

and, for Sr2IrO4

+ ++ + + +Sr Ir O Sr Ir O V e yO2 1
2

.y Oy y2
2 4

4
2

2
2 4

4
2

2

With these reactions, oxygen anions would be removed from the
matrix leaving vacancies behind that would reduce drastically the
number of holes and raise up the Fermi level, reducing this way the
conductivity, in agreement with I–V curves and CPD measurements.

4. Conclusions

The local transport properties of iridate based thin films of the
n = 1 phase, Sr2IrO4 and n = ∞ phase, SrIrO3 have been analyzed.
Macroscopic measurements of the film’s resistivity as a function of
temperature allow demonstrating that Sr2IrO4 films are insulating due
to the opening of a gap while SrIrO3 films are either semimetallic (for
thickness above 3 nm) or insulating (for thickness below 3 nm), being in
this case an Anderson type MIT, i.e., driven by disorder. On the other
hand, all the SIO films exhibit hysteretic I–V curves indicative of RS
behavior irrespective to their phase or thickness. Due to the particular
experimental setup used, the observed RS takes place at the interface
between the metal electrode (AFM tip) and the SIO film. Electric field
pulses promote oxygen vacancies migration trough the interface then,
to maintain electrical neutrality, a valence change of the cations nearby
takes place and therefore, a modification of the charge carriers’ density
and of the position of the Fermi level. However, the features of the RS
process are clearly different as a function of their initial conducting
state. In the case of Sr2IrO4 samples and for very thin samples of SrIrO3

(below 3 nm), where carriers’ localization occurs, it is observed the
existence of a well-defined voltage threshold value separating the low
and high resistance states. This threshold voltage is correlated with the
activation energy needed to bring the system into a conducting state. In
contrast, in thick SrIrO3 films with semimetallic behavior, (i.e., for
thickness above 3 nm) I–V curves present a continuous smooth varia-
tion of resistance, without a clear threshold voltage, making evident the
absence of an energy sharp transition separating high and low re-
sistance states. In this case, changes of resistance by applying voltage
pulses are simply associated to the variation of charge carriers’ density

due to the migration of oxygen vacancies. The electronic changes as-
sociated with the migration of oxygen vacancies during the electric
field pulses were monitored by KPFM and suggested that majority
carriers are holes. Current maps performed with voltage values above
the threshold value and of different polarity allow demonstrating the
writing/erasing processes in a large area of the sample surface.
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ABSTRACT: Local electrical properties, measured by conductive
atomic force microscopy, of semimetallic SrIrO3 thin films are
reported. The appearance of an Anderson-type metal−insulator
transition (MIT) triggered by disorder and spatial localization due to
film thickness reduction is analyzed as well as their influence on the
resistive switching behavior. For thin enough films (below ∼3 nm)
samples are insulating with hysteretic I−V curves indicative of
reversible resistive switching behavior between two states of clearly
different resistance at room temperature. A sharp transition into a low
resistance state (LRS), i.e., an abrupt increase of the current intensity,
is detected above a well-defined threshold voltage indicative of
localization of charge carriers. On the other hand, thicker samples
exhibit a semimetallic character, and I−V curves show progressive changes of the local resistance without a clearly defined
threshold voltage, thus evidencing the absence of a MIT transition with a well-defined resistance jump between the different
resistance states.

KEYWORDS: resistive switching, metal−insulator transition, SrIrO3, conductive atomic force microscopy, iridate thin films

■ INTRODUCTION

In the search for a new generation of faster and more energy
efficient electronic devices, the use of reversible resistive
switching (RS) phenomena has been proposed as a very
appealing solution for the development of nonvolatile memory
devices.1,2 RS is the change of resistance in a reversible manner
between two stable states of well-defined resistance by applying
voltage pulses. This bistable behavior between high- and low-
resistance states can be used as the core of a memory cell to
implement a resistive random access memory (Re-RAM). RS
behavior, typically observed in metal−insulator−metal (MIM)
structures, has been found in a variety of materials, including
transition metal oxides (TMOs), chalcogenides, and even
organic compounds, and diverse physical mechanisms, mostly
based on thermochemical or electrochemical effects, have been
invoked to account for the observed experimental behavior.3−7

In the case of TMOs one of the most common mechanisms to
induce RS is based on modifications of the doping rate by
valence change. The migration of oxygen vacancies, or metal
cations, under an electric field along defects, grain boundaries,
dislocations, and so on induces a valence change of the cations
nearby, and therefore a change of the doping rate that may
promote strong changes of the resistivity or even to trigger the
appearance of a metal-to-insulator transition (MIT).2,3,8−10

This process of ionic migration can also occur at the interface
between the metallic electrode and the active insulating oxide.8

Among TMOs exhibiting RS behavior, Mott insulators and

strongly correlated systems are of particular interest because
they can exhibit different types of MIT transitions, i.e., huge
changes of the electrical resistance, in response to a variety of
external stimuli, such as temperature, doping rate, or structural
strain.11 The close similarity between electronic correlations
and crystal field splitting energies in TMOs provides different
mechanism for tuning their electronic properties, and these
mechanisms can even be widened by making use of spin−orbit
coupling (SOC). In 3d TMOs SOC is not very relevant
because being proportional to Z4, where Z is the atomic
number of the element under consideration, is much smaller
than crystal field splitting and electronic correlations. However,
in the case of 5d elements, such as Ir, SOC reaches values of
about 0.5 eV.12−14 Thus, SOC becomes comparable to crystal
field and electronic correlations, giving place to novel physics
and exotic properties.15−17 In particular, the Ruddlesden−
Popper series of 5d strontium iridates (Srn+1IrnO3n+1) have
been investigated in the past years because of the strong
interplay between these three contributions. This interplay
may trigger different electronic states just by subtle structural
or chemical changes. For example, the perovskite-like n = ∞
phase (SrIrO3) presents a semimetallic ground state18 while on
the other extreme of the series, in the n = 1 phase (Sr2IrO4), a
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gap is opened at the Fermi level, leading the system into a
Mott insulator state.19

As mentioned above, the MIT can be modified by applying
different external perturbations, such as pressure20 or electric
field pulses as demonstrated for the n = 1 phase21 and in the n
= 2 phase.22 In the case of the perovskite n =∞ phase (SrIrO3,
hereafter denoted as SIO) thin films, it was reported that a
MIT can be triggered by tuning the compressive strain induced
by the substrate or by reducing the film thickness.23−27

Different studies indicate that the MIT induced in these cases
can be either of disorder driven Anderson type or unconven-
tional Mott−Anderson type in which disorder effects and
electronic correlations coexist.24 However, recent results in
high quality epitaxial thin films also show a concomitant
divergence of the magnetic susceptibility in very thin films
(four unit cells) that clearly points to the opening of a Mott
gap.28,29 Besides their fundamental relevance, the ability to
modify at wish the material resistivity by inducing a MIT is of
strong interest from the application point of view. Even though
the appearance of a MIT in SIO has been reported by different
groups23−27 and some results regarding RS effects in the n = 1
phase21,22 have been reported, reports regarding RS in the
interesting semimetallic n = ∞ phase are very scarce.
In this work we present a systematic study of RS behavior in

high quality SIO thin films prepared by RF sputtering on top of
(001)-STO substrates, through local I−V curve measurements
and current mapping, by using conductive atomic force
microscopy (C-AFM). Epitaxial SIO films show semimetallic
character, and the appearance of a MIT is triggered by the
reduction of film thickness. For film thickness below ∼3 nm an
Anderson-type MIT, i.e., induced by disorder, appears, and
resistance increases notoriously on lowering temperature. I−V
characteristic curves in thin samples exhibiting the MIT show
the typical hysteretic behavior associated with RS processes
with two well-defined resistance states. I−V curves show
directional RS depending on the polarity of the applied
voltage; thus, it can be classified as bipolar RS, with an abrupt
increase of the current for voltages above a threshold value of
around 2 V. Additionally, because of the particular features of
the experimental setup, the observed RS is of interface type in
which RS takes place at the interface between the metal
electrode and the SIO film. Electric field pulses promote
oxygen vacancies migration through the interface; then, to
maintain electrical neutrality, a valence change of the cations
nearby takes place and therefore a modification of the charge
carriers’ density and of the position of the Fermi level. A redox
mechanism based on the band structure of SIO is proposed to
account for the observed RS behavior. Current maps
performed with voltage values above the threshold value and
of different polarity allow demonstrating the writing/erasing
processes, making evident the feasibility of the system for the
implementation of Re-RAMs. On the other hand, in the case of
thicker films, initially in a semimetallic state, I−V curves
present a smooth variation of resistance, without a clear
threshold voltage, suggesting the absence of two well-defined
resistance states separated by an energy jump. In this case,
changes of resistance by applying voltage pulses are simply
associated with the variation of charge carriers’ density due to
the migration of oxygen vacancies.

■ EXPERIMENTAL DETAILS
SIO films were grown by RF magnetron sputtering on top of single
crystalline (001)-SrTiO3 (STO) substrates at 900 °C in an oxygen

atmosphere at 140 mTorr. STO substrates were treated before
deposition to obtain atomically flat surfaces of TiO2 terraces. The
treatment consisted in an ultrasound leaching in deionized water for
10 min followed by an annealing for 2 h at 1000 °C.30 SIO samples
with different thickness ranging between 2 and 26 nm were prepared.
X-ray reflectometry (Siemens D-5000 diffractometer) was used to
determine the thickness of SIO thick samples and to calibrate the
growth rate; then the thickness of the thinnest films was determined
by adjusting the deposition time.

X-ray measurements were also used to check phase purity and
epitaxial growth quality. For this purpose a high-resolution X-ray θ−
2θ scan of the (002) peak was performed by a using a PANalytical
X‘PERT PRO MRD system. Additionally, reciprocal space maps
(RSM) around the (−103) diffraction peak (pseudocubic notation)
were also recorded by using a Bruker D8-Discover diffractometer.

The temperature dependence of the resistivity was measured by
using a standard four-probe configuration in a PPMS system from
Quantum Design. Measurements were performed in 400 μm long ×
100 μm wide tracks patterned by UV lithography and physical
etching. The surface quality of the samples was studied by using
scanning electron microscopy (SEM) (QUANTA FEI 200 FEG-
ESEM). An MFP3D system from Asylum was used for the acquisition
of topographic images, I−V curves, and current maps. Atomic force
microscope (AFM) topography images were recorded in tapping
mode by using Sb-doped Si probes (NCHV-A from Bruker). The
surface roughness of the topographic images was calculated as a root
mean square (rms) of the height distribution of the sample surface. I−
V curves and current maps were measured at room temperature by
Conductive-AFM (C-AFM) by using doped diamond-coated probes
(DDESP-FM-V2 from Bruker), applying voltage to the sample while
the tip was grounded. I−V curves were taken on random positions of
the bare sample surfaces with a voltage sweep ranging between +5 and
−5 V in an ambient atmosphere. As it has been previously reported,
the surface of iridates is very sensitive to air exposure, and
measurements of surface properties lose reliability a few days after
deposition of the film.27,31 This intrinsic surface instability is very
challenging for C-AFM measurements, especially for performing
measurements with long exposure times as current maps. To perform
C-AFM maps, a noncontinuous layer of platinum nanoparticles was
deposited on top of the SIO film. More details on these measurements
may be found later and in the Supporting Information.

■ RESULTS

A high-resolution θ−2θ scan corresponding to a 21 nm thick
SIO film deposited on (001)-STO substrate is shown in Figure
1a. The epitaxial nature of the SIO film is clearly evidenced by
the figure. The (002) reflection peak corresponding to the
perovskite structure of the (n =∞) phase is shown. Apart from
the (00l) family, no additional peaks were found in the θ−2θ
scan, making evident the high purity of the n = ∞ phase in the

Figure 1. X-ray diffraction measurements of the SIO/STO thin films.
(a) High-resolution θ−2θ scan around (002) diffraction peaks. (b)
Reciprocal space map of the (−103) peaks showing full strained state
of the SIO films. For simplicity, all diffraction peaks are indexed in
pseudocubic notation.
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films. Moreover, satellite fringes can be clearly appreciated at
both sides of the SIO Bragg peak. These oscillations, arising
from the diffraction of the X-ray beam at film finite planes with
coherent thickness, are indicative of the high crystalline quality
of the films and of the parallel orientation respect to the
substrate. The peak position corresponds to an out-of-plane
lattice parameter of 4.056 Å; i.e., the SIO unit cell is slightly
elongated with respect to the reported bulk value (a0 = 3.943
Å).32 Such a value is in agreement with an elastic behavior
governed by the in-plane compressive strain imposed by the
smaller STO substrate (aSTO = 3.905 Å) as usually reported in
the literature.14,23−25 Figure 1b displays a reciprocal space map
around the (−103) reflection. It can be appreciated from the
figure that both the substrate and the film peaks are aligned at
the same in plane component (Q∥), confirming the fully
strained nature of the SIO film.
Surface morphology of SIO films, measured by AFM

immediately after the deposition, corresponding to a 2 nm
thick and a 26 nm thick samples are depicted in Figures 2a and

2b, respectively. Both samples show a flat topography with a
surface roughness rms below 0.2 nm. In the case of extremely
thin samples (rms typically below 0.12 nm) the underlying
terrace and steps structure of the STO substrate is replicated
on the SIO surface.
Electrical properties of SIO films are clearly thickness-

dependent. Figure 3a depicts the temperature dependence of
the sheet resistivity for a series of SIO films with thicknesses
ranging between 2 and 26 nm. Metallic behavior is observed
for film thickness down to ∼3 nm, in agreement with previous
results.23−27,33 However, as thickness decreases a progressive
upturn of the resistivity at low temperatures is detected. The
temperature at which the minimum in the resistivity is found
shifts up in temperature as thickness decreases, and the system
exhibits fully insulating behavior for the 2 nm thick sample,
thus locating the MIT transition between 3 and 2 nm, in good
agreement with previous reports.24 Discrepancies regarding the
actual thickness value at which the MIT takes place are usually
attributed to differences in the microstructural quality of the
samples.34 For sample thickness above 10 nm the high-
temperature behavior of the resistance is well described by the
expression ρ(T) = ρ0 + CT4/5 (see Figure 3b). The value
obtained for the residual resistivity, ρ0, is in all the samples
below the so-called Mott−Ioffe−Regel (MIR) limit35 (h/e2 ≈
26 kΩ). In the low-temperature regime, the resistivity shows a
T2 dependence down to the lowest temperature measured
(∼10 K) indicative of a Fermi liquid behavior (see the inset of
Figure 3b). This crossover from a non-Fermi liquid at high T

to a Fermi liquid behavior at low T is typically associated with
strongly correlated systems;36 thus, we should conclude that
thick SIO samples behave as a three-dimensional correlated
metal.

Figure 2. AFM topography images of two SIO thin films on STO with
thicknesses of (a) 2 nm and (b) 26 nm. Both films exhibit flat surfaces
with low roughness (rms below 0.2 nm). In the case of very thin film,
the underlying terraced structure is still observed.

Figure 3. Electric properties of the SIO/STO films. (a) Temperature
dependence of the sheet resistance in SIO films with thickness of 2
nm (orange), 3 nm (brown), 5 nm (green), 15 nm (blue), and 26 nm
(black). Inset: resistivity of films at 300 K. A change of behavior from
a semimetallic state to an insulating state when reducing thickness
below 3 nm is clearly observed. (b) Temperature dependence of the
resistivity of 15 nm thick SIO film vs T4/5. Inset: details of the low-
temperature regime to make evident the crossover to a Fermi liquid
behavior at low T. (c) Temperature dependence of the resistivity of
the 2 nm thick sample. The fittings using the Mott’s variable range
hopping (VRH) model, ln σ ∝ 1/T1/(d+1) (red line), at low T and the
Arrhenius equation for thermal activation conduction, ρ(T) =
ρ0e

(Δ/kBT), at high T (blue line) are indicated. Inset: details of the
low-temperature regime of the sheet conductivity of the 3 nm thick
sample showing the ln T dependence indicative of two-dimensional
weak localization.
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As the critical thickness corresponding to the MIT transition
is approached, the low-temperature upturn of the resistivity
shifts up to higher temperature and becomes more abrupt, as
typically observed when the MIT transition is approached from
the metallic side. In the case of the 3 nm thick sample a notable
upturn of the resistivity is observed below about 60 K, and the
low-temperature regime is well described by a characteristic ln
T dependence of the sheet conductance, indicative of two-
dimensional weak localization (see the inset of Figure 3c).37

Once the film thickness is reduced below 3 nm, the transport
properties change abruptly. The resistance of the 2 nm thick
film presents a typical insulating dependence with dρ/dT < 0
in the whole temperature range. Clues of this transition can
also be observed in the inset of Figure 3a, where the resistivity
at 300 K is almost constant for the films with thickness
between 3 and 26 nm but sharply increases for the 2 nm thick
sample.
To clarify the nature of the MIT induced by reducing the

film thickness, we have carefully analyzed the temperature
dependence of the resistivity of the fully insulating 2 nm thick
sample.38 The low-temperature resistance upturn is well
described by using the Mott’s variable range hopping (VRH)
model: ln σ ∝ 1/T1/(d+1), with σ being the conductivity and d
the dimension.39 As can be appreciated in Figure 3c, the VRH
model with d = 2 fits experimental data almost perfectly up to
about 40−45 K, while the high-temperature range is properly
described by using the Arrhenius equation for thermal
activation conduction ρ(T) = ρ0e

(Δ/kBT)), with Δ being an
activation energy (a value of Δ ∼ 6 meV was obtained from
the fit) and kB the Boltzmann’s constant (see Figure 3c).
Therefore, from the analysis of the R(T) curves we can
conclude that the MIT induced in SIO films by reducing the
thickness is of Anderson localization type due to disorder, in
good agreement with previous reports.24,26

The possibility of inducing an Anderson-type MIT by
reducing film thickness suggests that resistivity of SIO thin
films may be sensitive to different stimuli, especially for a
thickness close to the critical one; therefore, it may be a good
alternative for obtaining a strong RS response and thus of
interest for the implementation of RS devices. For this
purpose, we have approached the study of local I−V curves
measured at room temperature by C-AFM of SIO thin films.
To illustrate our findings, we present in Figure 4 details (below
100 nA) of the I−V curves on samples at both extremes of the
thickness series (i.e., 2 and 26 nm). Results at intermediate
thickness (5 nm) as well as the full IV curves may be found in
the Supporting Information. In all cases hysteretic I−V curves
are observed indicative of RS behavior. An anticlockwise
behavior, where a positive sample voltage induces the low-
resistance state (LRS) and a negative sample voltage induces
the high-resistance state (HRS), is found. I−V curves were
measured by applying a voltage sweep between +5 and −5 V
with no current limitation. Figure 4a displays the I−V curves
corresponding to the 2 nm thick film. As it can be seen, the
current intensity remains constant and near zero until the
threshold voltage value of about 2 V is reached, at which a
sudden increase of the current takes place (indicated by arrow
1 in the figure). After reaching +5 V, the sample remains in the
LRS returning to 0 V through the superior limit of the graph
along the path denoted by arrow 2. In the negative voltage
range, the I−V curve starts at the LRS, and the current is
continuously increasing for voltages up to −5 V (trajectory
marked by arrow 3). Upon reaching this voltage, the I−V curve

returns to the HRS along the path indicated by arrow 4. Figure
4b depicts I−V curves corresponding to the 26 nm thick
sample. In this latter case resistance changes in a continuous
way, and no well-defined resistance states separated by a clear
voltage threshold are observed. The similarity of the measured
I−V curves in both samples suggests that the mechanism
behind the observed variations of resistance is the same in both
cases. However, the absence of a clear voltage threshold in the
case of the thick sample suggests the absence of a well-defined
energy transition separating the LRS and HRS.
A deeper insight into the RS process in SIO samples may be

obtained by performing current maps over extended areas in
both HRS and LRS states. Nevertheless, the significant
statistical gain has the drawback that measurements are more
aggressive and time-consuming than the local I−V curves.
Performing a C-AFM map implies to move the AFM tip back
and forth several times in the same area of the sample. The
continuous scanning deteriorates the electrical tip−sample
contact after a few cycles. This well-known drawback in C-
AFM analysis of RS phenomena is usually attributed to tip
contamination.40 Experimentally, we have observed that
capping of the SIO film surface with a noncontinuous layer
of Pt nanoparticles (NPs) is useful to perform the C-AFM

Figure 4. C-AFM I−V curve details in fresh SIO samples: (a) 2 nm
thick film; (b) 26 nm thick film. The different colors of the curves
represent the different consecutive voltage cycles between +5 and −5
V. The different arrows indicate the direction of the curves and their
current resistance state (HRS: black; LRS: red).
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maps. This beneficial effect of the Pt NPs avoids degradation of
the tip−sample electrical contact either by reducing the
degradation of film surface or by enhancing tip lifetime since
brushing with Pt nanoparticles reduces tip contamination.
Thus, current maps were performed in 26 nm films with their
surface partially covered with platinum NPs (see further details
in the Supporting Information). Figure 5a presents a 50 × 50

μm2 current map measured at low voltage (0.2 V) and 570 nN
of normal load after the scanning of the central 35 × 35 μm2

area at the negative bias voltage (−5 V) applied to the sample.
A clear reduction of the conductivity can be observed in a
central square (dark area) that corresponds to the established
HRS. In contrast, the surrounded brighter area shows a higher
current and corresponds to the pristine state. Figure 5b shows
the topography image of the same zone measured simulta-
neously; no changes in the topography of the area switched
into HRS are appreciated. Figure 5c shows a current map of
the same zone measured after the scanning of the central 20 ×
20 μm2 area at +3 V applied to the sample. Now three different
states can be observed: the pristine state at the outer parts of
the current map, the HRS represented as a darker square ring,
and finally the LRS depicted by a central bright square. Similar
to the I−V curves in Figure 4, HRS was induced by negative
sample voltage (−5 V), and it can be reversed to LRS by
scanning at positive sample voltage (+3 V). The associated
topography measurement is also shown in Figure 5d. Some
minor topography changes are detected in the central area
switched into LRS. They are represented by a slightly darker
contrast, indicating a local decrease of the film height, which, in
principle, could be caused by the removal of the Pt NPs or by a
local compression of the film. Nevertheless, since accumu-

lations of NPs were not observed along outer rims of the
scanning area, and the current intensity in this central zone
even increases, NPs removal should be discarded as a possible
explanation of the observed changes of the film’s topography.
On the other hand, because of the difficulties to reset the zone
into LRS, a higher normal load (1140 nN) was applied during
the scanning performed at +3 V. This increment in the normal
load of the AFM tip may well be responsible for the observed
local film compression.
Even with the increase of the normal load in the positive

voltage scan, the switching into LRS was more difficult to
achieve than the switching into HRS. One possible reason for
this behavior is the occurrence of undesired reactions at the
sample surface for high enough positive voltages due to local
anodic oxidation,38 decreasing the stability of the current
measurements. To avoid these reactions, the sample voltage
used to reset the surface into the LRS was decreased to a value
of +3 V (instead of +5 V). This reduction in the reset voltage is
probably the main reason for the less pronounced and stable
switching into LRS displayed in Figure 5c.

■ DISCUSSION
There is a large diversity of mechanisms proposed to explain
RS phenomena.3−7 In the particular case of TMOs, redox-
based mechanisms, driven by the motion of cations (coming
from the electrodes) or defects such as oxygen vacancies, have
attracted much attention.2,3,9 Two different categories can be
distinguished: filamentary RS, consisting in the creation of
filament of cations or vacancies in a TMO film sandwiched
between two electrodes,1 and interface RS, in which this
process of ionic migration occurs at the interface between the
metallic electrode and the active insulating oxide.8 Because of
the in-plane geometry used in this study for the I−V
measurements (the current path goes from AFM tip, through
the sample surface, and finally to a metal contact placed on the
sample surface), only interface RS should be considered.
In correlated metals such as SIO, the variation on the

concentration of oxygen vacancies can modify the valence of
the surrounding metal cations. Because the oxygen vacancies
substitute an oxygen position, the surrounding cations must
adapt their valence to compensate for the charge variation.
Therefore, new electrons would fill Ir orbitals changing the
Fermi level and electric properties.11 Depending on the type of
majority charge carriers, this valence change will result in an
increase (decrease) of the resistivity in the case of holes
(electrons).2 It is worth noting that the nature of the majority
charge carriers in SIO thin films is not clearly established yet.
As a semimetal, SIO is expected to have a conduction
mechanism that involves both electrons and holes.19,27

Nevertheless, small differences in the charge carrier density
could be critical for the RS mechanism. Recent results based
on magnetotransport and thermoelectric measurements
suggest that electrons and holes have similar densities and
mobilities.27 However, given the small unbalance between
them27 and the degree of disorder present in our films
(considering the appearance of Anderson localization), it
seems reasonable to consider that both electrons and holes
could be the majority charge carriers in SIO films. Therefore,
two similar mechanisms are proposed to explain the observed
RS behavior in SIO films.
If electrons are considered the majority charge carriers, the

change in the oxygen vacancies’ concentration would be driven
by their internal migration within a film induced by an

Figure 5. C-AFM current maps (a, c) and topography images (b, d)
of a 26 nm SIO/STO sample with Pt NPs on the top obtained
simultaneously. (a) Current map showing a 35 × 35 μm2 zone set into
the HRS. (b) Topography of the same zone showing no changes in
the surface topography. (c) Current map of the same zone after
resetting a 20 × 20 μm2 zone to the LRS. (d) Topography image of
the same zone, where minor changes in the topography can be
noticed in the switched area.
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externally applied electric field.41 When a positive voltage is
applied to the sample (negative voltage to AFM tip), oxygen
vacancies would migrate toward the AFM tip, thus increasing
the Fermi level. The subsequent rise of the electron
concentration at the tip−sample interface would decrease the
contact resistance and therefore transform the sample surface
into the LRS. On the other hand, negative sample voltage
(positive voltage at the AFM tip) would act reversely, expelling
the vacancies from the tip−sample interface and thus
decreasing the electron concentration and conductivity of the
sample surface and leading it to HRS. Alternatively, if holes are
considered the majority charge carriers, oxygen vacancies could
be incorporated or removed from the interface by a redox
reaction at the film surface triggered by an externally applied
electric field.42 Contrary to the previous case, vacancies
decrease the conductivity in hole-like systems since they are
considered as acceptors scavengers. Positive voltage applied to
sample would cause the reduction of the atmosphere’s oxygen
and the incorporation of oxygen anions into the oxide matrix,
removing the vacancies from the interface according to eq 1.

+ + →+ +
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− + + −ySr Ir O V 2e
1
2

O Sr Ir Oy y y
2 4
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O 2
2 4

3
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Then, the Fermi level would decrease, while the hole density
and the conductivity would increase and transform the sample
surface beneath the AFM tip into the LRS. The system can be
reversed into the HRS by applying negative voltage to the
sample. In this case, the following oxidation reaction takes
place:
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With this reaction oxygen anions would be removed from the
matrix, leaving vacancies behind. These vacancies would
reduce drastically the number of holes and raise up the
Fermi level, reducing this way the conductivity. Although both
films seem to follow the same mechanism for the changes of
resistance, the two set of I−V curves present notable
differences. Figure 4b, corresponding to the 26 nm thick
sample, shows smoothly rising I−V curves for the positive
voltage range from 0 V to the saturation of the current
detector. On the other hand, Figure 4a, corresponding to the 2
nm thick film, which has undergone MIT, shows an almost
zero current up to a clear voltage threshold value of about 2 V,
when an abrupt increase of the current intensity occurs. This
different behavior is closely related to the differences in the
band structures of the films that are induced by the MIT. On
one hand, it is reported that thick SIO films (such as the
employed 26 nm thick one) behave as a semimetal with
electrons and holes having similar densities.18,19,27 On the
other hand, even though the band structure of very thin films
(such as the 2 nm thick one) has not been measured so far,
thickness reduction may trigger the appearance of an
Anderson-type MIT transition with strong carriers’ local-
ization.24,26 Furthermore, the aperture of a Mott gap in
ultrathin SIO films has been recently documented.28 With this
picture in mind, the behavior of a thick SIO film (26 nm)
reflects changes of resistance in a system with continuous
energy levels having thus a smooth increase of the current.
Moreover, the shift of the Fermi level would bring the system
into a state with higher density of states, finally giving higher
conductivity and setting it into the LRS. On the other hand, in

the case of the very thin film (2 nm), as long as the Fermi
energy lies inside localized states, charge carrier’s mobility is
seriously hampered or even suppressed, and the current would
be almost zero. Nevertheless, when the Fermi level crosses the
mobility edge, an energy transition between localized and
extended states takes place; for high enough positive voltage,
an abrupt increase of the current would be observed, and
obviously the system would be switched in the LRS with a
higher conductivity.

■ CONCLUSIONS

The local transport properties of SrIrO3 thin films prepared by
RF sputtering on top of the (001)-SrTiO3 substrates have been
analyzed as a function of the film’s thickness. Macroscopic
measurements of the film’s resistivity as a function of
temperature allow demonstrating that an Anderson-type MIT
transition can be induced, triggered by thickness reduction,
below ∼3 nm. On the other hand, SIO films exhibit hysteretic
I−V curves indicative of RS behavior irrespective to their
thickness. I−V curves show directional RS depending on the
polarity of the applied voltage; thus, it can be classified as
bipolar RS. Additionally, because of the particular experimental
setup used, it is concluded that the observed RS is of interface
type in which RS takes place at the interface between the metal
electrode (AFM tip) and the SIO film. Electric field pulses
promote oxygen vacancies migration through the interface;
then, to maintain electrical neutrality, a valence change of the
cations nearby takes place and therefore a modification of the
charge carriers’ density and of the position of the Fermi level.
However, the features of the RS process are clearly different in
the case of very thin samples (below 3 nm), where the
appearance of the MIT, with the concomitant carriers’
localization, is reflected in the existence of a well-defined
voltage threshold value separating the low- and high-resistance
states. In contrast, in thicker films with semimetallic behavior
I−V curves present a continuous smooth variation of
resistance, without a clear threshold voltage, making evident
the absence of an energy sharp transition separating high- and
low-resistance states. In this case, changes of resistance by
applying voltage pulses are simply associated with the variation
of charge carriers’ density due to the migration of oxygen
vacancies. In spite of the different behaviors, the same
mechanisms involving oxygen vacancies are claimed to explain
the observed results irrespective of the nature of the majority
charge carriers, electrons or holes. Current maps performed
with voltage values above the threshold value and of different
polarity allow demonstrating the writing/erasing processes,
making evident the feasibility of the system for the
implementation of Re-RAMs.
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(29) Schütz, P.; Di Sante, D.; Dudy, L.; Gabel, J.; Stübinger, M.;
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Knowing the interactions controlling aggregation processes in magnetic nanoparticles is of strong interest

in preventing or promoting nanoparticles’ aggregation at wish for different applications. Dipolar magnetic

interactions, proportional to the particle volume, are identified as the key driving force behind the for-

mation of macroscopic aggregates for particle sizes above about 20 nm. However, aggregates’ shape and

size are also strongly influenced by topological ordering. 1-D macroscopic chains of several micrometer

lengths are obtained with cube-shaped magnetic nanoparticles prepared by the gas-aggregation tech-

nique. Using an analytical model and molecular dynamics simulations, the energy landscape of interacting

cube-shaped magnetic nanoparticles is analysed revealing unintuitive dependence of the force acting on

particles with the displacement and explaining pathways leading to their assembly into long linear chains.

The mechanical behaviour and magnetic structure of the chains are studied by a combination of atomic

and magnetic force measurements, and computer simulation. The results demonstrate that [111] mag-

netic anisotropy of the cube-shaped nanoparticles strongly influences chain assembly features.

1 Introduction

Magnetic nanoparticles (NPs), nanocomposites, and artificial
array materials hold a special place in many areas of techno-
logy, not only because of their distinct properties, resulting
from their discrete nature and high surface to volume ratios,
but also because they can be used as functional building
blocks for the design and development of new devices.1–4

Nowadays, different technological fields, such as catalysis,5,6

storage devices,7,8 or biomedicine,9 have gained strong indus-
trial and economical relevance boosting research activities in
these areas. Each of these applications has different require-
ments regarding shape, size and degree of particles’ aggrega-
tion, and therefore, knowing the interactions controlling aggre-
gation processes is of strong interest for preventing or promot-

ing nanoparticles’ aggregation at wish for different appli-
cations. The growing activity in this field has also stimulated
the development of methods for the production of NPs and
clusters with precise control of size, shape, and composition.
In this regard, gas aggregation sources,10–12 which allow
obtaining core/shell structured nanoparticles6,10 easily, were
recently modified to achieve also high production rates13 as in
the case of wet chemistry synthesis techniques. Nevertheless,
these latter methods have limitations in terms of the simplicity
of the process, typically involving several processing steps,
surface contamination and size distribution. In contrast, gas-
phase techniques, operating in a controlled atmosphere,
present a way for the fabrication and manipulation of mag-
netic particles with well-defined composition and a narrow
size distribution. Fabrication of magnetic NPs with cuboidal
geometry is of particular interest due to their higher surface to
volume ratios, high packing density, and high surface
adhesion due to atomically flat touching faces. These features
are of high interest for applications in fields as diverse as cata-
lysis,5 high-density magnetic storage devices,8 or tailored
superlattices.14,15 In addition, single domain magnetic con-
figurations are mandatory for applications requiring hard mag-
netic behaviour, such as hard disk drives7 or permanent
magnets.16 The magnetic configuration of constitutive single
domain elements in these applications is not determined
solely by the magnetic material bulk properties (Fe, Co, etc.).
Gatel et al.17 theoretically and experimentally analysed the
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C9NR02314C
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magnetic configuration dependence on iron cube size. They
showed a surprising transition between single-domain [001]
and [111] (vortex) states with an increasing dimension of iron
nanocubes from 25 to 27 nm. In turn, magnetic anisotropy
changes the way particles assemble.18–22 In consequence, for
sub-25 nm magnetic NPs in suspension, the dominant inter-
action changes from anisotropic, long-range, and oriented
dipole–dipole coupling to the van der Waals short-range
surface coupling.23,24 The potential of magnetic nanocubes to
form mesoscopic structures with different geometries is enor-
mous.25 For example, at an air–liquid interface, large mono-
layers assembled by 9 nm magnetic cubes were created,14,26

whereas, in the same study, 13 nm NPs formed helices in the
presence of a magnetic field.14

Here, we report on the spontaneous self-assembly of mag-
netic nanoparticles into macroscopic chains. We show that
dipolar interactions, proportional to the particle volume, are
the key driving force behind the formation of macroscopic
aggregates for particle sizes above about 20 nm; however,
aggregates’ shape and size are strongly influenced by topologi-
cal ordering. 1-D macroscopic chains of several μm lengths are
obtained with 25 nm magnetic iron/iron-oxide cube-shaped
magnetic nanoparticles fabricated by using a modified gas-
aggregation technique, which allows particles to assemble in
flight without the influence of the medium. Self-assembled
chains represent an excellent paradigmatic system to explore
the self-assembly process of individual particles and a unique
model system to study the behaviour of complex agglomerates
without dumping of the medium (i.e., only conservative inter-
particle forces are present) at the nano- and mesoscale ranges.
Since magnetic cores and shells may have different magnetic
anisotropies, a detailed characterisation of the NPs is required
for understanding the magnetic structure of the nanocubes.
We have used an exact analytical theory to predict the energeti-
cally favourable configurations. Our results reveal a complex
energy landscape leading to non-intuitive force distance
characteristics. Then, to validate the developed model, a series
of magnetic and atomic force microscopy measurements and
computer simulations were performed. Applying both tech-
niques simultaneously, the processes governing self-assembly
of magnetic cubes into single-stranded chains are unveiled.

2 Methods
2.1 Experiment

Arrays of core/shell NPs (see Fig. 1) were prepared in a home-
built cluster source connected to a vacuum system with base
pressure in the low 10−6 Torr. More details on the synthesis
procedure are given in ESI.† A 1 inch diameter DC magnetron
with a Fe target (99.95% purity) was operated typically at 50
W. During deposition, the flux of argon was fixed at 80 sccm,
and the measured pressures were in the low 10−3 Torr. Si
wafers were used as substrates, except for the samples aimed
for transmission electron microscopy (TEM) imaging that were
deposited on carbon-coated grids.

The particle-size characterisation was determined by scan-
ning electron microscopy (SEM) using a QUANTA FEI 200
FEG-ESEM microscope. TEM, HRTEM and scanning TEM
(STEM) in the high angle annular dark field (HAADF) mode
were used to study the crystallinity, morphology, size, and dis-
persion of the samples. TEM images were obtained using a
JEOL JEM 1210 transmission electron microscope operating at
120 kV. HRTEM and STEM images were acquired in a FEI
Tecnai F20 microscope operating at 200 kV. Digital diffraction
patterns (DDP) of power spectra were obtained from selected
regions in the micrographs. No electron-beam-induced
changes were observed in any of the analyzed particles.27

Energy dispersive X-ray (EDS) spectra were acquired using an
EDAX super ultrathin window (SUTW) X-ray detector.

Micro-Raman spectra were obtained by using a Jobin–Yvon
T64000 monochromator with a liquid nitrogen cooled charge-
coupled detector. The excitation light was a 514.5 nm line
from an Ar-ion laser. The incident and scattered beams were
focused by an Olympus microscope using a ×50 objective to
give a spot size of ca. 2 μm. Unpolarised Raman spectra were
measured due to the polycrystalline nature of the samples.

MFM measurements were performed with an MFP-3D
Asylum Research microscope using ASYMFM-HC probes with
CoPt/FePt (30 nm) coating. In MFM the phase shift near the
cantilever resonance was used to map stray fields by measur-
ing in the amplitude modulation AFM (AM-AFM) mode and
keeping the cantilever at a constant height (57 nm) from the
surface. Variable field module (VFM2) from Asylum Research,

Fig. 1 Magnetic assembly of nanocubes in a single strand. (a) SEM and (b) TEM images of the micrometre long single-stranded core/shell iron NP
chain. (c) TEM image of a chain segment.
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which was a special holder with a rotating permanent magnet,
was used to apply a magnetic field of up to 1 T in the in-plane
direction.

2.2 Analytical theory and molecular dynamics simulations

We combine two modelling techniques to extract information
on the mechanical response of a free-standing chain: (i) We
utilise an exact analytical model to obtain a stray magnetic
field from a single cubic magnetic domain and calculate the
interaction energy of the two cubes,28 as shown in Fig. 3. (ii)
The mechanical properties of the magnetic chains are explored
using cubes consisting of elements as suggested by John et al.
(coarse-grained cube structure) and Zhang et al. (magnetic
dipole approximation).24,29–31 Analytical calculations for uni-
formly magnetised cubes and simulations assumed mono-
disperse perfect cubes. Two systems were considered: one with
magnetisation orientated in the [001] crystallographic direc-
tion, and the other with magnetisation along the [111]
direction.

The John et al.29 and Zhang et al.30 models are modified in
two ways: first, instead of only one central dipole, 9 were used
(cf. illustration in Fig. S5†). In this way, we have reproduced
the potential energy profile of the two cubes calculated analyti-
cally (see comparison in Fig. S6†). Also, additional dipoles take
into account the interaction of the touching corners of the
cubes, which is important for the stability of the chain under
extension (see ESI Movies†). If we analyse a case of extreme
extension, the magnetic energy of two [111] magnetised cubes
with aligned magnetisation touching on the corner,
which comes from the two adjacent corner cubes
ðradius ð2� ffiffiffi

3
p Þd=2 � 0:133dÞ, is two times larger than the

energy stemming from the interaction between the central
cubes (radius d/2), i.e., ucorner=ucentral ¼ 54� 30

ffiffiffi

3
p � 2. And

second, an additional 24 spheres were placed inside of the
cube edges in order to make a smooth surface and avoid
pinning during mechanical manipulation. The geometrical
contact between two cubes is simulated using the WCA poten-
tial for the spheres (truncated and shifted Lennard-Jones
potential, elsewhere called also soft-sphere model) (see ESI).†

We study the mechanical behaviour of the model system by
means of molecular dynamics computer simulations: the
cubes are represented by the WCA potential and carry nine-
point dipoles as described in Fig. S5.† This model was the
basis for zero temperature molecular dynamics simulation.
The simulations of the breaking of the chains were performed
by different forces exerted on the chain ends. Molecular
dynamics was used to study mechanical manipulation of the
free-standing chain composed of magnetic cubes. The total
force was the conservative force of inter-particle interactions,
i.e., contact WCA potential of 33 (overlapping) spheres and 9
dipoles. The dipolar interactions were treated with cut-off at
rcut/d = 8 (cf. ref. 24), and a non-periodic simulation box was
used. The constituent spheres within the cube were moved as
rigid body data structures in every time step. The rotational
degrees of freedom are also governed by the equations of
motion for torque and angular velocity of the spheres. The

total force and torque on each cluster representing one cube
are computed as the sum of the forces and torques on its con-
stituent particles at each time step. The dipole orientation is
accordingly rotated with the cube as a single entity. The
rotation was implemented by creating internal data structures
for each rigid body and performing time integration on these
data structures.32,33 The mass of the cuboid corresponded to a
25 nm iron cube and was distributed over constitutive dipolar
particles. MD step was t = 4 ps and the total length of the MD
simulation 400 ns.

3 Arrays of core/shell iron nanocubes
and their magnetic properties
3.1 One-step synthesis by gas-aggregation and magnetron
sputtering

NPs used in this work were prepared by a combination of mag-
netron sputtering and gas-aggregation techniques.6,10

Sputtered Fe atoms are cooled down in the cluster source and
then aggregate by collisions with flowing Ar gas at room temp-
erature (see Fig. S1† for a schematic of the cluster gun setup in
ESI†). Differential pumping drags the clusters through a small
nozzle into the deposition chamber. The gas is flowing
through the 3 mm slit at the rate of 80 cm3 min−1, i.e., with a
speed 0.14 m s−1. The kinetic energy of the particle due to the
surrounding gas flow is around 10 meV. Clusters are therefore
softly deposited onto a sample holder at room temperature,
thus retaining their original shape.6 Mean NP size can be con-
trolled by careful selection of the deposition conditions (sput-
tering power, travelling distances, chamber pressure, and Ar
gas flow rates).10 The travel distance affects the size of the par-
ticles. Actually, the smaller travelling distance results in
reduced particle size as observed in ESI.† The particles under
12 nm have a hollow magnetite shell structure (cf. Fig. 2a and
ESI).† This appears as a consequence of the Kirkendall effect,
i.e., somewhat faster diffusion of iron towards the shell than
oxygen atoms inwards. As a result, iron from the centre of the
cluster diffuses towards the oxygen-rich shell leaving a void
space inside the cube. We should note that in any case,
natural oxidation makes it difficult to stabilise pure iron NPs
after preparation.34 Previous reports showed that an oxygen-
rich atmosphere in the deposition chamber during processing
leads to the formation of Fe/Fe oxide clusters.35 In our case,
the oxygen partial pressure (medium-vacuum conditions) in
addition to the Ar atmosphere warrants reactive sputtering;
thus, a chemical reaction occurs leading to the formation of
iron oxide shells before clusters are deposited on the
substrate.

In the present work, for a 5 cm travel distance, a large
number of shell only particles were obtained with an average
particle size of about 8 nm. Meanwhile, for an 8 cm travel dis-
tance, an increase of the average particle size to 15 nm is
observed at the expense of the number of generated particles
(see Fig. S2).† In addition, particles produced in the latter case
were mainly of a core/shell structure (see Fig. 2a). Further
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increase of the travel distance resulted in a small increase in
the particle size: for a 11 cm travel distance, the average size
was 16 nm, while for 13 cm, the average size was 17 nm. When
the oxidation process is dominated by the Cabrera–Mott-like
mechanism, initial oxidation rapidly develops a 4 nm-thick
oxide shell around the Fe core. A similar effect has been
observed in the synthesis of iron core/shell cubes from solu-
tion,36 where a partial oxidation promoted the formation of
core/shell nanostructures with an iron core trapped inside the
oxide shell. Following this procedure, single crystalline iron
NPs covered by a crystalline Fe3O4 shell can be fabricated. For
small enough NPs, i.e. below about 9–10 nm, the Cabrera–
Mott like oxidation mechanism produces hollows. In contrast,
for particles above 12 nm, a core/shell structure is obtained
(see Fig. S3).† This evolution can be clearly observed in Fig. 2a.
To promote spontaneous self-assembly, stronger interactions

between core/shell magnetic cubes are required, i.e., a strongly
magnetised iron core is necessary. Therefore, nanocube
dimensions should be larger than 12 nm in order to have a
core/shell structure with a strongly magnetised core.

3.2 Composition of magnetic cubes

A detailed characterization of the chemical composition of the
NPs is required in order to understand the magnetic structure
of the cubes, due to the different magnetic anisotropies of the
core and shell parts. The synthesis of single crystalline iron
NPs, ideally covered by a crystalline Fe3O4 (magnetite) shell,
has been proposed as a promising way to improve chemical
stability and preserve a substantial iron core.37,38 Pure iron
NPs are unstable when brought to ambient conditions trans-
forming into iron/iron-oxide core/shell structured NPs.

A high-resolution Z-contrast TEM image is shown in
Fig. 2b. A well-defined square shape of the particle with a
sharply defined 4 nm shell can be appreciated. The reflections
of the power spectrum pattern (see Fig. 2c and d) obtained by
TEM can be indexed using the corresponding reflections of
cubic Fe for the core and the spinel structure for the shell.
Since TEM and electron diffraction techniques cannot dis-
tinguish between the different oxide phases, Raman spec-
troscopy was used to identify them. Different bands in the
Raman spectrum correspond to specific frequency vibration
modes, allowing distinguishing different oxide phases. In par-
ticular, maghemite differs from magnetite because it contains
no divalent iron species. Due to the fact that the ionic radius
of Fe(II) is larger than that of Fe(III), Fe(II)–O bonds are longer
and weaker than Fe(III)–O bonds; this shifts up the vibration
frequency in the Raman spectrum, and hence, Raman analysis
allows distinguishing between these two phases. In the Raman
spectrum displayed in Fig. 2e, the main band centred at
668 cm−1 and the weaker peaks at ca. 539 and 317 cm−1 have
been assigned to A1g, T2g, and Eg vibrational modes of magne-
tite, respectively.39 EDX line profile analysis of one single par-
ticle shows the absence of oxygen at the core and the progress-
ive increase at the surface (Fig. 2f), thus giving further support
for the idea of core/shell nanostructures of Fe/Fe3O4.

3.3 Self-assembled chains of magnetic cubes

The NPs are synthesised with different sizes and directly de-
posited on various substrates in a controlled atmosphere. The
presence of pure metallic iron is important since it promotes
higher magnetisation value and, therefore, better functionality
compared to iron–nickel alloys or iron-oxide particles. Far
from “being weak”, dipolar magnetism plays a leading role in
stabilising the structural order in the arrangements of NPs in
one dimensional structures. During assembly into chains, the
particles move and self-assemble in flight without the influ-
ence of the medium. Previously, dipolar chains were associated
with ground states of [001] magnetic easy axis, whereas those
with [111] oriented magnetic easy axis were expected to adopt
square lattice structures, i.e., to form clusters.14,19,26

Mehdizadeh Taheri et al.26 reported magnetic chains of iron
cubes with a core/shell structure featuring fully touching faces

Fig. 2 Shell size as a function of the NP grain size obtained from
different TEM images (a). Below 12 nm, the NPs show a hollow structure;
above this size, they show a core/shell configuration. Lines are a guide
to the eyes. High-resolution Z-contrast TEM image of a Fe/Fe oxide
core/shell NP (b). The large areas marked by the full lines are used for
the identification of (c) the Fe core and (d) the Fe oxide shell. (e) Raman
spectrum confirming the presence of Fe3O4 in the shell. (f ) EDX line
profile analysis of one single NP making evident the core/shell structure.
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of the cubes and synthesised at 0.02 vol% concentration. The
chains reported here are created in a controllable way in an
even more diluted system.

The magnetic dipolar attraction of particles above 25 nm is
strong enough to form long single stranded chains, while for
particles less than 25 nm, only individual particles and clus-
ters are detected (see Fig. 1). Individual particles are not
observed, which implies that the growth of chains is com-
pleted before being deposited on the substrate. Therefore, the
substrate does not influence chain formation. The emergence
of chains is actually driven by interplay of the geometrical
contact between two cubes and the magnetic dipolar inter-
action. It is worth mentioning that both contact and dipolar
interaction are anisotropic. The nanometer-sized iron cubes
display a fixed and permanent magnetic dipole moment that
is strong enough to form single strand chains.

The chain morphology provides an insight into the particle
magnetic anisotropy. The magnetic moment of magnetically
anisotropic materials tends to align with an easy axis, which is
an energetically favourable direction of spontaneous magneti-
sation. Actually, the direction of the easy axis of the magnetic
cube can be controlled by the core to shell ratio. There are
indeed two possible magnetic easy axes: one governed by the
magnetite shell lying in the [111] direction and the other gov-
erned by the iron core along the [001] direction.17,37,40 Since
hollow, i.e., magnetite shell-only, cubes have dimensions
below 12 nm, dipolar interactions are small and therefore no
chains are formed along the [111] orientation. It is evident
that the direction of the net magnetic orientation relative to
the cube geometry changes the structure of the observed
chains (see Fig. 3a and b). For chains of nanocubes, the assem-
bly mechanism drives the particles to adopt structures that
create a head–tail configuration, very much like chains of mag-
netic beads. In the case of [001] direction, this leads to deep
central minimum of magnetic potential energy with respect to
the lateral movement of the magnetic particles and conse-
quently to quite stiff configuration (cf., ESI Movie 1†). On the
contrary, when the magnetisation is along the principal axis,
i.e., [111] direction, the structure becomes more flexible (cf.,
ESI Movie 2†). The configuration with minimal energy has a
zig-zag dipole vector placement (cf., the top left panel where
particles are placed in face-to-face configuration in Fig. 3b) of
the magnetic cubes, and the system can extend to a head–tail
configuration by relative rotation of the cubes (cf., also ref. 24).
The relative rotation is taking place along the bottom of the
circular valley shown in Fig. 3b. The valley is denoted as a
white circle and is tilted towards the centre of mass (c.m.) of
the bottom particle. The highest point of the valley is when
the c.m. of the upper particle is above the edge corner of the
particle below. This corresponds to head–tail placement of the
dipoles. Head–tail configuration of dipoles shows about a 20%
energy increase along the valley. At the minimum energy point
(zig-zag configuration), the distance between their centres of
mass Δr2 is equal to the cube size Δr2 = d. At the furthest
point of the circular minimum valley (i.e., when c.m. of one
particle is above the corner of the other), the centres of mass

Fig. 3 The energy landscape obtained analytically and a schematic
view of the chain of the particles for [001] (a) and [111] (b) easy magneti-
sation axis directions. Interaction energy per particle u2 for pure iron
particles is scaled with the reference interaction energy ε = 25 eV (see
also Fig. S4†). The contour of the bottom cube is shown with the black
solid line in the energy diagrams. The white solid line circle in the
energy diagram for the [111] magnetisation direction represents the
bottom of the circular potential valley. Three representative configur-
ations with [001] magnetisation directions are shown with side views in
the upper panels of (a). From left to right: centre of mass (c.m.) of one
particle in the middle of the edge of the other, one particle on top of
the other, and c.m. of one particle on the corner of the other. Four
representative configurations with [111] magnetisation are shown with
top and side views. The configurations are shown in the upper panels of
(b), from left to right: (i) zig-zag configuration, where the particles are
above each other with the surfaces placed face-to-face (the zig-zag
configuration is the most stable one), (ii) c.m. of the upper particle is at
the edge of the contour of the lower particle, (iii) head–tail configur-
ation when the upper particle’s c.m. is at the edge of the bottom particle
and (iv) the so-called unstable configuration, when c.m. of the upper
particle is furthermost from the contour of the bottom.
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of the particles are 22% further apart than at global minimum
(as shown in Fig. 4, Δr2=d ¼

ffiffiffiffiffiffiffiffi

3=2
p

, i.e., Δr2 = 30.6 nm for
25 nm particles).

Fig. 4a gives the calculated dependence of the magnetic
restoring force on the distance between the centres of mass of
the two particles. We see that there are two maximums of the
force (roughly equal in size). The first peak, which is very
narrow, locks particles in a zig-zag position while the second
broad peak keeps the chain connected. The reason for the
existence of the first narrow maximum is that particles have
first to move laterally in order to come out of the zig-zag posi-
tion (see also Fig. 2b). The shape of the magnetic potential
energy valley further enhances the flexibility of the whole struc-
ture. The contour of the potential valley crosses the edge of the

bottom cube, and a large part of it lies outside of the contour
of the bottom cube. In this area, the two-particle system
becomes unstable. This means that one cube can flip over the
edge of the other cube and change in the other equivalent
position on the different side of the cube (see ESI Movie 3†).
This is also a local minimum of the restoring force (cf., Δr2 =
30 nm) (Fig. 4a). Also, during extension, cubes can partially
detach when they are in a head–tail configuration, i.e., stay
only attached by the corner-to-corner contact, i.e., at
Δr2 ¼

ffiffiffi

3
p

d � 43nm. In the corner-to-corner configuration, the
parts of the chain have a large rotational freedom. This is also
a configuration from which we observe that the chain finally
detaches (breaks). Still, the local maximum of the force is at
roughly Δr2 ≈39 nm, and at this point, particles are still
overlapping.

The response of the chain of magnetic cubes to strain is
shown in Fig. 4b. We observe that the chain is extending and
contracting quasi-elastically (see ESI Movie 4†). The energy u
follows a parabolic curve, and the elastic force acting on the
ends of the chain increases linearly with the extension of the
chain. The estimated elastic coefficient of the chain is 0.21 ±
0.05 meV nm−2. The elastic extension of the chain continues
up to the point where the maximal force per particle
approaches roughly 3 pN (see Fig. 4a) at roughly Δr2 = 40 nm.
It is also observed that there is a pinning of the parts of the
chain in an energetically less favourable configuration, and as
a result, the energy depends on the history of the mechanical
manipulation.

3.4 Magnetic configuration of the chains

Our results demonstrate that dipole–dipole interactions, with
the resulting magnetic moment pointing along the chain, are
the origin of the chain formation. It is important to note,

Fig. 4 Calculated magnetic force and energy evolution under exten-
sion. (a) Restoring force dependence on the centre of the mass distance
between two 25 nm iron particles as one of the particles follows a
minimal energy path and is obtained using an analytical model. (b)
Energy per particle dependence on the length of the chain during
repeated extension of the chain consisting of 30 iron cubes of 25 nm.
Circles (blue) show energy evolution with the distance of its ends and
triangles (red) evolution when the chain ends are free and the chain
contracts. The extension/free chain retraction results are obtained from
simulation. Dashed arrows show the direction of extension/contraction
and numbers 1–4 sequence. Black lines are parabolas interpolated
through the simulated data.

Fig. 5 (a) Topography image of part of the chain of iron/iron oxide
core/shell magnetic cube. (b) Chain of magnetic cubes with [111] mag-
netisation obtained by computer simulation (see text). (c) MFM image of
the chain before the magnetic field is applied, and (d) under 0.1 T in-
plane magnetic field. The direction of the magnetic field is indicated by
the red arrow.
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however, that particles in the chain spontaneously turn their
magnetisation in the presence of other magnetic particles to
minimise their own energy. Still, the spontaneous magnetic
moment of particles has to be along their easy magnetic axis,
i.e., [111] direction17,40 relative to cube geometry. When an
externally applied magnetic field is stronger than the magnetic
field of the particles itself, the magnetisation starts to align
itself with the external field independent of easy axis direction.
Therefore, an estimation of the dipole interaction can be
obtained by applying the magnetic field perpendicular to the
chain and measuring the field necessary to rotate their mag-
netic moment out of the chain direction.

In Fig. 5, we show the magnetisation dependence of indi-
vidual cubes of a representative part of a chain on the external
magnetic field. The stray magnetic field generated by the
chain is small when no external magnetic field is initially
applied (cf. AFM topography and MFM41,42 measurement in
Fig. 5a and c, respectively). A computer generated configur-

ation with similar morphology as in the experiment is also
shown in Fig. 5b. The magnetic field necessary to rotate the
magnetisation direction of the cubes is larger than 0.1 T (cf.,
no significant difference between Fig. 5c and d). The small
differences in the two figures are a consequence of local reor-
ientation of magnetisation due to the applied field. Still the
field is not strong enough to determine magnetisation of all
particles.

A sequence of MFM measurements at magnetic field −0.5
T, 0 T, 0.5 T, and 0 T is depicted in Fig. 6. In order to study
magnetisation reversal in an external magnetic field, a field
larger than that necessary to rotate the magnetisation direc-
tion of the cubes was applied. It is found that at −0.5 T, the
magnetisation of the chain is completely aligned along the
external field direction (see Fig. 6a). Therefore, we can con-
clude that the local magnetic field generated by cubes in the
chain is less than 0.5 T. In fact, the analytical results for uni-
formly magnetised iron cubes give 0.35 T in the centre of the
neighbouring cube placed face-to-face in a zig-zag configur-
ation and 0.15 T in the head–tail configuration (see ESI†).
Initially, a −0.5 T external magnetic field was applied to mag-
netise the chain in one direction and then the external mag-
netic field was turned off so that a spontaneous reordering of
magnetisation can take place. No remanence is found when
the external field is set back to zero, as observed in Fig. 6a
and b. The magnetisation direction, after the external field is
switched off, is along the chain backbone. The magnetisation
orientation is determined by the previously applied external

Fig. 7 Mechanical manipulation of the chain composed of magnetic
nanocubes. (a) Topography and MFM image of a broken chain segment.
(b) Force required to break the chain and the calculated magnetic field
in the orthogonal direction of the plane.

Fig. 6 Magnetic images of the chain of cubes. MFM images on left
panels correspond to different magnetic fields applied in the following
sequence (a) −0.5 T, (b) 0 T, (c) 0.5 T, and (d) 0 T. The direction of the
applied magnetic field is indicated by a full line (red) and arrow, and
magnetisation direction of the chain is indicated by dashed (yellow)
arrow. The sequence of the changes of the magnetic field follows the
order of the figures from the top (first) to the bottom (last). The visual-
isation of the magnetic field in the normal direction to the plane corres-
ponding to the different magnetic configurations obtained from compu-
ter simulation is shown in the right panels.

Paper Nanoscale

14200 | Nanoscale, 2019, 11, 14194–14202 This journal is © The Royal Society of Chemistry 2019

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 2

0 
M

ay
 2

01
9.

 D
ow

nl
oa

de
d 

on
 9

/1
3/

20
19

 1
0:

47
:4

8 
A

M
. 

 T
hi

s 
ar

tic
le

 is
 li

ce
ns

ed
 u

nd
er

 a
 C

re
at

iv
e 

C
om

m
on

s 
A

ttr
ib

ut
io

n-
N

on
C

om
m

er
ci

al
 3

.0
 U

np
or

te
d 

L
ic

en
ce

.
View Article Online

http://creativecommons.org/licenses/by-nc/3.0/
http://creativecommons.org/licenses/by-nc/3.0/
https://doi.org/10.1039/c9nr02314c


magnetic field, as it can be observed at the corners in Fig. 6b.
In the next step, a 0.5 T external field is applied in the opposite
direction. As one would expect, after the magnetic field is
switched off, the resulting configuration shows that the pole
north and south of the individual cubes and the chain as
whole have interchanged their positions. The visualisation of
the sequence obtained from the computer simulation is
shown in the right panels of Fig. 6.

The magnetic configuration of a broken chain is also
shown in Fig. 7a. The MFM images illustrate that one end
corresponds to the a north pole and other end to a south pole
(the north and south poles are differentiated in the figure as
light and dark contrasts), which is indicative of the magnetic
moment aligned along the chain. This can be compared with
the simulation results in Fig. 7e; the snapshots just before and
after chain break-up are shown as well as the magnetic field
perpendicular to the substrate plane. A constant force of 3 pN
was applied on the terminal cubes. The initial configuration
was a zig-zag magnetisation configuration where cubes are in
face-by-face contact, seen on the right side of the panel in
Fig. 7b. The transitions between these phases create the stray
field. When the chain is finally broken, we observe at the two
ends the stray field pointing up and down, similar to Fig. 7a.

4 Conclusions

We have shown that a combination of magnetron sputtering
and gas aggregation techniques represents a powerful tool to
generate complex structures of magnetic NPs in a single step
fabrication process. Single-stranded micrometer-long chains
made up of 25 nm magnetic nanocubes are obtained by spon-
taneous self-assembly. The morphology of these chains is
remarkably different from those of spheres or fabricated in
suspension, i.e., they are long and single-stranded. It is found
that dipolar magnetism is the driving force boosting chain for-
mation and its structure reveals a tendency to keep connected
under major degrees of structural strain in the process of for-
mation and deposition. Using an exact analytical model and
numerical simulations, we have estimated the magnetic energy
scales governing the process. The low-kinetic energy of the par-
ticles inside the magnetron vacuum chamber and strong
dipolar magnetic interaction between individual particles are
responsible for agglomeration of the particles at very low
volume fractions. The competition between anisotropic inter-
actions and shape offers various pathways for self-assembly,
each with exciting possibilities. Here, we have discussed self-
assembly of 25 nm magnetic core/shell nanocubes with [111]
magnetisation. Since anisotropies of iron and iron-oxide are
different, i.e., [001] and [111], respectively, the overall an-
isotropy of the cubes can be selected through different core/
shell ratios controlled by gas-aggregation process parameters.
As a general frame, the present results demonstrate that the
cluster gun technique can go beyond fabrication of single par-
ticles into controlled and reproducible self-assembly of NPs as
they form.
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Synthesis procedure

Assembled iron nanocube chains are prepared in a gas phase cluster gun. The cluster source

is quenching a hot iron vapor, steaming from magnetron head on the left side of Fig. S1, in

a flowing stream of cool inert gas (argon) in aggregation chamber. The iron atoms condense
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and crystallize during gradual cooling process, producing NPs with a low internal tempera-

ture. The NPs are then extracted into a high vacuum region through a slit nozzle at the end

of an aggregation chamber. The distance from the magnetron sputtering head to the slit is

the principal variable controlling NPs size. Another variable is the sputtering power that

determines the rate at which NPs are produced. The inert gas and vapor mixture undergo

supersonic expansion into a region maintained at a pressure below 103 Torr. The ionized

beam leaves the aggregation chamber passes through a slit 3 mm to the high vacuum region

deferentially pumped with a flux of Ar of 80 cm3/min.

The growth of the nanostructures by cluster gun technique depends on various parame-

ters, such as Ar gas flow, cluster gun power, NPs traveling distance, etc. In present work,

the size evolution of the core/shell iron/iron oxide NPs is studied at constant Ar flow. The

first row in Fig. S2 shows the NP evolution with the growth distance. It is observed that

a minimum distance of d >4 cm is needed to collect NPs (see very scarce number of NPs

for d =4 cm). In addition, for short growth distance (d <7 cm) the size variation is very

fast, while at large distance (d > 7 cm) no significant evolution is observed. At 5 cm travel

distance average particle size is about 8 nm and at 8 cm distance an increase in particle

size to 15 nm at the expense of the number of the generated particles was attained. The

particles produced at 8 cm are dominantly of core/shell type. Further increase of the travel

distance results in a small increase in the particle size: for 11 cm average size is 16 nm and

for 13 cm average size is 17 nm. The lower row in Fig. S2 summarizes the evolution of the

NP size with the gun power at fixed travel distance of 7 cm. In this case the size evolution

is modest but the amount of NPs increase very fast. This work has been done without the

use of a mass quadrupole that allows selecting the particle size.

Model

Magnetic NPs can have complex coupling involving both dipolar and exchange interactions.

The atomic exchange interaction is relevant up to a length scale of 10nm.1 Thus, dipolar

2



Figure S1: Scheme of the cluster gun, showing aggregation chamber, slit, and deposition
chamber with differential pump exit.

Figure S2: Field emission SEM images (500×x500 nm2) of core/shell iron NPs at constant
Ar gas flow (80 cm3/min) and cluster gun power (20 W) as a function of NPs traveling
distance (upper row). Lower row, SEM images of the obtained core/shell iron NPs as a
function of cluster gun power at fixed (80 cm3/min) Ar gas flow and fixed traveling distance
(7cm).

3



Figure S3: TEM images for NPs grown at different travel distance in the aggregation chamber
(a) shell only particle are obtained for travel distance 5 cm and (b) core/shell particle for
travel distances 11 cm.

coupling dominates in the formation of the structures on the length scales 10nm-100µm,

with many potential applications.2–6 Due to shape anisotropy, small single domain magnets

behave like uniaxial magnets. We characterize the system using dipole-dipole interaction

potential: it is assumed that each particle carries identical dipolar (magnetic) moment with

magnitude M0 = msd
3 where ms is the magnetization and d the size of the cube. In this

work two magnetic easy axes are possible: the one governed by the magnetite shell lying

in the [111], and the one induced by the iron core oriented along the [100] direction. The

analytic expressions for the magnetic field, of a sphere or an infinite cylinder, are part of

all classical magneto-static textbook. For complex geometries we need to employ numerical

solvers. Still, solution for bar magnet, deduced from the Maxwell equations can be also

obtained analytically. For a magnetic bar magnetized along the y−axis, i.e., [010]7 one

finds:

B[010]
x (x, y, z) =

µ0

4π
M0

2∑
k,l,m=1

log[z + (−1)mzb + Aklmsq ] (1)

B[010]
y (x, y, z) = −µ0

4π
M0

2∑
k,l,m=1

[y + (−1)lyb][x+ (−1)kxb]

|y + (−1)lyb||x+ (−1)kxb|
arctan{|x+ (−1)kxb|[z + (−1)mzb]

|y + (−1)lyb|Aklmsq

}

(2)

B[010]
z (x, y, z) =

µ0

4π
M0

2∑
k,l,m=1

log[x+ (−1)kxb + Aklmsq ] (3)

where Aklmsq =
√

[x+ (−1)kxb]2 + [y + (−1)lyb]2 + [z + (−1)mzb]2.

For a bar magnetized along the x−axis, it is sufficient to rotate the system in following
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way: B
[100]
x (x, y, z) = B

[010]
z (−y, x, z), B

[100]
y (x, y, z) = −B[010]

x (−y, x, z), and B
[100]
z (x, y, z) =

B
[010]
y (−y, x, z), and for a bar magnetized along the z−axis, B

[001]
x (x, y, z) = B

[010]
x (x, z,−y),

B
[001]
y (x, y, z) = −B[010]

z (x, z,−y), B
[001]
z (x, y, z) = B

[010]
y (x, z,−y). Finally, for a magnetic

field of a cube (xb = yb = zb) magnetized along principal diagonal (i.e., [111]), magnetic

field is the sum of the previous expressions, ~B[111] = ( ~B[100] + ~B[010] + ~B[001])/
√

3. A signif-

icant uncertainty margin regarding magnetic moment of the magnetic particles exist. The

hematite has small (ms ≈ 2.2kAm−1), while magnetite and iron have a large spontaneous

magnetization, i.e., ms ≈ 480kAm−1 and 1600kAm−1, respectively.8

In case of pure iron particles, the reference magnetic interaction energy ε = µ0M
2
0/4πd

3,

i.e., was estimated to be in the order of 25 eV, i.e., 103kBT , where T = 300K is the tempera-

ture and kB is the Boltzmann’s constant. The magnetic interaction energy ε decreases with

increase of the iron oxide shell thickness, see Fig. S4. The magnetic field generated by one

particle at the c.m. of the other particle (placed side by side) is B0 = µ0M0/(2πd
3) =160 mT.

Figure S4: Dependence of reference magnetic interaction energy ε = µ0M
2
0/4πd

3 with thick-
ness of magnetite shell dshell for d = 25 nm core/shell iron/iron oxide cube. Inset shows ratio
of shell to total volume of the cube.

The previous formula is applicable for the analytical analysis of dipolar interaction of

5



Figure S5: (a) Uniformly [001] magnetized magnetic cube, (b) nine dipole model for [001]
magnetized cube, (c) uniformly [111] magnetized magnetic cube, (d) nine dipole model for
[111] magnetized cube, and (e) mechanical contact model representation of the cube. Top
(upper row) and side (lower row) view are given for comparison.

cubes but it is not practical for running a molecular dynamics simulations. We construct a

model which combines numerical precision with computational efficiency.

The cubes are modeled as cluster of hard spheres filling a cubical frame. A magnetic cube

with side d is represented with nine spheres a big sphere in the center with radius d/2 and

eight smaller spheres touching the inner corners of the cube and the big central sphere with

radii (2 −
√

3)d/2. A cube is therefore represented using a potential energy of interaction

U(~rij) between pairs of the point-like dipoles with the sphere centers located at ~ri and ~rj

can be written as:

Um(~rij) =
µ0

4π

[
~mi · ~mj

r3ij
− 3

(~mi · ~rij)(~mj · ~rij)
r5ij

]
, (4)

where rij = |~rij| = |~rj − ~ri|, and i, j = 1 · 9. The magnetic moments in this model carry

a fraction of the of total magnetic moment. The magnetic moment mi is expressed as

mi = Isvi, where vi is the volume of the magnetic part of the particle. The volume of the

central particle is v1 = π/6 and the one of the smaller particles located at the corners is

v2...9 = π(2 −
√

3)3/6. The magnetic density which insures same energy between uniformly

magnetized cube placed on top of each other (minimal energy configuration) as in case of

uniformly magnetized cubes is Is ≈ 2.1 ·M0/d
3. This magnetic density is the same for both
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investigated magnetization directions, i.e., [001] and [111].

Using nine dipoles, we take into account the interaction of the cube corners which was

not taken into account in previously used models, Ref.9 The principle change is in the

position of the second maximum when one c.m. of one particle is on the corner of the other,

see Fig. S6. While in single dipole model9 the secondary (i.e., head-tail minimum) lies at

∆1
xy/
√

2d ≈ 0.39, in our nine dipole model is at ∆9
xy/
√

2d ≈ 0.45 significantly closer to the

result for a uniformly magnetized cube ∆unif
xy /
√

2d = 1/2. The position of the secondary

peak is important since it contributes to the flexible movement of the chain, i.e., particle at

the corner can easily flip over the side to a similar energy state. Thereby, the total potential

energy of magnetic interaction of two particles with indices α, β in a given structure U tot
m is

given by a sum over pairs of dipoles :

Uαβ
m =

∑
i,j=1..9
i>j

Um(~rαβij ). (5)

The contact potential of the cubes is represented by four overlapping spheres per edge

with diameter radii (2 −
√

3)d/2, having a total of 32 spheres, and the central sphere with

radius d/2. These, in fact, cuboids are rigid bodies with fixed distances between spheres.

This model is mainly chosen to account for cube overlaps while at the same time creating

a smooth and incommensurate surfaces allowing smooth gliding of one cube over the other.

The incommensurability is important since it prevents the system to mechanically lock in

commensurable states and enables smooth gliding of one cube over the other. We describe the

effect of isotropic contact interaction between the spherical particles using a minimal model,

i.e., representing them by the soft-core beads. The spheres therefore interact isotropically by

means of truncated at minima rcut = 21/6σ and shifted Lennard-Jones potential, also known

as Weeks-Chandler-Andersen (WCA) potential. The interaction is defined as: U cut
LJ (r) =

ULJ(r) − ULJ(rcut), r < rcut and Ucut = 0, r ≥ rcut, where rcut is the distance at which the

potential is truncated, and ULJ(r) is the conventional Lennard-Jones (LJ) potential, i.e.,

7



Figure S6: Comparison of the interaction energy of two uniformly magnetized cubes consid-
ering a nine dipole and a single dipole models.9 The minimal energy for different positions
along the diagonal of the cube are shown.

ULJ(r) = −4ε[(σ/r)12 − (σ/r)6]. The parameter ε corresponds to the energy scale of the

interaction and σ is related to the characteristic diameter of the spheres δ. i.e., σ = δ/21/6

and δ/d = 1 and (2−
√

3)d for large and small spheres respectively. The value of the sphere

repulsive contact potential is taken εr = 7 · 10−16J for particles with the same d = 25nm size

of the cube (i.e., εr = 800Uαβ
m ).
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ABSTRACT

We report on the fabrication and measurements of platinum-self-aligned nanogap devices containing cubed iron (core)/iron oxide (shell)
nanoparticles (NPs) with two average different sizes (13 and 17 nm). The nanoparticles are deposited by means of a cluster gun technique.
Their trapping across the nanogap is demonstrated by comparing the current vs voltage characteristics (I-Vs) before and after the deposition.
At low temperature, the I-Vs can be well fitted to the Korotkov and Nazarov Coulomb blockade model, which captures the coexistence of
single-electron tunneling and tunnel barrier suppression upon a bias voltage increase. The measurements thus show that Coulomb-
blockaded devices can be made with a nanoparticle cluster source, which extends the existing possibilities to fabricate such devices to those
in which it is very challenging to reduce the usual NP agglomeration given by a solution method.

Published under license by AIP Publishing. https://doi.org/10.1063/1.5094352

Due to the development of fabrication techniques in the last few
decades, it is now possible to realize nanoelectronic devices with elec-
trodes spacing down to the nanometer scale. In combination with their
optical and magnetic properties, the unique size-dependent charge
transport properties of nanoparticles (NPs) make them interesting
candidates for exploring functionalities in such devices including those
associated with biomedical applications.1–4 In this respect, iron oxide
NPs represent intriguing examples. From a magnetic perspective, mag-
netite (Fe3O4) exhibits the strongest magnetism of any transition metal
oxide.5 At room temperature, bulk magnetite is ferrimagnetic.
However, at the same temperature, magnetite particles of a few nano-
meters in size are superparamagnetic. This aspect makes magnetite
NPs suitable for use in magnetic resonance imaging (MRI) contrast
agents for molecular and cell imaging.5,6 In addition, self-assembled
iron-oxide NPs are proposed as data storage devices,7,8 being potential
key components for a new generation of electronic materials.9,10

Electrical characterization of NPs on a single-particle level
implies two major challenges: (i) the fabrication of electrodes with a
separation (gap) of a few nanometers, so that single NPs bridge the
gap from the source to drain and (ii) the synthesis and deposition of
reproducible NPs (in size and density) in the nanogaps. To decide
which nanoelectrode fabrication technique to use depends on the NP
shape, size, composition, and specific research aim. Thus far, the meth-
ods for trapping of NPs in nanogaps involve the deposition from a
solution,11–16 and among them, the drop-casting technique is the most
common.12,13 It can be used in combination with a subsequent drying
process, such as exposure to high temperatures14 or vacuum expo-
sure15 or in combination with applying an electric field (electrophore-
sis).16 The advantage of drop-casting is that it represents a very simple
method;17 however, the usual NP agglomeration by the drop casting
method can make a controlled deposition on the surface of the device
challenging.18
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In this work, we studied core/shell Fe/Fe3O4 nanoparticles that
are deposited on self-aligned nanogaps by means of a nonsolution
based cluster source.19 The method offers excellent control of the size
distribution and stoichiometry of the NPs while minimizing NP
agglomeration.20 This constitutes the realization of devices in which
single NPs are contacted in nanogaps using this deposition technique,
which has not been reported before. We find that the devices are stable
and allow for electrical characterization at room and low temperatures
showing Coulomb blockade coexisting with barrier suppression as the
main transport mechanism.

A schematic of the nanogap chip design is shown in Fig. 1. It con-
sists of 36 devices, formed by a main electrode (in yellow) and 36
finger-like-auxiliary electrodes (in gray); each finger-like electrode has
a length of 5lm and a width of 1lm. The gap between the main elec-
trode and each auxiliary electrode (device) varies between 12 and
21 nm [see Fig. 1(b)]. The devices are enumerated from 1 to 36, as
illustrated in Fig. 1(a). The self-aligned nanogaps are not defined by
direct e-beam writing but instead are the result of a mask formed by
chromium oxidation21–23 (see the end of the document for details).
The nanoparticles have a cubic shape and consist of an iron core cov-
ered with an iron oxide shell (Fe3O4),

24 see the supplementary mate-
rial, Fig. S5. Specifically, we measured two chips with NPs that differ
in size; the average sizes of the NPs are 13 nm (denoted chip Small
NPs) and 17nm (denoted chip Big NPs), respectively. Figure 1(d)
shows a transmission electron microscopy (TEM) image of Big NPs
from the same batch as used for the deposition. The particles are syn-
thesized by a cluster source and in situ deposited on the devices with
previously patterned electrode structures. After deposition, the

samples are taken out of the chamber and placed in a probe station for
further electrical characterization.

Prior to NP deposition, the current vs voltage (I-V) characteristic
of each electrode pair was recorded [Fig. 2(a)]. The noise level in our
probe-station measurements was about 1 pA. We have chosen twice
this value (i.e., 2 pA) as the threshold value to determine if NP trap-
ping occurred in the gap. Thus, a device exhibiting an increase in cur-
rent greater than 2 pA over the bias voltage range probed (61.5V)
was discarded, i.e., only open gaps (called “working devices”) were
selected to characterize the NP device (100% of total electrode pairs of
the chip Big NPs and 97% of the chip Small NPs). Once the NPs were
deposited, we identified their presence within the gap [Fig. 2(b)] by
comparing the I-V curve of the gap before and after deposition, mea-
sured in air and at room temperature. Figure 2(c) shows a typical I-V
curve measured for device #6 (chip Big NPs), with the same appear-
ance as the one presented in Fig. 1(c). After deposition, 92% of the
working devices on the chip Big NPs showed an increase in the current
without being short-circuited [Fig. S3(b)], indicating the trapping of
NPs between the electrodes. Note that the I-Vs show a superlinear
behavior at high bias voltage; the current increases faster than the bias
voltage does. The percentage of working devices on the chip Small NPs
that trapped NPs after the deposition was 100% [Fig. S3(a)].

The NP working devices were stable to allow measurements at
low temperature (20K). At this temperature, 40% of the devices on the
chip Big NPs showed symmetric I-Vs and 58% of the devices showed
asymmetric I-Vs. For 2% of the devices, the current dropped below the
noise level (2 pA) at this temperature over the bias voltage range
probed (�1.5V–1.5V). In the case of chip Small NPs, only 11% of the
devices had symmetric I-Vs, 49% showed asymmetric I-Vs, and 40%
of the devices showed currents below the threshold value of 2 pA.
Figure 3 displays four typical symmetric I-V curves (in light blue) mea-
sured at 20K, in vacuum, (#2 and #36 of chip Big NPs and #17 and #25
of chip Small NPs). For clarity, these I-V curves are the descendent
curves of the I-V cycles, i.e., the current recorded from 1.5V to�1.5V.
The I-Vs were found to be free of hysteresis. The observed asymmetry
in the other devices (see the supplementary material, Fig. S4) may
result from an asymmetry in the contact configuration on either side of
the junction.

FIG. 1. (a) General design of the chip. In yellow, the main electrode is represented
as the source. In gray, 36 auxiliary electrodes are shown, represented as the drain.
(b) Schematic of the gap between a pair of source and drain electrodes (device).
(c) Scanning electron microscopy image of an empty device. (d) Transmission elec-
tron microscopy image of the iron (core)/iron oxide (shell) nanoparticles (Big NPs)
from the same batch as used for the deposition.

FIG. 2. Description of the measurement procedure. (a) Schematic circuit of a device
before nanoparticle (NP) deposition (empty gap). (b) Schematic circuit of a device with
an iron NP trapped between the electrodes. (c) Electrical characterization of device #6
(Big NPs) before and after NP deposition, measured at room temperature, in vacuum.
The blue curve describes an open circuit, reflecting an empty device. The increase in
current shown in the red curve indicates the capture of iron NPs. In both cases, the cur-
rent is measured as follows: (I) voltage sweep from 0V to 1.5 V. (II) Voltage sweep
from 1.5 V to�1.5V. (III) Voltage sweep from�1.5 V to 0 V.
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Since the gap and nanoparticles are of the same size (12–21nm)
and the electrode width is 1lm, the presence of more than one NP
connected in parallel is plausible, although the dominant conductance
pathway may well be through one particle connected with the lowest
tunnel barriers to the two electrodes. With this picture in mind, we
used the Korotkov and Nazarov (K-N)25 model to describe the I-V
characteristics. This model treats the coexistence of single-electron
tunneling and effective tunnel barrier suppression (when increasing
the voltage). Bezryadin et al.26 applied this model to describe transport
through palladium nanocrystals connected in between electrodes by
electrostatic trapping.

According to the K-N model, the tunneling rates expressed in
terms of the current at a given temperature T are approximated by the
Stratton formula,27

IðVÞ ¼ ð2pkBT=eR0Þ sinhðeVs=�hÞ=sinð2pskBT=�hÞ½ �; (1)

where s ¼ L=
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffið2U=mÞp

is the tunneling transversal time. L and U are
the barrier width and height, respectively. R0 is the resistance of the
junction at zero bias and zero temperature, �h is the Planck’s constant,
and m is the electron mass. Unlike the classic Coulomb Blockade
model,28 the K-N model captures an essential part of the data, namely,
the curvature of the I-V at higher bias, which is represented by the fit-
ting parameter a ¼ EC � s=�h, defined as the ratio between the charging
energy (EC) and the energy scale for which the barrier suppression
takes place. The charging energy is defined as EC¼ e2/2C, where C is
the total capacitance. To limit the number of fit parameters, we
assumed (i) the residual charge induced on the NP to be zero and (ii)
the capacitances and resistance on the right and left sides to be equal
ðC1 ¼ C2;R1 ¼ R2Þ, i.e., the condition for fitting symmetric I-V
characteristics. Thus, the fitting parameters are a, VC¼ e/C, and
R0 ¼ ~R exp 2L

ffiffiffiffiffiffiffiffiffiffi
2mU
p

=�h
� �

, where for Big NPs, ~R is approximated to
be the ratio between the quantum resistance (13 kX) and the number
of quantum channels, which is �10 considering the NP size.

The symmetric I-Vs fitted to this model were from 14 Big NP
and 4 Small NP devices. The dark blue curves in Fig. 3 are the K-N fits
to the data. The fitting parameters of all symmetric fitted curves are
listed in Table S2. The average of the parameter a is 0.54 and 0.62 for
Big NPs and for Small NPs, respectively, consistent with the presence
of barrier suppression and the associated exponential-like shape of the
I-V curves. The average values for VC and R0 are 0.15V and 3.1 MX
for the Big NPs, while they are 0.22V and 40.3 MX for the Small NPs,
respectively. From these fitting parameters, the height and the width
of the tunnel barriers can be estimated, according to the expressions

U ¼ eVClnðR0=~RÞ=8a and L ¼ �h
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
alnðR0=~RÞ=emVC

q
. The average

value of U for the Big NPs and Small NPs is then found to be 0.3 eV
assuming ~R to be 47 kX for the Small NPs, and the average of the esti-
mated L for Big NPs and Small NPs is 1.5 nm and 1.2 nm, respectively.
It can be noticed that L is of the same order of magnitude as the thick-
ness of the iron-oxide shell.

Additionally, from the fits of Big NPs, the average total capaci-
tance C¼ e/VC is found to be 1.1 aF with a corresponding charging
energy of 75meV. On the other hand, the fits of Small NPs devices yield
an average C of 0.7 aF and a charging energy of 110meV, corroborating
the fact that the capacitances scale with the particle size. Furthermore,
we can compare the estimated capacitances to the upper and lower
bound estimates of the NP capacitance using two parallel plate capaci-
tors located between the iron core of the NP and the two electrodes on
either side, connected in series (see the supplementary material, Fig.
S1). One can express those capacitances as Cshell1 ¼ Cshell2 ¼ ere0A=d,
where e0 is the vacuum permittivity, er is the the relative permittivity of
the Fe3O4 shell, which according to Hotta et al.29 can be estimated to
be around 8, and d is the distance between the plates, which corre-
sponds to the iron-oxide-shell thickness (2.4 nm). The upper bound
estimate considers the contact area to be maximized, i.e., the area of the
parallel plate A is estimated to be 17� 17nm2 for Big NPs and
13� 13nm2 for Small NPs. Thus, the estimated capacitance of the
nanoparticle is given by Cest ¼ ðC�1shell1 þ C�1shell2Þ�1, which results in
4.3 aF for Big NPs and 2.5 aF for Small NPs. Following an analogous
reasoning, the lower limit case considers a minimized contact area (A)
estimated to be 17� 2.6 nm2 for Big NPs and 13� 2.6 nm2 for Small
NPs. The corresponding capacitances are 0.7 aF and 0.5 aF for Big NPs
and Small NPs, respectively. The capacitance obtained from the K-N
model lies in between the two estimated limiting values. See supple-
mentary material Sec. I for a more elaborate discussion on the capaci-
tances. Although the number of NPs present in the gaps cannot be
established, the consistency between the measurements and the K-N
model suggests that the dominant conduction pathway is through one
particle. In some cases, like Fig. S2 device #17 (Small NPs), SEM images
provide an additional indication for this. However, it was not possible
to image all measured devices. In case that more particles would con-
tribute, the estimates for the capacitance would not be affected, pro-
vided that the offset charge is similar for all of them.

In conclusion, we have demonstrated that individual NPs can be
trapped in self-aligned nanogaps using a cluster gun technique to
deposit the NPs. The NP devices are stable at low and room tempera-
tures. Electrical characterization shows the I-V curves that are consis-
tent with single electron tunneling in combination with barrier
suppression to account for the exponential-like shape observed at high
bias. The fabrication method can be extended to the study of other

FIG. 3. Symmetric I-V characteristics {descendent part [defined in the caption of
Fig. 2(c)] of the cycle} measured at 20 K, in vacuum. (a) Devices #2 and (b) #36
contain Big NPs. (c) Devices #17 and (d) # 25 contain Small NPs. Fit parameters
are listed in the inset. The associated charging energies (EC) are 75 meV, 60meV,
100 meV, and 120 meV, respectively.
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types of NPs with the advantage that the direct deposition in vacuum
conditions circumvents agglomeration of particles.

The devices are fabricated as follows. On top of a Si/SiO2 sub-
strate, the main electrode is defined by e-beam lithography (EBL) and
evaporation of 5 nm of titanium (adhesive layer) and subsequently
30 nm of platinum. On top of the platinum layer, a 25 nm chromium
layer is deposited. Upon exposure to ambient conditions, the chro-
mium layer naturally oxidizes, expanding its size. In this manner,
chromium oxide acts as a shadow mask of a few nanometers near
the edge of the main electrode. The thickness of the chromium layer
determines the size of the gap. A second EBL cycle defines the finger-
like-auxiliary electrodes, by depositing 5 nm of titanium and 20nm
of platinum. In the final step, the chromium layer is etched away
(wet-etch step) to reveal the underlying nanogaps. The recipe is
depicted in Fig. S9.

The NPs are synthesized and deposited by means of a home-built
combination of magnetron sputtering and gas-aggregation techni-
ques.19 A DC magnetron with an Fe target (99.95% purity) was oper-
ated typically at 30W. Deposition took place at a nozzle-substrate
distance of 15 cm with a constant Ar flux of 90 sccm and pressures in
the low 10–3 Torr range. To characterize the NPs (particle size and
structure), test substrates are placed next to the chip. Si wafers were
used for SEM inspection, and carbon-coated grids were used for
TEM inspection. The characterization of devices was realized by
scanning electron microscopy (SEM) using a QUANTA FEI 200
FEG-ESEM microscope. The core-shell structure of Fe/Fe3O4 nano-
particles (crystallinity, morphology, and size) was examined by trans-
mission electron microscopy (TEM) using a JEOL, JEM 1210
transmission electron microscope operating at 120 kV. Diffraction
patterns of power spectra were obtained from selected regions in the
micrographs.

The electrical measurements were performed in a vacuum flow
cryostat probe station with TU Delft home-built low-noise electronics.
The minimum temperature is around 10–20K.

See the supplementary material for more details of this study
regarding device fabrication, nanoparticle deposition, and additional
results.
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I. CAPACITANCE ESTIMATES

From our measurements, we cannot establish the number
of nanoparticles (NPs) present in our gaps. However, the very
good single-particle fits to the data strongly suggest that the
dominant conduction pathway is through one particle. With
respect to the comment on the capacitance, in case more parti-
cles would contribute, this would not change the estimates for
the capacitance, provided that the offset charge is the same for
all of them.

From the K-N model, we obtained average capacitances of
1.1 aF for Big and 0.7 aF, for Small NPs. Using a two paral-
lel plate capacitor model located between the iron core of the
NP and the two electrodes on either side, connected in series
(see Figure S1a), the capacitance of each side of the NP is ob-
tained by the expression Cshell1 =Cshell2 = εrε0A/d, where ε0
is the vacuum permittivity, εr v 8 is the relative permittivity
of the Fe3O4 NPs1, A is the area of each parallel plate, and
d is the distance between a pair of plates, which corresponds
to the Fe3O4 shell (v2.4 nm). Thus, the total estimated NP
capacitance is given by Cest = (C−1

shell1 +C−1
shell2)

−1,
We can now estimate two limiting cases: First, the upper

limit case (Figure S1a), in which the contact are is maximized
(as discussed in the main text). In this case the estimated area
(A) is 17 x 17 nm2 for Big NPs and 13 x 13 nm2 for Small
NPs, resulting in estimated capacitances of 4.3 aF for Big NPs
and 2.5 aF for Small NPs. Second, one can consider the lower
limiting case (Figure S1b), in which the contact area is min-
imized. The height of the plates is reduced, but it must be
sufficiently high to assure that the core of the NP is electri-

cally accessible, i.e., not only the shell. A reasonable estimate
is 2.6 nm. So, the estimated area (A) is now 17 x 2.6 nm2 for
Big NPs and 13 x 2.6 nm2 for Small NPs. The corresponding
NP capacitances are 0.7 aF and 0.5 aF for Big and Small NPs,
respectively. The capacitance obtained from the K-N model
lies in between the two estimated limiting values.

FIG. S1. Schematic of the limit cases of the NP parallel plate capaci-
tors estimate (Cest ). (a) Upper bound estimate case. (b) Lower bound
estimate case.

TABLE S1. Comparison of the capacitance determined from the K-
N model (CKN ) with the values estimated theoretically (Cest ), by as-
suming a two parallel capacitor model.

NP size
K-N

model estimate
CKN [aF]

Upper bound
estimate case

Cest [aF]

Lower bound
estimate case

Cest [aF]
Big 1.1 4.3 0.7

Small 0.7 2.5 0.5

1M. Hotta, M. Hayashi, A. Nishikata, and K. Nagata, ISIJ Int. 49, 1443
(2009).

a)Electronic mail: ddulic@ing.uchile.cl
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FIG. S2. SEM images taken after the measurements are finished. (a) Central zone of chip Small NPs; the green arrow indicates device # 17.
(b) Close-up of device # 17; one NP was found to bridge the gap in this device. It is artificially colored in red and marked by the red arrow.

TABLE S2. Fitting parameters of symmetric curves measured at low temperature (20 K), in vacuum, for chips with Big and Small NPs.
Big NPs Small NPs

Device number VC[V] R0[MΩ] α Device number VC[V] R0[MΩ] α

2 0.15 2.5 0.54 17 0.20 40.0 0.60
5 0.13 1.5 0.43 22 0.22 46.0 0.62
8 0.12 2.9 0.37 25 0.24 0.35 0.72

13 0.20 3.1 0.55 35 0.23 40.0 0.54
14 0.20 5.2 0.55 Average 0.22 40.3 0.62
15 0.18 3.3 0.55
16 0.19 2.8 0.59
19 0.14 2.8 0.60
23 0.19 3.1 0.61
30 0.10 1.4 0.31
32 0.13 4.2 0.72
33 0.13 3.2 0.64
35 0.15 3.5 0.52
36 0.12 3.6 0.53

Average 0.15 3.1 0.54

TABLE S3. Capacitance (C), charging energy (EC), barrier height (U), barrier width (L) and tunneling transversal time(τ), for chips with Big
and Small NPs. R̃ is estimated to be 1.3 kΩ for the Big NPs. In order to keep U and L about the same, R̃ has to be chosen to be 47 kΩ for the
Small NPs.

Average Big NPs Small NPs
C[aF] 1.1 0.7

EC[meV] 75 110
U[eV] 0.3 0.3
L[nm] 1.5 1.2
τ[fs] 4.8 3.7
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FIG. S3. Comparison of the current values taken at three different voltages as indicated in the inset next to figures. (a) Chip with Small NPs.
(b) Chip with Big NPs. The circles located at the top of the bottom graph represent devices in which the current is larger than the maximum
value of 1.2 nA. Devices that became short-circuited after deposition are not included.

FIG. S4. Symmetric and asymmetric I-V characteristics (descendent part of the cycle) at 20 K. The I-Vs correspond to devices from the chip
with Big NPs.
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FIG. S5. (a) Transmission electron microscopy image of the iron-based nanoparticles with the nanoparticle size distribution as an inset. (b)
Corresponding reflections of the power spectrum indexed using the iron cubic structure (space group Im-3m) from core and the cubic spinel
structure of Fe3O4 (space group Fd-3m) from shell structure. The spinel structure was confirmed by RAMAN spectroscopy, not shownb.
b L. Balcells, C. Martnez-Boubeta, J. Cisneros-Fernndez, K. Simeonidis, B. Bozzo, J. Or-Sole, N. Bagus, J. Arbiol, N. Mestres, and B. Martnez, ACS Appl.

Mater. Interfaces 8, 28599 (2016).

FIG. S6. Descending current-voltage curve measured on device #2 of chip Big NPs; (a) at 20 K (light dots) and (b) at 295 K (light green
dots). The thin dark blue and dark green curves denote the fits of the KN model. The fitting parameters for both curves are VC = 0.15 V,
R0 = R1 = R2 = 2.48 MΩ, α = 0.54, T = 20 K or T = 295 K, respectively.
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FIG. S7. Descending current-voltage characteristics of four devices from the chip with Big NPs. (a) Symmetric curve measured on device #14
at 20 K, in light blue, and (b) at 295 K (light green). (c) Asymmetric curve measured in device #16 at 20 K, in light blue, and (d) at 295 K, in
light green. The thin dark blue and dark green curves denote the respective fits of the KN model (parameters are shown in Table S1).

FIG. S8. SEM images and corresponding size-particle distribution of (a) Big NPs and (b) Small NPs.
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FIG. S9. Schematic depiction of the fabrication process. (a) A 19 by 19 mm2 piece of a silicon wafer with a silicon oxide layer of 290 nm
on top (the substrate), is the starting point of the process. The first step is chemical cleaning of this substrate. (b) A layer of CSAR AR6200
positive resist is spin-coated and baked. Then, it is exposed to an e-beam to define the main electrode. (c) The sample is developed so that the
pattern becomes visible and the descumming process takes place. (d) A thin layer of titanium (5 nm) is evaporated to adhere two consecutive
layers of platinum (30 nm) and chromium (25 nm) on top of the titanium layer. (e) Lift-off removes the unexposed resist including the metal
on top. Now the platinum main electrode (source) is visible. f) Second e-beam lithography cycle to define the drain electrodes (spincoating
& baking, exposure, evaporation, developing, lift-off). (g) After, Chromium wet-etching; nanogaps are now ready to be used in the electrical
characterization measurements. Now the gaps are defined.
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anical control of surface electrical
properties of manganite films with magnetic
nanoparticles†

Borislav Vasić, *a Zorica Konstantinović, b Elisa Pannunzio-Miner,‡c

Sergio Valencia, d Radu Abrudan, §e Radoš Gajića and Alberto Pomar c

Mechanical control of electrical properties in complex heterostructures, consisting of magnetic FeOx

nanoparticles on top of manganite films, is achieved using atomic force microscope (AFM) based

methods. Under applied pressure of the AFM tip, drop of the electrical conductivity is observed inducing

an electrically insulating state upon a critical normal load. Current and surface potential maps suggest

that the switching process is mainly governed by the flexoelectric field induced at the sample surface.

The relaxation process of the electrical surface potential indicates that the diffusion of oxygen vacancies

from the bulk of the manganite films towards the sample surface is the dominant relaxation mechanism.

The magnetic FeOx nanoparticles, staying attached to the sample surface after the rubbing, protect the

underlying manganite films and provide stability of the observed resistive switching effect. The employed

mechanical control gives a new freedom in the design of resistive switching devices since it does not

depend on the film thickness, and biasing is not needed.
1 Introduction

Further improvement of nanoelectronic devices such as switches
and memories, requires development of novel materials as well as
advanced mechanisms for the dynamic control of their electrical
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properties. In this context, one of the most studied mechanisms is
resistive switching – an electrically induced change of the resis-
tance of various thin metal-oxide lms.1–7 This research is mainly
driven by possible applications in new data storage devices such as
resistive random access memories.4–7

In order to fully understand complex physicochemical
processes during resistive switching, investigations at the
nanoscale are of particular relevance, where methods based on
atomic force microscopy (AFM) are prerequisite.8–11 At the same
time, AFM could provide novel methods for the manipulation of
resistive switching. Namely, in addition to the electrical control,
strain engineering is a simple approach to tailor the electrical
properties of metal oxide lms.12–17 The signicant coupling
between the strain and the electrical properties is based on
exoelectricity (an internal electric eld resulting from a strain
gradient) and the inverse Vegard effect (changes of ion
concentrations due to a stress).18 The exoelectricity is typically
small. However, it has recently been shown that stress and
stress gradients at the nanoscale can lead to sizable effects.19–21

A large nanoscale gradient of stress can be obtained by using
the tip of an AFM which has been employed for mechanically
induced resistive switching22–29 and switching of ferroelectric
polarization.30–36 Since purely mechanical control is independent
of lm thickness and biasing is not needed, it could provide new
prospects for the resistive switching.While recent studies22–29 have
been focused on the mechanically induced switching of homo-
geneous metal-oxide lms, it is interesting to investigate the
phenomena in the presence of nano-objects on the lm surface.
In this respect, nanoparticles (NPs) constitute a model system as
Nanoscale Adv., 2019, 1, 1763–1771 | 1763
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they not only improve mechanical properties,37 but also may
provide enhanced functionalities such as novel magnetotransport
phenomena38 or optoelectronic capabilities,39,40 and they could
serve as novel magnetic tunnel junctions41,42 or memory devices.43

Here we investigate the local mechanical control of the
surface electrical properties of a heterostructure consisting of
a manganite lm with magnetic FeOx NPs. The AFM tip is used
to generate a local stress by rubbing the sample surface, and the
resulting changes in local conductivity and electrical surface
potential are subsequently measured by conductive AFM (C-
AFM) and Kelvin probe force microscopy (KPFM), respectively.
It is shown that for a high enough normal load, the manganite
surface can be switched to an insulating state. At the same time,
the sample exhibits weak room-temperature magnetism due to
the presence of FeOx NPs which stay well attached to the sample
surface even aer the rubbing at a high normal load.
2 Experimental
2.1 Sample preparation

Samples consisting of iron oxide FeOx NPs assembled onto
manganite lms, were grown by radio frequency (RF) magnetron
sputtering on the top of (001)-oriented SrTiO3 (STO) substrates.
Two manganite families were considered with very different
properties, fully spin polarized La0.67Sr0.33MnO3 (LSMO) on one
side and insulating La0.5Sr0.5Fe0.5Mn0.5O3 (LSFMO) thin lm on
the other side. Nanostructured thin lms were deposited under
a pure oxygen partial pressure (0.19 mbar) at a high temperature
(850–900 �C) with a wide range of nominal thickness (between
20 nm and 100 nm),44 while the detailed microstructure of LSMO
lms can be also found in ref. 44. Iron oxide NPs have been
deposited under a pure oxygen pressure of 0.06 mbar at 700 �C.
2.2 Structural and magnetic characterization

The surface morphology of nanostructured thin lms was
characterized by eld emission scanning electron microscopy
(SEM) (QUANTA FEI 200 FEG-ESEM). The crystal structure of
manganite lms was characterized by X-ray diffraction based
reciprocal space mapping using a Bruker AXS GADDS system
equipped with a 2D X-ray detector.

Magnetic properties were measured with a superconducting
quantum interference device magnetometer (SQUID) (Quantum
Design). The structural and magnetic nature of iron oxide NPs
was studied by X-ray absorption spectroscopy (XAS) and X-ray
magnetic circular dichroism (XMCD). The synchrotron experi-
ments were performed at room temperature by using the ALICE
chamber45 at the PM3 beamline of the electron storage ring
BESSY II of the Helmholtz-Zentrum Berlin. The radiation
impinged on samples at a grazing angle of 30�. The polarization
of the incoming radiation was set to circular (Pc ¼ 0.92(3)). Data
were acquired across the Fe L3,2 edges by means of total electron
yield. The XMCD spectrum was obtained for a xed helicity of
the incoming polarization by reversing the magnetization
direction at every data point from positive to negative by means
of an external magnetic eld (�0.1 T). Data were obtained in
magnetic remanence. XMCD was dened as the difference in
1764 | Nanoscale Adv., 2019, 1, 1763–1771
the absorption for the curves obtained aer applying the
external magnetic eld +0.1 T (b+) and�0.1 T (b�), respectively.
2.3 AFM measurements

AFM measurements were performed using an NTEGRA Prima
AFM system from NT-MDT under ambient conditions. Tapping
AFM mode was used for the topographic imaging. Simulta-
neously, phase imaging was performed by recording the phase
lag of the employed AFM cantilevers.

Electrical measurements were done using C-AFM and KPFM.
In C-AFM, local electrical currents were measured in contact
mode, while DC voltage was applied between the sample and
the AFM tip. KPFM was employed to measure the contact
potential difference (CPD) between the AFM tip and the sample
surface. The CPD is equal to the difference in the work func-
tions of the tip and sample. KPFM measurements were done
using a standard two-pass technique. In the rst pass, sample
topography was measured in tapping mode. In the second pass,
the AFM cantilever was lied by 30 nm and the sum of AC and
variable DC voltage was applied between the cantilever and the
sample. In the second pass, the lied probe, only electrically
excited and with a switched-off mechanical feedback loop, fol-
lowed the topography measured in the rst pass. Then, the CPD
in every point of a two-dimensional AFM image was the value of
the variable DC voltage which canceled the electrically excited
oscillations of the AFM cantilever in the second pass.

The procedure for the mechanical control of the surface
electrical properties was the following: rst, the local electrical
current or CPD was measured on an area of 2� 2 mm2, and then
we switched to contact AFM mode and only the inner and
central part of 1 � 1 mm2 was rubbed at an increased normal
force (in the order of 1 mN), whereas aer the rubbing, we
switched back to C-AFM or KPFM mode, and measured either
local electrical currents or electrical surface potentials, respec-
tively, on the initial area of 2 � 2 mm2. Hereaer, the rubbing
will stand for controllable scanning at increased normal load in
order to induce local changes of the electrical properties.

Both AFM imaging, rubbing and electrical measurements
were done using diamond coated and nitrogen doped DCP20
probes from NT-MDT. They have triangular cantilevers with the
typical force constant of 48 N m�1 and a resonant frequency of
420 kHz. Diamond coatings make these probes wear resistive,
while a high doping with nitrogen provides excellent conduc-
tivity. Therefore, these robust and conductive probes are suit-
able for the rubbing in contact AFM mode at high normal loads
(in the order of mN) and subsequent AFM imaging as well as
electrical measurements many times. Since C-AFM measure-
ments were done in contact mode as well, in order to avoid any
inuence of the applied normal force from the AFM tip during
the C-AFM scanning, these measurements were done at low
normal load from 50–100 nN.
3 Results and discussion

Manganites are an important class of metal oxides, especially in
the context of resistive switching, because of both
This journal is © The Royal Society of Chemistry 2019
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magnetoresistive46,47 and electroresistive properties.48–50 Strain
engineering is an additional and simple approach to tailor their
properties.25,51–54 Epitaxial manganite lms are usually elasti-
cally strained due to a lattice mismatch between the lms and
underlying substrates (STO in the considered case). This strain
facilitates growth of various self-organized morphologies such
as pit arrays55–57 which can serve as templates for subsequent
self-assembly of NPs.44 The strain state in our lms is analyzed
by the asymmetric reciprocal space mapping of the reection
(103) for the nanostructured 100 nm thick LSMO lm grown on
top of the STO substrate (Fig. S1(a) of the ESI†). As observed
previously,55 the LSMO lm seems to be fully strained with the
in-plane lattice constant close to ak,STO ¼ 3.905 Å. On the other
hand, the estimated out of-plane lattice constant at,LSMO ¼
3.882(6) Å is slightly smaller than the corresponding bulk value
of 3.889 Å, as expected due to presence of a tensile strain.44,55

Nevertheless, the higher value of the out-of-plane parameter
3.882(6) Å compared with the one of the fully strained lms of
3.868 Å (ref. 58) indicates the presence of a small quantity of
oxygen vacancies, as previously discussed.55

The AFM topographic and the corresponding phase image of
the LSMO lm with FeOx NPs are given in Fig. 1(a) and (b),
respectively. In the topographic image, NPs are visible as bright
domains. They are better resolved in the phase image, where
they are dark and with a pronounced contrast compared to the
underlying LSMO lm. The phase images recorded in forward
and backward directions were the same, implying that the
observed phase difference was due to the material contrast (not
Fig. 1 Sample morphology: (a) AFM topographic image (z-scale is 10
nm), and (b) AFM phase image acquired during the imaging in tapping
mode. As an example, an array of three NPs is encircled in both the
topographic and phase images. (c) SEM image and (d) the size distri-
bution of iron-oxide NPs.

This journal is © The Royal Society of Chemistry 2019
just a topographic artifact) between NPs and the LSMO
substrate. As a reference, an array of three NPs is marked by
dashed lines in both topographic and phase images. The SEM
image of the sample is depicted in Fig. 1(c). According to the
SEM images, the surface coverage of the lm by NPs was around
50%, while the NP size distribution is presented in Fig. 1(d)
showing that the average NP size is around 60 nm.

The magnetic characterization reveals that iron-oxide NPs
provide weak room-temperature magnetism as shown in
Fig. S1(b) of the ESI.† At 300 K, the magnetization disappears in
bare manganite lms and remains principally only in the
structures with FeOx NPs as depicted in Fig. S4 of the ESI.†
According to the results of XAS and XMCD measurements, the
NPs are mostly g-Fe2O3 (the results of XAS and the t of the
XMCD curve are presented in Fig. S2 of the ESI†).

The inuence of the local pressure from the AFM tip on the
electrical properties of the manganite lm decorated with iron-
oxide NPs is presented in Fig. 2(a). The current maps were
measured by C-AFM on six different 2 � 2 mm2 areas, aer the
rubbing of inner 1 � 1 mm2 domains with the AFM tip at
increasing normal force, starting from 0.32 mN to 1.6 mN. As can
be seen, aer the rubbing, the electrical current of inner square
domains is decreased. At a normal load of 1.6 mN, the inner
Fig. 2 (a) 2 � 2 mm2 current maps measured by C-AFM (at the sample
bias voltage Us ¼ 2 V) after the rubbing of inner 1 � 1 mm2 domains at
specified normal force (from 0.32 mN to 1.6 mN). The results were
obtained on six different sample regions. The current scale is 15 nA. (b)
Histograms of the current distribution on rubbed domains in (a) for the
selected normal forces. In the inset, the histograms are saturated at 20
counts for a better visibility.

Nanoscale Adv., 2019, 1, 1763–1771 | 1765
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square is switched to a practically insulating state (with almost
zero electrical current). The histograms of the current distri-
bution measured only on rubbed domains are given in Fig. 2(b).
All current peaks are located around zero, but they become
much more pronounced with increasing normal load. For the
highest load, almost all points in the histogram are located
around zero (just few of them with non-zero current) showing
that the sample surface is really switched to an insulating state.

Fig. 3(a) presents the CPDmaps measured by KPFM on 2� 2
mm2 areas aer the rubbing of inner 1 � 1 mm2 regions with the
AFM tip at an increasing normal force from 0.62 mN to 2.4 mN.
As in the previous case, the CPD maps were measured on
different sample locations. As can be seen, CPD increases on the
rubbed domains. Since the CPD stands for the difference
between the work functions of the AFM tip and the sample, an
increase in the CPD implies a lower work function of the
sample. Therefore, the KPFM results indicate the existence of an
electric eld originating from negative charges on the sample
surface.

The typical histogram of the CPD distribution is depicted in
Fig. 3(b) for a normal load of 2.4 mN. There are two clearly
resolved peaks corresponding to the rubbed (the peak at
a higher CPD) and non-rubbed (the peak at a lower CPD)
Fig. 3 (a) 2� 2 mm2 CPDmapsmeasured by KPFM after the rubbing of
inner 1 � 1 mm2 domain at specified normal force (from 0.62 mN to 2.4
nN). The CPD scale is 190–245 mV. (b) Histogram of the CPD distri-
bution for a normal load of 2.4 mN. (c) Changes in the CPD and DCPD
on rubbed and non-rubbed regions in (a) as a function of the normal
force.

1766 | Nanoscale Adv., 2019, 1, 1763–1771
domains. Histograms were calculated for all CPD maps in this
manner, whereas the histogram peaks were selected as CPD
representatives as a function of a normal load. The corre-
sponding results, together with a difference in the CPD between
rubbed and non-rubbed domains (DCPD), are given in Fig. 3(c).
As can be seen, DCPD continuously increases with the normal
load from around 25 mV to 75 mV.

The topographic images of the sample surface before and
aer the rubbing (at a high normal force of 1.6 mN) are given in
Fig. 4(a) and (b), respectively. The 1 � 1 mm2 rubbed domain is
marked by a dashed square. The rubbed region is only slightly
darker than the surrounding, non-rubbed part. The histograms
and corresponding ts of the height distribution within the
square domains before and aer the rubbing are given in
Fig. 4(c). As can be seen, the mean height is decreased by
around 0.3 nm aer the rubbing, meaning that the sample
surface is locally compressed along the perpendicular direction.
Similar results were obtained for the sample with the LSFMO
lm as depicted in the topographic images in Fig. S6(b) ESI,†
again for the cases recorded before and aer the rubbing (at
a high normal force of 1.34 mN). These topographic images
illustrate that NPs were not pushed away by the AFM tip during
the rubbing even at very high normal loads. This was conrmed
by the absence of accumulated NPs along the rims of the inner 1
� 1 mm2 rubbed domains. Still, in addition to the small local
compression of the sample surface within the rubbed domains,
the topographic images aer the rubbing show that the height
Fig. 4 AFM topographic images of the sample surface acquired (a)
before and (b) after the rubbing of the inner 1� 1 mm2 domain (marked
by dashed lines) at a normal force of 1.6 mN. z-scale is 5 nm. (c)
Histogramof the height distribution within the square domainsmarked
in parts (a) and (b).

This journal is © The Royal Society of Chemistry 2019
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of some NPs is slightly decreased. This can be seen by lower
brightness and clarity of these NPs. Therefore, NPs stay stable
on the lm surface and they are not removed, but some of them
can be worn since their height is decreased due to local
scratching. Still, the most important nding is that the NPs are
tightly attached to the underlying lm which stays protected.

The protection by NPs is two-fold. They mechanically protect
the underlying manganite lm from normal load applied by the
AFM probe preventing any morphological damage of the lm
and facilitating a stable and reliable switching process. At the
same time, NPs prevent aging of manganite lms due to their
exposure to the environment. Namely, it is well known that
environmental factors deteriorate electrical properties
(conductivity for example) of thin metal-oxides, usually due to
detrimental reactions with various species from the atmo-
sphere. This is the reason why higher conductivity was usually
observed on areas of the manganite lm covered by NPs, as can
be seen in Fig. 2(a).

In order to further explain the observed effects, the rubbing
with a grounded probe at increased normal load was combined
with the scanning in contact mode using a biased AFM tip, but
at a low normal force. CPD maps aer such manipulations are
depicted in Fig. 5(a) and (b). In Fig. 5(a), the 2 � 2 mm2 square
domain was rstly rubbed with the grounded tip, and then the
inner 1 � 1 mm2 domain was scanned in contact mode with
a bias voltage of Ut ¼ �1 V applied to the AFM tip. In Fig. 5(b),
the order was the opposite, the larger square domain was
scanned in contact mode at Ut ¼ �1 V, while the inner one was
rubbed with the grounded tip. In both cases, the rubbing with
the grounded tip and increased normal load leads to an
increased CPD. This is exactly the opposite to the case with the
applied negative voltage (in this case, the CPD was lowered).
Therefore, the local pressure from the AFM probe has a similar
Fig. 5 3� 3 mm2 CPDmaps of the sample rubbed with both grounded
(at high normal load) and biased (low normal load and negative bias
voltage) tips: (a) first, the inner 2 � 2 mm2 domain was rubbed with the
grounded AFM probe and at a normal force 0.48 mN, and then, the
smaller inner 1 � 1 mm2 domain was scanned in the contact mode at
a low normal force 0.16 mN and with a tip bias voltage of �1 V, and (b)
first, the inner 2 � 2 mm2 domain was scanned in the contact mode at
a low normal force of 0.16 mN and with a tip bias voltage of �1 V, and
then the smaller inner 1 � 1 mm2 domain was rubbed with the
grounded AFM probe and at a normal force of 0.48 mN. The CPD scale
is (a) 75–220 mV and (b) 90–225 mV.

This journal is © The Royal Society of Chemistry 2019
effect as the rubbing with a positive bias voltage applied to the
AFM tip.

According to the type of conducting path, there are two
resistive switching mechanisms: with a lamentary and an
interface-type conducting path.4 The switching mechanism of
LSMO lms belongs to the second type and it is based on oxygen
vacancy migrations.59 This mechanism is usually characterized
by the formation of a Schottky barrier at the interface between
a metal electrode and a semiconducting metal-oxide lm.4,60

The width and height of the barrier can be tuned by applying
a bias voltage which controls the oxygen vacancy concentration
within the charge depletion layer at the metal–semiconductor
interface.

In the considered case of mechanically induced resistive
switching, instead of an externally applied bias voltage, the
width and height of the Schottky barrier between the AFM tip
(DCP20 probes are highly conductive, so they can be considered
as metallic ones) and sample surface are controlled by the
inverse Vegard effect and exoelectric eld. According to the
Vegard law of a chemical expansion, the local stress and strains
are proportional to the mobile ion concentration.18 Generally,
the unit cell volume increases with the oxygen vacancy
concentration.26 In the considered case, the sample surface
rubbed with the AFM tip is locally compressed along the surface
normal, so the oxygen vacancy concentration is decreased. As
a result, an excess of negative charges on the sample surface
appears. This is in accordance with the results of KPFM
measurements, where an increased CPD was observed on rub-
bed parts, meaning that the Fermi level was locally raised. The
electrical transport in LSMO is based on the hopping of elec-
trons between adjacent Mn3+ and Mn4+ ions across oxygen
ions.61 During the rubbing, the oxygen ion concentration
beneath the tip is increased (since the oxygen vacancy concen-
tration is decreased), so this effect does not seem to be
a mechanism for the observed decrease of the electrical
conductivity.

At the same time, a local and non-uniform compression of
a sample surface leads to a strain gradient and a local exo-
electric eld. This eld is oriented from the sample surface
toward the bulk.31 This pushes oxygen vacancies away from the
sample surface, while attracting negative charges toward the
sample surface, again in accordance with the KPFM results.
Since the C-AFMmaps in Fig. 2(a) were measured with a positive
bias voltage applied to the sample, the induced exoelectric
eld is an obstacle for the electron transport from the AFM tip
to the sample. Therefore, the induced exoelectric eld makes
an additional potential barrier for the electron transport
resulting in lower currents as observed in the C-AFM maps.

The inverse Vegard effect and exoelectric eld can be
coupled as well. The LSMO lms grown on the STO substrate are
under in-plane tensile strain due to a lattice mismatch as can be
seen from the asymmetric reciprocal space map given in
Fig. S1(a) of the ESI.† This tensile strain can induce an in-built
exoelectric eld.21 The strain can be relaxed by increasing the
oxygen vacancy concentration.21 However, in a sample rubbed
with the AFM tip, the oxygen vacancy concentration is further
decreased due to the inverse Vegard effect. The strain is then
Nanoscale Adv., 2019, 1, 1763–1771 | 1767
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Fig. 6 Evolution of CPD maps after the rubbing (at a normal force of
0.55 mN) of the inner 1 � 1 mm2 domain as a function of time: (a) CPD
maps of the sample with a LSMO substrate measured immediately
after the rubbing, after 2 h, and after 3 h, (b) CPD maps of the sample
with a LSFMO substrate measured immediately after the rubbing, after
3 h, and after 6 h. The CPD scale is (a) 180–270 mV and (b) 170–
220 mV.
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even more enhanced, potentially leading to an additional
increase of the exoelectric eld. As a result, both the inverse
Vegard effect and exoelectric eld could raise the potential
barrier supporting the observed changes of the electrical
properties.

The efficiency and robustness of the resistive switching
process were tested also in the case of an insulating LSFMO thin
lm with FeOx NPs on top. At the same time, besides different
conductivities of the underlying lm (here the measured
current on non-rubbed areas was up to 50 pA, that is, three
order of magnitude lower than on the LSMO lm with NPs), the
surface coverage of the LSFMO lm by NPs was increased in
order to check its inuence on the switching process. The
asymmetric reciprocal space map and the in-plane magnetiza-
tion curves for this sample are given in Figs. S3(a) and (b) of the
ESI,† respectively. The morphology of the investigated sample is
depicted in Fig. S5 of the ESI.† The surface coverage of the
LSFMO substrate by FeOx NPs is more than 80%. As a result, the
AFM tip is practically in direct contact only with the NPs (on the
other hand, due to a lower surface coverage of the LSMO lm,
there are parts with a bare LSMO substrate which can be directly
probed with the AFM tip). The inuence of a local pressure on
the surface electrical properties is displayed in Fig. S6 (C-AFM
analysis) and S7 (KPFM analysis) of the ESI.† They illustrate
that the local electrical current drops, while the local CPD grows
with the normal force applied during a rubbing. The CPD maps
measured aer the combined rubbing with a grounded tip at an
increased normal load and a negatively biased tip are given in
Fig. S8 of the ESI.† The observed changes in the CPD indicate
that the rubbing with the grounded tip is equivalent to the
applying a positive bias voltage by the AFM tip.

According to the presented results, the electrical properties
were changed in the same way for both samples despite
a different surface coverage by NPs. We hence conclude that the
observed changes are dominantly related to manganite lms
since the surface coverage by NPs does not have a signicant
inuence. Therefore, during the rubbing with the AFM tip, the
applied mechanical load is transferred across NPs to the
underlying manganite lms, so the AFM tip does not need to be
in direct contact with the lms. Since FeOx NPs are not laterally
connected, electrical currents go from the AFM tip across NPs to
manganite lms, or directly from the tip to the lms. Aer that,
charge carriers are transported laterally through the manganite
lms to an external electrical contact.

The results of KPFM measurements indicate that the
rubbing with a grounded AFM tip and increased normal load
induce localized charges on a sample surface. In metal-oxides
generally, localized charges appear due to local changes in the
oxygen vacancy concentration. In order to measure the time
evolution of the localized charges, the CPD was measured as
a function of a time. The resulting CPD maps aer the rubbing
of the inner 1 � 1 mm2 square domain are given in Fig. 6(a)
(immediately aer the rubbing, aer 2 h and aer 3 h) and
Fig. 6(b) (immediately aer the rubbing, aer 3 h and aer 6 h)
for LSMO and LSFMO lms, respectively.

The results for the time-dependent measurements are
summarized in Fig. 7(a1) and (b1) for the samples with LSMO
1768 | Nanoscale Adv., 2019, 1, 1763–1771
and LSFMO lms, respectively, displaying the CPD for both
rubbed and non-rubbed regions. The representative values of
the CPD were calculated from the corresponding histograms, as
in the previous analysis. The CPD on the rubbed regions was
decreasing rather slowly. Aer around 4 h and 6 h for the LSMO
and LSFMO lms, respectively, the CPD was almost equal on
both rubbed and non-rubbed domains. The difference in the
CPD between two domains, DCPD as a function of time is
depicted in Fig. 7(a2) and (b2) for the LSMO and LSFMO lms,
respectively. The experimental results were tted with the
following curve: DCPD(t) ¼ DCPD(0)exp(�t/s) (given by the
dashed line), where t is time in hours, while s is the time
constant of the relaxation process. For the sample with the
LSMO lm, s ¼ 1.75 h, while for that with the LSFMO lm, the
relaxation was much slower, with the time constant s ¼ 3.5 h.

The rate constant of the relaxation of oxygen vacancies can
be calculated according to the measured CPD in the following
way:62

gðtÞ ¼ DCPDðtÞ � DCPDð0Þ
DCPDðNÞ � DCPDð0Þ; (1)

where DCPD(t) is the change in the CPD between rubbed and
non-rubbed domains, while DCPD(0) and DCPD(N) stand for
DCPD at the initial moment and at the end of the relaxation,
respectively. Generally, oxygen incorporation into a metal-oxide
lm can be divided into two processes, the surface reaction and
diffusion in the sample bulk,62–64 so the rate constant can be
deduced in the following way:

g(t) ¼ gsurf(t) + gdiff(t), (2)
This journal is © The Royal Society of Chemistry 2019
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Fig. 7 Evolution of CPD, DCPD, and g as a function of time for the (a)
LSMO and (b) LSFMO samples. Top row (a1) and (b1): CPD on rubbed
and non-rubbed areas. Middle row (a2) and (b2): CPD difference,
DCPD, calculated as the difference between CPDs on rubbed and
non-rubbed areas. Dashed lines stand for the fit to experimentally
obtained points. Bottom row (a3) and (b3): factor g obtained from the
experimental results (points) and the corresponding fit (dashed lines)
with the individual contribution of gsurf(t) and gdiff(t).
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where gsurf and gdiff stand for the rate constants of the surface
reaction and diffusion, respectively. The surface reaction part
can be approximated with an exponential law gsurf(t) �1 �
exp(�kst/L), where ks is the surface reaction constant and L is
the lm thickness. The diffusion part is proportional to
gdiffðtÞ �

ffiffi

t
p

: The overall rate constant g(t) together with the
contributions of gsurf(t) and gdiff(t) are given in Fig. 7(a3) and
(b3) for both samples, LSMO and LSFMO lms, respectively. As
can be seen, the diffusion has larger contribution in the overall
relaxation of oxygen vacancies. Accordingly, the relaxation
process can be described in the following way. The rubbing with
the AFM tip leads to a local sample compression and a decrease
of the oxygen vacancy concentration at the sample surface.
When the AFM tip is removed, the sample surface relaxes
slowly, with a time constant in the order of hours. During that
time, oxygen vacancies diffuse from the sample bulk toward the
surface in order to reach the initial concentration.

KPFM maps measured aer the rubbing suggest that the
mechanical interaction AFM tip–sample could induce trapped
charges in the sample surface due to either contact charging
(local pressure in a single point) or triboelectrication (during
AFM tip motion in contact with the sample). However, our
measurements were done under ambient conditions at a high
humidity around 50%. At such high humidity, it was not
This journal is © The Royal Society of Chemistry 2019
possible to observe any trapped charges induced by either
contact charging or triboelectrication. Due to the conductive
water layer at a sample surface, the time scale of the relaxation
process of the trapped charges is very small (smaller than the
time needed to switch to C-AFM (KPFM) mode and make a full
scan). At the same time, the relaxation of trapped charges is
generally followed by lateral charge spreading. On the other
hand, in our case, we didn't observe any spreading of domains
with modied surface potential as can be seen in the KPFM
images in Fig. 6. In addition, tribocharges generally improve
conductivity due to resulting, discharge induced currents, while
we observed exactly the opposite behaviour. Therefore,
decreased conductivity, the time constant of the relaxation
process and clear spatial connement of domains with the
modied electrical surface potential imply that we really
induced an internal exoelectric eld, while trapped charges
due to triboelectrication can be excluded.

4 Conclusions

In summary, we have demonstrated mechanically induced
switching of the electrical conductivity of thin manganite lms
covered by iron-oxide NPs. The sample surface is switched to an
insulating state for a high enough local pressure applied by the
AFM tip. The pressure induces the exoelectric eld while the
corresponding potential barrier prevents further ow of charge
carriers from the AFM tip to the sample. Aer removing the
AFM tip, the sample surface is relaxed slowly, with the time
constant in the order of hours. During this time, oxygen
vacancies diffuse from the bulk of manganite lms towards the
surface until the equilibrium electrical surface potential is not
reached. Top iron-oxide NPs provide weak room-temperature
magnetism, protect the surface of manganite lms from aging
caused by environmental factors, and assure wear resistance
and a reliable switching process of manganite lms since the
NPs are mechanically stable and tightly attached to the under-
lying manganite lms even aer the rubbing at high normal
loads. The considered heterostructures are potential candidates
for novel multifunctional devices with switchable both electric
and magnetic properties. In that sense, in order to reach their
full potential, the next step would be to explore the switching of
their magnetic properties.
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is dominated by the signal from 100 nm thick LSMO �lm. On the other hand, the high temperature
magnetization is very weak and the hysteresis is almost closed (Hc = 50 Oe). Taking into account the
depressed value of the ferromagnetic transition (Tc = 270 K) in nanostructured manganite thin �lms [1], the
magnetization curve at room temperature (T = 300 K) should arise from iron-based nanoparticles (notice
that, at T = 300 K, the magnetization disappears in bare LSMO �lms and remains principally only in the
�lm with FeOx NPs as shown in Fig. S4(b)).
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reported XMCD curves for the individual contributions [3]. The best �t is in agreement with the XAS data
pointing to a major Fe3+ contribution (92%), although a minute amount of Fe2+ needs to be considered in
order to reproduce the intensity of the feature. The �t shows that 65% of Fe is in octahedral coordination
(52.5% Fe3+ and 8.0% Fe2+) while 39.5% in tetrahedral one. The XAS, the size of the e�ect as well as the
�t results of the XMCD curve seem to indicate that we have a γ-Fe2O3 phase [4, 5, 6, 7].
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rubbed by grounded AFM probe and at the normal force 0.48 µN.
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ABSTRACT: In this work we report on the epitaxial growth of La2NiMnO6
double perovskite thin films on top of (001) oriented SrTiO3 substrates by RF
magnetron sputtering. The influence of oxygen pressure (PO2

) and growth
temperature on the microstructure, stoichiometry of the films, and magnetic
and transport properties is thoroughly investigated. It is found that high oxygen
pressure promotes the growth of stoichiometric films, with a Ni/Mn ratio
almost equal to 1. However, these films exhibit poor ferromagnetic properties
with respect to the expected optimum values corresponding to ferromagnetic
ordering mediated by superexchange interaction between Mn4+ and Ni2+

according to the Goodenough-Kanamori rules. Most interestingly, films grown
at low PO2

exhibit Ni/Mn ratios below 1, but ferromagnetic properties close to
the optimal ones. The valence balance between Ni and Mn ions in
nonstoichiometric sample has been elucidated by X-ray absorption spectros-
copy. The results indicate that Ni deficiency plays a crucial role in the puzzling insulating ferromagnetic behavior observed in
nonstoichiometric samples.

■ INTRODUCTION

The urgent need to solve the problems of energetic efficiency
and data storage and processing speed of current micro-
electronic devices has boosted the search for new materials and
paradigms capable of circumventing those problems. Spin-
tronics has been signaled as a potential alternative technology
to develop multifunctional electronics that combines logic
operations, data storage and transmission with an improved
energetic efficiency. The development of spintronic devices
requires the generation and control of highly spin-polarized
currents1 or pure spin currents.2 A way of obtaining a highly
spin polarized current is by using a spin filtering effect through
ferromagnetic-insulator-ferromagnetic tunnel barriers.3,4 The
same effect can be obtained simply by using a ferromagnetic
insulating barrier.5,6 However, ferromagnetic insulators (FMI)
are very scarce; among the few FMI known double perovskite
(DP) oxides, like La2NiMnO6 (LNMO) and La2CoMnO6,
have attracted considerable attention due to their high Curie
temperature, TC, and magnetodielectric properties.7−9 In both
cases, the ferromagnetic (FM) ordering is explained by
superexchange interaction between Mn4+ and Ni2+ or Co2+

according to the Goodenough-Kanamori rules,10 and it is very
sensitive to the ordered distribution of cations in the B-
sublattice of the DP structure.11 In the case of LNMO, cationic
order gives rise to 180° ferromagnetic interactions between
Ni2+(d8, t2g

6 eg
2, S = 1) and Mn4+ (d3, t2g

3 eg
0, S = 3/2) ions12 and

results in a TC very close to RT (TC ≈ 280 K). Disordering of
Ni and Mn ions, and oxygen vacancies may strongly suppress
FM superexchange interaction.13 In fact, cationic disorder
reduces the saturation magnetization from 5 μB/f.u. (the
maximum expected for the FM contribution of Ni2+ and Mn4+)
since, according to the Goodenough-Kanamori rules, disorder
introduces antiferromagnetic (AF) Mn4+−O−Mn4+ and Ni2+−
O−Ni2+ interactions.8,15
In this work we report on the growth and characterization of

La2Ni1−xMn1+xO6 thin films prepared by RF magnetron
sputtering on top (001)-oriented SrTiO3 (STO) substrates.
Substrates have been cleaned in an ultrasonic bath with Milli-Q

Received: December 21, 2018
Revised: March 4, 2019
Published: March 15, 2019

Article

pubs.acs.org/crystalCite This: Cryst. Growth Des. 2019, 19, 2765−2771

© 2019 American Chemical Society 2765 DOI: 10.1021/acs.cgd.8b01897
Cryst. Growth Des. 2019, 19, 2765−2771

This is an open access article published under an ACS AuthorChoice License, which permits
copying and redistribution of the article or any adaptations for non-commercial purposes.

D
ow

nl
oa

de
d 

vi
a 

92
.5

8.
13

5.
14

 o
n 

M
ar

ch
 3

1,
 2

02
0 

at
 1

4:
55

:2
8 

(U
T

C
).

Se
e 

ht
tp

s:
//p

ub
s.

ac
s.

or
g/

sh
ar

in
gg

ui
de

lin
es

 f
or

 o
pt

io
ns

 o
n 

ho
w

 to
 le

gi
tim

at
el

y 
sh

ar
e 

pu
bl

is
he

d 
ar

tic
le

s.

pubs.acs.org/crystal
http://pubs.acs.org/action/showCitFormats?doi=10.1021/acs.cgd.8b01897
http://dx.doi.org/10.1021/acs.cgd.8b01897
http://pubs.acs.org/page/policy/authorchoice/index.html
http://pubs.acs.org/page/policy/authorchoice_termsofuse.html


water and then annealed at 1000 °C in air for 2 h to obtain a
clean and smooth surface typical for single TiO2 termination.16

Growth conditions, such as temperature, annealing, and
oxygen partial pressure, have been optimized to obtain
LNMO thin films with MS and TC close to the optimum
values. However, it is found that Ni/Mn stoichiometric
samples always exhibit values of TC and MS far from the
optimum ones. In contrast, samples with a remarkable Ni
deficiency show excellent magnetic properties. We report a
detailed study of structural, magnetic, and transport properties
of these two characteristic types of samples.

■ EXPERIMENTAL DETAILS
A series of LNMO samples were grown with oxygen partial pressures
ranging from 70 to 300 mTorr and temperatures between 500 and
900 °C. As-grown samples were annealed in-situ at the same
temperature for 1 h under high oxygen pressure (420 Torr, see
Supporting Information SI1c). The surface quality of samples was
characterized by atomic force microscopy (AFM), using a MFP-3D
AFM (Asylum Research) in taping mode. Structural characterization
was made by means of X-ray diffraction and reflectivity techniques
using a X’Pert MRD-Panalytical and a Siemens D5000 diffractom-
eters. The chemical composition and stoichiometry ratio of LNMO
thin films were determined by wavelength dispersive spectrometer
(WDS) electron probe microanalysis (EPMA) using a CAMECA SX-
50 electron microprobe equipped with four wavelength-dispersive X-
ray spectrometers. High-resolution transmission electron microscopy
(HRTEM) was used to study the microstructure of cross section
specimens of LNMO thin films on a FEITecnai G2F20 S-TWIN
HR(S)TEM operated at 200 kV. Cross section specimens were
prepared by focus ion beam (FIB). The transport properties were
measured in a Physical Properties Measurement System (PPMS,
Quantum Design) by a four-probe technique. Magnetization
measurements were done using a superconducting quantum
interferometer device (SQUID, Quantum Design). X-ray absorption
spectroscopy (XAS) and X-ray magnetic circular dichroism (XMCD)
were investigated at the Ni and Mn L2,3 edges in BL29-BOREAS
beamline at ALBA Synchrotron Light Source (Barcelona, Spain). The
spectra were measured in both the total electron yield (TEY) and
total fluorescence yield (TFY) modes, under ultrahigh vacuum
conditions (2 × 10−10 mbar). The applied magnetic field (parallel to
the X-ray beam) was 4 T.

■ RESULTS AND DISCUSSION
Previous results corresponding to LNMO/STO thin films
prepared by pulsed laser deposition (PLD)13,17−20 make
evident that magnetic properties depend on film thickness
and growth conditions. Similarly, samples prepared by RF
sputtering, in a broad range of temperatures (500 °C ≤ T ≤
900 °C) and oxygen pressure (70 mTorr ≤ PO2

≤ 300 mTorr),
exhibit strong dependence on the growth conditions. Samples
grown/annealed at high temperature and oxygen pressures
above ∼200 mTorr show very deficient magnetic properties
with TC below 150 K. On lowering oxygen pressure
(maintaining the same annealing temperature), TC rises up
to ∼225 K and then decreases again (see Supporting
Information SI1a). We have also found a non-monotonous
dependence of TC on the deposition temperature (see
Supporting Information SI1b). On lowering the growth

temperature from 900 to 850 °C, at a partial oxygen pressure
of 140 mTorr, TC increases from TC ∼160 K to ∼240 K
(estimated from inflection point). As a result, the optimal
Curie temperature, TC ≈ 240 K, has been obtained for samples
grown/annealed at 850 °C and at an oxygen partial pressure of
140 mTorr. This sample was labeled as LNMO-δD.
According to previous results reported for LNMO samples

prepared by PLD, good FM properties (i.e., TC ≈ 260 K and
MS ≈ 5 μB/f.u. at low T) are obtained in samples prepared at
higher oxygen pressures, i.e., 300 mTorr,17 or even 800 mTorr,
and temperatures around 750−800 °C,13,14 with in situ
annealing (in 760 Torr of O2) to promote B site cationic
ordering and minimize the oxygen deficiency.21 In general, for
lower oxygen pressures, samples present a low saturation
magnetization,13 with the exception of ref 17 where films
prepared under pO2

> 180 mTorr are reported to have MS ≈ 5
μB/f.u..
These results are in contrast with our own observations, so

to clarify the origin of those discrepancies we have carefully
analyzed the stoichiometry (using EPMA) of our samples.
Results are shown in Supporting Information SI2a. It is found
that all the samples present a La:(Ni + Mn) atomic ratio near
1, but the Ni/Mn ratio strongly depends on pO2

used in the
growth process. Thus, the actual composition of the samples
should be expressed as La2Ni1−xMn1+xO6. Samples grown at
high pressure present a Ni/Mn ratio close to 1 (and thus good
stoichiometry), but at lower pressures samples become Ni-
deficient, reaching values of a Ni/Mn ratio of about 0.3 (x ≈
0.54, La2Ni0.46Mn1.54O6). In spite of this remarkable Ni
deficiency, samples exhibit excellent FM properties (see
Supporting Information SI1a). It must be remarked that
Blasco et al. report, for bulk LaNi0.25Mn0.75O3, a FM behavior
with TC = 200 K and MS = 2.75 μB/f.u. (equivalent to 5.5 μB/
f.u. in double perovskite notation). It is also worth to remark
that the same work reports stoichiometric oxygen content
when samples were sintered in O-poor atmosphere (Ar). On
another hand, a very detailed local study of LNMO films
grown by molecular beam epitaxy (at very low oxygen
pressure) has shown a spontaneous segregation of the
stoichiometric La2NiMnO6 into a La2Ni1−xMn1+xO6 (x ≈
0.2) matrix and NiO inclusions.22

Lowering the growth/annealing temperature to 850 °C has
little effect on the stoichiometry of the films (see Supporting
Information SI2b) which are still Ni deficient. Actually, sample
LNMO-δD has a Ni/Mn ratio of 0.40 (x = 0.43) as shown in
Table 1. Next, we will focus on two samples prepared by using
the same conditions: growth temperature 850 °C and
annealing at 850 °C for 60 min, one under 140 mTorr of O2
pressure (LNMO-δD), and the second under 300 mTorr
(LNMO-δG). This second sample has nearly the nominal Ni/
Mn = 1 stoichiometry but poor ferromagnetic properties.
XRR curves of nonstoichiometric (LNMO-δD) and

stoichiometric (LNMO-δG) samples are depicted in Figure
1a,b, which correspond to the highest and lowest TC obtained,
the fitting to these data (black lines) has been done using XRay
utilities library.23 Thickness values found for both samples are

Table 1. Chemical Composition and Stoichiometry Ratio of LNMO-δD (140 mTorr) and LNMO-δG (300 mTorr) Samples

PO2
(mTorr) La (atom %) Ni (atom %) Mn (atom %) O (atom %) La/Ni + Mn Ni/Mn x

140 19.2 ± 0.2 6.0 ± 0.1 14.0 ± 0.1 60.0 ± 0.5 0.96 0.4 0.43
300 20.0 ± 0.1 9.0 ± 0.1 9.0 ± 0.1 60.0 ± 0.2 1.11 1.0 0.0
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very similar (42 and 44 nm). Inset in Figure 1 shows AFM
topography images in tapping mode of both films, topography
shows a high quality flat surface with a terrace-steps type
morphology. The root-mean-square (rms) value of surface
roughness is found to be very small about of 0.2 nm and steps
height of about 0.4 nm, corresponding to the perovskite unit
cell. Annealing at high oxygen pressures (420 Torr) favors the
formation of well-defined terraces mimicking the STO
substrate.
In addition, structural properties have been investigated by

high resolution θ/2θ X-ray diffraction (XRD), Figure 2a,c
shows scans around (002)STO reflection using Cu−Kα1
monochromatic radiation of LNMO-δD and LNMO-δG
samples, respectively. From these θ/2θ XRD scans the
corresponding out-of-plane lattice parameters are determined:
c = 3.895 Å for LNMO-δD and c = 3.908 Å LNMO-δG, which
are slightly higher than the pseudocubic perovskite lattice
parameter of bulk LNMO, namely, 3.879 Å,24 and this
difference may be caused by the presence of Mn3+. It is also
worth mentioning here that Laue fringes can only be seen in
LNMO-δG sample but not in LNMO-δD one. Reciprocal
space maps, around (103)STO reflection of the same samples,
are shown in Figure 2b,d. Measures evidence that films grow
fully strained. In fact, for LNMO-δD sample, a small peak
coming from the LNMO film can be seen just above the
substrate peak. For LNMO-δG sample, both peaks are fully
overlapped due to the high similarity between the out-of-plane
lattice parameters.
A deeper insight into the microstructural features can be

obtained by using high resolution transmission electron
microscopy (HRTEM) (see Figure 3a,b. For HRTEM
observations in Figure 3a sample LNMO-δD was cut along
the (100) direction of STO. HRTEM images show the
coexistence of domains with different orientations as can be
appreciated in the Fourier transform (FT) of the image. The

FT of a large area shows different spots corresponding to the
enlargement of the LNMO lattice with respect to STO
(LNMO cell parameters are of the type a ≈ b ≈ √2ap, c ≈ 2ap
where ap is the primitive perovskite cell parameter). These
spots can be indexed as (0 k/2 l) (k odd), (0 k l/2) (l odd),
and (0 k/2 l/2) (k and l odd) and indicate different
orientations of the LNMO cell in the film. This is better
illustrated by FT of small regions. For some regions only spots
corresponding to (0 k/2 l) (k odd) are found thus in those
regions cLNMO is parallel to (010)-STO substrate direction; in
other zones only spots of the type (0 k l/2) (l odd) can be
seen, which correspond to cLNMO parallel to (001)-STO; and
finally a third type of regions where spots of the type (0 k/2 l/
2) (k and l odd) are present corresponds to cLNMO parallel to
(100)-STO. On the other hand, in Figure 3b sample LNMO-
δG was cut along the (110)-STO direction. In this case, the
sample is more homogeneous, only one type of spot
corresponding to the larger cell of LNMO is observed, and
superstructure spots are indexed as (h/2 −h/2 l/2) (h and l
odd). This indicates that the orientation of cLNMO axis is
parallel to (100) or (010) (in the plane of the film). Therefore,
HRTEM observations confirm that domains with in-plane and
out-of-plane orientations of cLNMO coexist in LNMO-δD
sample, while only in-plane orientation of cLNMO is stabilized
for LNMO-δG sample. This multiple orientations of c-axis in
LNMO-δD must be related to the absence of Laue fringes in
the θ/2θ scans.
Zero field cooling-field cooling (ZFC-FC) magnetization

curves of both, LNMO-δD and LNMO-δG, samples measured
using a field of H ≈ 0.1 T, are depicted in Figure 4a. This
figure evidences the strong dependence of the magnetic
behavior on the oxygen pressure during the growth process.
M(T) curves of LNMO-δG sample do not show evidence of
ferromagnetic ordering. On the other hand, M(T) curves of
LNMO-δD display the expected temperature dependence of

Figure 1. XRR data of (a) LNMO-δD (140 mTorr O2) and (b)
LNMO-δG (300 mTorr O2) thin films grown on STO(001)
substrate, with thickness values of 42 and 44 nm; insets show AFM
topography images of a small area of the samples.

Figure 2. High-resolution θ/2θ XRD scans of the (002) reflections
for (a) LNMO-δD and (c) LNMO-δG films. Panels (b) and (d) show
RSM around (103) reflections for the same samples.
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an FM with no signal of double transition, and a Curie
temperature of about 240 K. The field dependence of the
magnetization, M(H), after correcting the diamagnetic
contribution from substrate and other instrumental contribu-
tions,25 is shown in Figure 4b. M(H) loops corresponding to
sample LNMO-δD at T = 10 K exhibit the expected hysteretic
behavior with a coercive field of about 1.4 kOe and 1.2 kOe for

the field applied in-plane and out-of-plane configurations,
respectively. Accordingly, magnetization remanence for the in-
plane configuration (Mr ≈ 3.1 μB/f.u) is larger than that found
for the out-of-plane (Mr ≈ 1.7 μB/f.u). A saturation
magnetization of Ms ≈ 5.3 μB/f.u, is found, i.e., somewhat
larger than the expected theoretical value (∼5 μB/f.u.) for
perfectly ordered stoichiometric La2Ni

2+Mn4+O6,
26 and also

larger than the experimental bulk value (∼4.96 μB/f.u.). At this
point it is worth mentioning that nonstoichiometry enhances
the maximum value achievable for the magnetization for full
FM ordering. For the stoichiometry (Ni/Mn ratio) found in
our case Ms should be around 5.9 μB/f.u., as 2 μB/Ni (× 0.57
Ni/f.u.) are attributed to Ni2+ and 3.34 μB/Mn (× 1.43 Mn/
f.u.) to Mn3.66+ (as a fraction of Mn4+ must reduce to Mn3+ to
compensate Ni deficiency).
On the other hand, according to Figure 4b the easy

magnetization direction lies in the film plane. Although this is
the usual behavior in thin films since shape anisotropy tends to
place magnetization in plane, the large remanence coercive
field of the out-of-plane magnetization curve cannot be
understood by considering only shape anisotropy and indicates
that magnetocrystalline anisotropy also plays an important
role. Furthermore, HRTEM characterization has shown that
domains with different crystallographic orientations coexist.
Consequently, magnetocrystalline anisotropy would contribute

Figure 3. (a) Cross-section HRTEM image of the LNMO-δD (140
mTorr) film viewed along the STO [100] zone axis and
corresponding Fourier filtered image emphasizing the strain state of
the film and the coexistence of nanodomains with different
orientations. Bottom panels show, from left to right, an FFT of the
whole image exhibiting superlattice spots at (0 0 l/2), (0 k/2 l/2), and
(0 k/2 0) (indexed according to STO orientation), and FFT patterns
obtained from windows 1, 2 and 3, respectively, revealing the
orientations of different nanodomains: In 1 the c-axis of the film is in-
plane and parallel to the image, in 2 the c-axis is in-plane and
perpendicular to the image, and in 3 it is oriented out-of-plane. In 1,
2, and 3, peaks and zone axes are referred to the pseudocubic unite
cell of LNMO. (b) Schematic models for the observed epitaxial
relationships. (c) Cross-section HRTEM image and corresponding
FFT pattern of the LNMO-δG (300 mTorr) film viewed along the
[110] zone axis, exhibiting high crystalline quality and an in-plane
orientation of the monoclinic cLNMO axis. The encircled spot
corresponds to the (h/2 h/2 −l/2) superlattice. Indices are referred
to the pseudocubic unit cell of LNMO.

Figure 4. (a) Magnetization measured after ZFC and FC as a function
of temperature under an applied field of 1 kOe (in the plane of the
film) of LNMO-δD (140 mTorr O2, red curve) and LNMO-δG (300
mTorr O2, blue curve). (b) M(H) hysteresis loops of LNMO-δD at
10 K for H applied in-plane and out-of-plane, the inset shows in detail
the low field region. (c) Temperature dependent resistivity of LNMO-
δD under zero and 9 T magnetic field. Inset, ln ρ vs (1/T)1/4.
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to both in-plane and out-of-plane directions, in accordance
with the observed behavior.
Figure 4c shows the temperature and field-dependence of

the resistivity of the LNMO-δD film. The measurements show
that the resistivity values increase when cooling, thus exhibiting
insulating behavior in the whole temperature range. Almost no
magnetic field dependence of the resistivity is detected even
when crossing TC (∼240 K). The temperature dependence can
be well described by using a three-dimensional (3D) variable-
range hopping (VRH) model: ρ(T) = ρ0 exp(T0/T)

1/4, where
ρ0 is the prefactor and T0 is the characteristic hopping
temperature, related to the electron hopping probability, P, of
the material.27 The slope of the curve corresponds to T0

1/4, and
in this case, we have obtained a value of T0 ≈ 0.4 × 108 K,
which is similar to the values reported for other transition
metal oxides.28,29

As mentioned in the introduction, the FM character of
La2NiMnO6 is understood in terms of the superexchange
interactions between Ni2+ and Mn4+ according to the
Goodenough-Kanamori rules. However, the large Ni deficiency
found in LNMO-δD sample puts a question mark over this
interpretation. To determine the valence states of Ni and Mn
ions in Ni-deficient samples, X-ray absorption spectroscopy
(XAS) experiments have been carried out in LNMO-δD (x ≈
0.43) sample (at two different temperatures: 20 and 300 K).
The L2,3 (2p → 3d transition) XAS spectra, measured by using
the TEY technique, corresponding to Mn and Ni are shown in
Figure 5a,b. The Ni L3 edge (see Figure 5b) is overlapped with
the La M (3d3/2 → 4f) absorption peak and is hard to analyze.
In contrast, the Ni L2 edge (ℏυ ≈ 865−875 eV) absorption
peak (shown in the inset) can be easily compared with that of
NiO (Ni2+) also shown in the inset. All three edges present a
double peak feature that is quite similar to all Ni-divalent
compounds and is well understood in terms of a covalent
ground state of mainly Ni2+ (3d8) character plus an anion-
dependent fraction of the 3d9 L and 3d10 L configurations,
where L stands for an anion (ligand) hole.30,32 This double
peak is also displayed by L2 edge of a stoichiometric (and with
almost full cationic ordering) sample of La2NiMnO6, and very
different from the L2 peak of PrNiO3 and NdNiO3
corresponding to (Ni3+).31,32 Therefore, we can conclude
that the oxidation states of Ni ions in our Ni-deficient sample
is 2+. It is worth mentioning that a XANES study in bulk
samples of LaNi1−xMnxO3 has concluded that for x ≥ 0.5 the
valence of Ni stabilizes to 2+.33

In order to determine the valence of Mn, we have also
measured the L2,3 edges of reference samples LaMnO3 (Mn3+),
La0.7Sr0.3MnO3 (Mn3.3+), and CaMnO3 (Mn4+). Spectra
measured in both TEY and TFY detection modes at room
temperature are compared in Figure 5e. A shift of the Mn L3
peak toward higher energies for all XAS spectra in the series of
samples is detected. By comparing L3 absorption peaks of
LaMnO3 at 642.5 eV (Mn3+) and CaMnO3 located at 644.1 eV
(Mn4+), with that of LNMO-δD centered between both
compounds at 643.5 eV, the valence of the latter can be
estimated to be around +3.6. Therefore, assuming a 2+ valence
for Ni, and recovering sample stoichiometry values determined
by EPMA, a mixed valence of 3.64+ is obtained for Mn. Thus,
XAS measurements lead us to conclude that Ni-deficient
samples (LNMO-δD) contain a certain quantity of Mn3+, and
therefore, Mn must be in a mixed-valence Mn3+/Mn4+

oxidation state. For that reason, since Mn3+ ions have a larger
magnetic moment that Mn4+ ones, larger values of the

saturation magnetization might be observed in Ni-deficient
samples.
X-ray magnetic circular dichroism (XMCD) has been used

to investigate the specific magnetic properties of Mn and Ni
ions in the LNMO-δD sample. All the XMCD spectra (see
Figure 5c,d) have been normalized to the integrated area of the
corresponding XAS spectra.33 These spectra were measured by
the TEY method at 20 K and 300 K. It is found that L3
absorption peak shows a strong negative XMCD signal at both
Ni and the Mn edges, which indicates that the Ni2+ and Mn4+

ions are aligned ferromagnetically. The XMCD signal nearly
disappears at room temperature (above TC).
In order to extract quantitative information about orbital

magnetic moment μorb and spin magnetic moment μspin
contributions to the magnetic moment of Mn 3d and Ni 3d
states, we made use of the so-called sum-rules in the XMCD
spectra.34−36

∫ ∫

∫ ∫
μ = −

Δ + Δ

+
−

( )
( )

I E E I E d

I E E I E E
N

4 ( ) d ( ) E
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L 3d
3 2

3 2

(1)

Figure 5. XAS spectra for an epitaxial LNMO-δD thin film. (a) Mn
L2,3 and (b) Ni L2,3, the inset shows the Ni 2p1/2 absorption peak,
absorption spectrum of NiO is also plotted for comparison (black
curve). XMCD of (c) Mn L2,3 and (d) Ni L2,3, measured at 20 K (red
curves) and room temperature (RT) (blue curves); the dashed line
shows the corresponding integral at 20 K (right axis, note that dashed
lines start at zero value). (e) Absorption-corrected FY (left) and TEY
(right) Mn L2,3 XAS edge of LNMO-δD film compared with reference
spectra such as LaMnO3, LSMO, and CaMnO3 at 300 K respectively.
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where ΔI = I+− I−; I = I+ + I−; N3d is the 3d electron
occupation number and μT is the magnetic-dipole moment
(usually negligible for transition metals in octahedral environ-
ment). The corresponding integral of the XMCD signal is also
depicted in (Figure 5c,d). In the case of Mn ions from the
integral of XMCD signal it is found that μL

Mn ≈ 0. In contrast
we obtained μL

Ni/μS
Ni = 0.32 at 20 K for Ni. Thus, XMCD study

reveals that orbital moment of Ni is not quenched. It is worth
mentioning that this orbital contribution is necessary for spin−
orbit interactions giving rise to magnetocrystalline anisotropy
and reinforces the interpretation that this must be the origin of
the magnetic anisotropy evidenced in Figure 4b.

■ CONCLUSIONS
In summary, we have shown that high-quality epitaxial thin
films of the double perovskite LNMO, with Curie temper-
atures of Tc = 240 K and saturation magnetization of 5.3 μB/
f.u., can be prepared by using the RF sputtering technique.
However, magnetic properties turn out to be strongly
dependent on the preparation conditions, particularly on the
oxygen partial pressure, pO2

, used during the growth process.

Samples prepared at low pO2
(≤140 mTorr) are Ni-deficient

with a Ni/Mn ratio of about 0.43, while those prepared at high
pO2

(≥300 mTorr) show the expected Ni/Mn ≈ 1 ratio.
However, stoichiometric samples show poor ferromagnetic
properties, i.e., low Tc and low saturation magnetization. In
contrast, nonstoichiometric samples exhibit high Tc ≈ 240 K
and high saturation magnetization of Ms ≈ 5.3 μB/f.u.
Assuming that FM ordering in the double perovskite structure
comes from superexchange interactions between Ni2+ and
Mn4+, according to the Goodenough-Kanamori rules, the
values of Tc and Ms obtained for stoichiometric samples clearly
indicate that Ni/Mn cationic ordering in the B-sublattice is
absent. On the other hand, XAS measurements allow
concluding that Ni ions are stabilized as Ni2+ even in
nonstoichiometric samples. Additionally, XAS measurements
in nonstoichiometric samples also demonstrate that Mn ions
are in a mixed-valence Mn3+‑4+ state with an effective valence of
+3.6. However, samples exhibit insulating behavior, and
therefore double-exchange interaction cannot be invoked to
explain the observed FM ordering. So, to explain the excellent
magnetic properties found in Ni-deficient samples some kind
of cationic ordering between Ni2+, Mn3+, and Mn4+ in the B
sublattice has to be assumed, and thus, the question of whether
a Ni deficiency can favor Ni/Mn ordering arises. On the other
hand, our XMCD measurements show that the contribution of
the orbital moment to the magnetic moment of Mn ions is
negligible, but for Ni ions it is quite important, μL

Ni/μS
Ni = 0.32,

thus allowing us to conclude that magnetic anisotropy
observed in the magnetic measurements (M(H) loops) is of
magnetocrystalline origin.
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1. M (T) curves of LNMO samples grown under different oxygen pressures and 
growth temperatures. 

 

 

FIG. SI1. In-plane magnetization of LNMO samples as a function of temperature under H=5 KOe grown (a) under oxygen 
pressure ranging from 70 to 300 mTorr at 900oC, with annealing at the same temperature for 1h at 420 Torr O2. (b) at 
different growth temperatures. (c) Comparison of a LNMO-δD (growth at 850oC under 140 mTorr O2) with 1h of annealing 
at 420 Torr O2 (red curve) and a LNMO film (growth at 850oC under 140 mTorr O2) without annealing (green curve).  
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2. Stoichiometry of the LNMO films 
		

We have performed electron probe micro-analysis (EPMA) to determine the composition of 
LNMO films. Representative data about the composition of several samples are shown as a 
function of oxygen pressure and temperature. 

 

 

FIG. SI2. Stoichiometry ratio of LNMO thin films grown on STO (001) substrates (a) under oxygen pressures ranging from 
70 to 300 mTorr (b) at different growth temperatures under 140 mTorr O2 for 1h (obtained by EPMA). Error bars have been 
estimated from the dispersion of the EPMA results at different points of the samples. 
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A B S T R A C T

Hydrothermal synthesis of Mn2+ doped titanate nanotubes (TNTs), which exhibited room temperature ferro-
magnetism (RTFM), is reported. Dispersions of 1 and 5 at.% Mn2+ doped anatase TiO2 nanocrystals were used as
precursors. Size and shape of Mn2+ doped TNTs and precursor nanocrystals were studied by transmission
electron microscopy (TEM). The relatively uniform size distribution of transverse dimension of nanotubes of
about 10 nm was observed while their lengths varied up to few hundred nanometers. The X-Ray Diffraction
(XRD) analysis and Raman spectroscopy of resultant powder confirmed the hydrogen dititanate (H2Ti2O5 x H2O)
crystal phase of Mn2+ doped TNTs with the presence of small amount of sodium titanates. Electron para-
magnetic resonance (EPR) experiments were performed to probe the local atomic and electronic structure of Mn
in the nanotubes. Room temperature ferromagnetic ordering with saturation magnetic moment (Ms) in the range
of 0.6–1.5 μB per Mn atom was observed.

1. Introduction

The size, shape and crystal structure of nanoparticles are important
parameters that control their chemical, optical, electrical and even
magnetic properties and affect their catalytic activity [1,2]. Low di-
mensional (1D) titania/titanate nanostructures such as nanotubes, na-
nowires, and nanobelts have attracted a great attention in recent years
because they have potential applications in electronics, magneto-elec-
tronics, optics, catalysts, sensors, and energy conversion [1–8]. These
nanotubes are characterized by high aspect ratio, large specific surface
area and structure that open up possibilities for enhanced electron
transfer and charge separation, thereby helping to increase the effi-
ciencies for solar cells, electrolysis, and photocatalysis [9].

Titania/titanate nanotubes of various dimensions have been syn-
thesized by different methods such as anodization, sol–gel, molecular
assembly and hydrothermally. It was proposed that the formation of
nanotubes was a result of the condensation of hydroxyl groups that
terminated layers/sheets of TiO2 obtained in the alkaline treatment of
the nanocrystalline anatase TiO2 precursor. According to the literature,

the crystalline structure of the scrolled nanotubes obtained by this
method varies from pure anatase, mixed phase of anatase and rutile, to
titanate [3,6,10–12]. The formation mechanism of the scrolled nano-
tubes has not yet been clarified.

As mentioned above, 1D nanostructured titania/titanate materials
have potential application in magneto-electronic devices. The ability to
control the spin of electrons in 1D titania/titanate nanostructures, and
not only the charge of electrons in diluted magnetic semiconductors,
would expand applications of these nanomaterials in conventional
spintronic devices. The term diluted magnetic semiconductor (DMS)
refers to a non-magnetic semiconductor material where the host cations
are replaced with magnetic impurities up to a few atomic percent. DMSs
were mostly based on II-VI or III-V compounds, but these materials
were unattractive for practical electronic applications since ferro-
magnetism has been achievable far below room temperature [13]. Re-
cently it was theoretically predicted that transition metal ions doped
metal oxides (TiO2, SnO2, In2O3, ZnO) are suitable materials for DMSs
with ferromagnetic behavior at room temperature [14–16].

In this paper we reported for the first time, to the best of our
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knowledge, structural, optical and magnetic characterizations of Mn2+

doped titanate nanotubes (TNTs) synthesized by hydrothermal method
using dispersions of Mn2+ doped anatase TiO2 nanoparticles as pre-
cursors. Size and shape of the precursor nanoparticles and resulted
Mn2+ doped TNTs were studied by transmission electron microscopy
(TEM), while their crystalline structures were studied by the X-ray
Diffraction (XRD) analysis and Raman spectroscopy. The ICP Emission
Spectrometry was applied for determination of the concentrations of
Mn2+ dopant ions incorporated within the host. The optical char-
acterization of powdered samples of the Mn2+ doped TNTs was carried
out by UV–Vis spectroscopy in reflection mode. Oxidation state of Mn
ions and their coordination environment was determined using electron
paramagnetic resonance (EPR) spectroscopy. The superconducting
quantum interference device (SQUID) magnetometer was used to study
the magnetic properties of films made of Mn2+ doped TNTs.

2. Experimental procedure

All chemicals were reagent-grade from Aldrich and used as received.
Mn2+ doped TNTs were synthesized according to modified (different
autoclaving time and temperature and post-synthetic rinsing treatment)
procedure of Kasuga et al., using dispersions of 1 and 5 at.% Mn2+

doped anatase TiO2 nanoparticles as precursors [12]. The 250mg of
precursor powder was dispersed in 10ml 10M NaOH and hydro-
thermally treated 20 h in a Teflon vessel (total volume 25ml) under
saturated vapor pressure of water at 150 °C. After autoclaving, the en-
suing powder was washed with distilled water until pH of water
achieved 7. The powder was then air dried at 70 °C.

Mn2+ doped anatase TiO2 precursor powder was synthesized ac-
cording to the slightly modified procedure of Carević et al. [17]. In
brief, 1 and 5 at.% of MnCl2 was dissolved in 500ml of solvent mixture
(water: isopropanol= 1:1, pH≈ 2 adjusted by HNO3) at 0 °C. Then, a
solution of 4ml titanium (IV) isopropoxide in 20ml isopropanol was
added drop-wise under vigorous stirring. After 15min at T=0 °C, the
ice bath was removed and the reaction mixture was continuously stirred
at room temperature for 48 h. The resulting white dispersion was dia-
lyzed against water until pH=6 was reached, then centrifuged
(4000 rpm, 30min) and dried until a constant weight at 75 °C. In the
case of the non-doped sample, the synthesis was performed in the same
way but without addition of MnCl2.

The percentage ratio of Mn2+ to Ti4+ ions in doped TNTs was de-
termined using ICP Emission Spectrometer: ICAP 6000 series (Thermo
Electron Corporation). Prior to the ICP measurements, the powdered
sample was dispersed in 3ml of concentrated sulfuric acid and hydro-
thermally treated for 60min at 250 °C in Teflon vessel (Parr acid di-
gestion bomb, total volume 25ml). The final concentrations of Mn2+

ions in samples of doped TNTs were 0.01 and 0.017 at.% of the amount
of Ti4+ ions.

The shape and size of Mn2+ doped nanotubes and precursor Mn2+

doped anatase TiO2 powder were characterized using JEM 1400
transmission electron microscope operating at 120 kV.

The X-ray powder diffraction (XRD) patterns were obtained using a
Philips PW-1050 automated diffractometer using Cu K-alpha radiation
(operated at 40 kV and 30mA). Diffraction data for crystallographic
analysis were collected in the 2θ range 10–120°, with scanning steps of
0.02 and exposition time of 12 s. Samples for XRD measurements were
prepared using standard protocol [18].

Raman spectra were recorded with a DXR Raman microscope
(Thermo Scientific, USA), equipped with a research optical microscope
and a CCD detector. A diode-pumped solid-state laser with the excita-
tion wavelength (λexc) of 532 nm was used for all measurements. The
powder sample was placed on X-Y motorized sample stage and the laser
beam was focused on the sample at objective magnification of 10× .
The scattered light was analyzed by the spectrograph with a 900 lines
per mm grating. The laser power on the sample was kept at 10.0 mW.
For all Raman spectra an automated fluorescence correction was

performed, using the OMNIC software (Thermo Scientific). The ex-
posure time was 10 s and 10 exposures per spectrum were applied.

Reflectance spectra of powders of undoped and Mn2+ doped TNTs
were recorded at room temperature using Thermo Scientific Evolution
600 UV/Vis spectrophotometer.

X-band electron paramagnetic resonance (EPR) experiments were
conducted at room temperature and T=77 K on a Magnettech
MiniScope MS300 spectometer.

The field dependence magnetic moment was measured with a super
conducting quantum interference device magnetometer (Quantum
Design). The magnetic field was applied parallel to the film surface. The
measured magnetization at 300 K was corrected for the diamagnetic
background of the glass substrate (derived from high-field dependence
magnetization data). Films for magnetic characterization were prepared
by drop casting of dispersions of Mn2+ doped TNTs onto pre-cleaned
glass substrate. The films were annealed in air for 2min at 100 °C after
each drop. Weight of each film, on the basis of which is determined the
amount of the dopant ions for magnetic moment calculation, was
measured.

3. Results and discussion

In this study, Mn2+ doped TNTs were synthesized by hydrothermal
processing of dispersions of various concentrations (1 and 5 at.%) of
Mn2+ doped anatase TiO2 nanoparticles, in proton deficient aqueous
solutions. TEM image of the 5 at.% Mn2+ doped TiO2 nanoparticles,
revealed their faceted shape with highly uniform size distribution,
ranged between 8 and 10 nm (Fig. 1).

Crystalline structures of the precursor Mn2+ doped TiO2 nano-
particles were studied by X-Ray powder Diffraction (XRD) analysis. The
XRD spectra of 1 and 5 at.% Mn2+ doped TiO2 nanoparticles are shown
in Fig. 2. Peaks appearing in XRD patterns of both samples at
2θ=25.31°, 37.81°, 48.10°, 53.91°, 55.11°, 62.71° and 68.81° can be
undoubtedly assigned to (101), (004), (200), (105), (211), (204) and
(116) planes, respectively, of the tetragonal anatase crystal form of
TiO2 [JCPDS 89-4921]. The appearance of diffraction peaks at
2θ=30.65°, in both diffractograms, indicated the presence of small
content (amount) of brookite TiO2 crystalline phase, as could be ex-
pected for samples synthesized without thermal treatment [JCPDS 29-
1360, 17, 19]. Within detection limit of the instrument, no diffraction
peaks of other metal oxides impurities were observed, implying suc-
cessful incorporation of Mn2+ ions into TiO2 crystal lattices.

Hydrothermal processing is a very simple and efficient method for
the synthesis of scrolled titania/titanate nanotubes using most often as
a precursor highly alkaline dispersion of commercial TiO2 powders, at
elevated temperatures (120 °C–200 °C) [20]. The convenience of this

Fig. 1. TEM image of 5 at.% Mn2+ doped TiO2 nanoparticles.
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method for the synthesis of TNTs is also reflected in the possibility of
utilizing other precursor materials, such as colloidal TiO2 nanoparticles
and molecular Ti based compounds [21].

We exploited previous facts for the synthesis of Mn2+ doped TNTs
applying dispersions of 1 and 5 at.% Mn2+ doped anatase TiO2 nano-
particles as precursors. The reason for such synthetic approach lies in
harsh experimental conditions (extreme alkalinity, 10M NaOH) and
high temperature (up to 200 °C) attained during 20 h long hydrothermal
treatment. These conditions exclude the possibility of use molecular
precursors of dopant ions and their successful incorporation in crys-
talline structures due to appearance of their undesired oxidation state
and/or formation of hydroxide forms before incorporation. Oxidized
form of dopant ions such as manganese, in general, strongly influence
overall magnetic properties of doped metal oxides, while on the other
hand presence of manganese-hydroxide prevents incorporation in TNT
crystal lattice.

Taking into account that formation of TNTs, during the hydro-
thermal treatment of nanoparticles dispersions and post-synthetic rin-
sing procedures, was induced by rearrangement of nanoparticles
structural units (face-sharing and edge-sharing TiO6 octahedra) forming
lamellar sheets which subsequently scrolled into nanotubes, one can
expect successful synthesis of doped nanotubes from doped nano-
particles [20,22]. Using Mn2+ doped TiO2 anatase nanoparticles as
precursor material, in the manner described, problems related to the
nucleation stage in synthesis of Mn2+doped tubular nanocrystals which
could lead to ineffective doping, were avoided.

The conventional TEM image of the 0.017 at.% Mn2+ doped TNTs
with open-ended multiwall structure is shown in Fig. 3. Relatively
uniform size distribution of Mn2+ doped TNTs with average diameters
of d ∼10 nm was observed. The length of the nanotubes varied in the
range up to hundreds of nanometers. There is no significant difference
in TNTs morphologies between samples with different dopant con-
centrations (not shown).

Despite the considerable efforts to defining the formation me-
chanism and crystalline structure of hydrothermally synthesized TNTs,
the debate on this issue is still ongoing. Hydrothermal synthesis of
crystalline TNTs requires optimization of the following parameters: the
temperature, the applied volume of dispersion (filling fraction), and the
concentration of the hydrochloric acid used for the post-synthetic rin-
sing.

Upon NaOH treatment, some of the Ti-O-Ti bonds are broken,
forming an intermediate containing Ti-O-Na and Ti-OH which re-
arrange to form sheets of edge-sharing TiO6 octahedra with Na+ and
OH− intercalated between the sheets. The formed structure is sodium

titanate with layers composed of the TiO6 octahedra edge-shared in a
zigzag configuration that can be correlated with the principal unit layer
of the anatase TiO2 projected along (101) crystal plane [3,12,20]. Ex-
perimental data show that both anatase and rutile can be transformed
into titanate nanotubes via the NaOH treatment [8,23,24]. The re-
arrangement of the TiO6 octahedra in rutile would be more vigorous in
order to form the titanate because the principal structures of anatase
and the titanate are more similar. The formed sodium titanate layers
would undergo Na+ exchange with H+ in the post-synthetic washing
treatment. The exchange would result in variation of the surface charge,
leading to a peeling-off of the individual layers of the titanate and
subsequent scrolling of the layers into nanotubes [3,12,20].

The XRD data of powdered samples of 0.01 and 0.017 at.% Mn2+

doped TNTs are given in Fig. 4. The XRD pattern confirms the presence
of mixed titanate phases in the samples, with the orthorhombic H2Ti2O5

x H2O phase as the dominant phase for both samples independently of
the Mn2+ concentrations. Orthorhombic hydrogen titanate (H2Ti2O5 x
H2O) usually appears as a main crystalline phase of hydrothermally
synthesized nanotubes rinsed with water only. Diffraction peaks at
2θ=24.2°, 28.4°, 34.5°, 38.6°, 48.4°, and 49.1° can be assigned to
(110), (310), (301), (501), (020) and (220) crystalline planes, respec-
tively, of orthorhombic H2Ti2O5 x H2O compound. Furthermore, the
unstructured wide band at 2θ∼61° can be assigned to (002), (202) and

Fig. 2. XRD patterns of 1 and 5 at.% Mn2+ doped TiO2 nanoparticles.

Fig. 3. TEM image of 0.017 at.% Mn2+ doped TNTs.

Fig. 4. XRD patterns of 0.01 and 0.017 at.% Mn2+ doped TNTs.

M. Vranješ, et al. Solid State Sciences 94 (2019) 155–161

157



(521) planes of H2Ti2O5 x H2O (Fig. 4) [25]. Appearance of peaks at
2θ=18.9°, 32.3°, 36.1°, 37°, 41.7° and 52.9° in diffractograms of all
studied samples indicated the presence of the second crystalline phase,
sodium titanium hydrogen oxide hydrate (Na0.98H1.02Ti4O9 x 3H2O).
The presence of this compound can be predictable taking into the ac-
count expectations that certain content of sodium ions is left behind
after rinsing, which allowed the formation of titanium salt [JCPDS 38-
0221, 26, 27, 28, 29]. The intensity ratio of diffraction peaks at
2θ=24.2° and 28.4° can be used as a measure of sodium content. The
peak at 2θ=24.2° is less intensive than the one at 2θ=28.4° which
suggests the incomplete replacement of Na+ ions by H+ during
washing procedure [28].

While some authors found that the peak at 28° confirms the pre-
sence of hydrogen titanate, it could be also assigned to the distance
between the layers in the tube walls [21,30].

Brunatova et al. investigated the crystal structure of hydrothermally
synthesized TNTs using computer simulation of XRD pattern utilizing
the Debye formula for the structure verification [25]. Their XRD pattern
of TNTs was similar to ours. The best match was achieved for the
H2Ti2O5 x H2O phase with an orthorhombic structure and the unit cell
parameters: a= 1.803 nm; b=0.378 nm; c=0.2998 nm.

Poudel et al. studied the effect of filling fraction of the autoclave as
well as the concentration of the acid solution applied in post-synthetic
treatment, on controlling the purity and crystallinity of the resulting
nanotubes [27]. They found that highly crystalline nanotubes could be
obtained only if the filling fraction of the autoclave is 80% or more.
Also, acid treatment was necessary for achieving a good crystallinity of
nanotubes and identified an optimal concentration between 0.5 and
1.5M HCl for high yield of pure nanotubes. Concentrations above 2M
destroyed the nanotubes while concentrations below 0.5M failed to
remove the sodium impurities. However, even at these optimal con-
centrations the sodium impurities could be removed only when the
autoclave step was performed close to the optimal volume faction. So,
apparently, the nanotube crystallinity is controlled primarily by the
autoclave step, while the impurities are controlled primarily by the acid
treatment. In our synthetic procedure filling fraction was 40%, while in
the post-synthetic washing step we used only 4D H2O. This, as well as
the presence of dopant ions in precursor material (Mn2+ doped anatase
nanoparticles), could account for the poor crystallinity of the synthe-
sized TNTs, as well as the presence of mixed titanate crystal phases in
the samples.

To further investigate the crystal structure of the samples, as well as
the electronic interaction between the Ti and Mn, Raman spectroscopy
was conducted. Raman spectra of Mn2+ doped TNTs samples are given
in Fig. 5.

As can be seen from Fig. 5, Raman spectra of Mn2+ doped TNTs are
composed of the bands at wavenumbers 123 cm−1 (w), 276 cm−1 (vs),
383 cm−1 (m), 445 cm−1 (s), 669 cm−1 (s), 708 cm−1 (s), 820 cm−1 (s)
and 906 cm−1 (s). Characteristic bands of TiO2 anatase crystal form at
c.a. 144 cm−1 (Eg), 399 cm−1 (B1g), 513 cm−1 (A1g), and 640 cm−1

(Eg), as well as bands characteristic of TiO2 rutile crystal form at around
244 cm−1 (second order mode B1u + Eu) and 612 cm−1 (A1g) were not
detected, with the exception of the bands at 445 cm−1 and 820 cm−1

that are at close positions to the rutile modes at c.a. 450 cm−1 (Eg) and
826 cm−1 (B2g) [31–34]. These findings are in agreement with XRD
characterization, since no TiO2-specific peaks (for anatase and rutile
phases) in XRD patterns were observed. On the other hand, the Raman
spectra of our samples, Fig. 5, are very similar to the spectra reported
for titanate crystal forms of nanotubes [28,29,31,35,36]. However, the
exact assignment of the bands in the Raman spectra of TNTs is still a
matter of debate.

Recent studies reported that Raman bands appearing at 276, 445
and 669 cm−1 to be characteristic for titanate crystal phase [35,37–39].
The Raman band at about 276 cm−1 has been related in the literature as
an intrinsic mode related to the sodium titanates, i.e. to the Ti–O vi-
bration affected by the sodium ion in the near vicinity [29,31]. The

band at 445 cm−1 could be assigned to the Ti–O–Ti vibration in titanate
nanotubes, although rutile Eg mode appears at similar position
[31,33,35,36]. Taking into consideration that no diffraction peaks of
rutile were observed in XRD patterns, Fig. 4, it could be supposed that
the discussed band is associated with titanate nanotubes. Band ap-
pearing at 669 cm−1 is related to the Ti–O–Ti or Ti–O–Na vibrations in
nanotubes [28,35,36]. Another band that could be related to the so-
dium titanate structure is a band located at 906 cm−1, which is assigned
to the symmetric stretching mode of a short Ti–O bond of sodium ti-
tanate in layer structure [31]. Bavykin et al. assigned the band at
917 cm−1 in the spectra of titanate nanotubes to Ti–O–Na stretching
vibration in the interlayer regions of the nanotube walls [35,36].
Cortes-Jacome et al. compared the Raman spectra of the nanotubes
before and after neutralization with HCl and noticed that peaks ap-
pearing at 665 and 903 cm−1 were more evident before neutralization
suggesting that both are related to the vibration of Ti–O–Na. Weak band
at 123 cm−1 has been attributed to Na–O bonds in sodium titanate,
while the band at 820 cm−1 is correlated to covalent Ti–O–H bonds in
nanotubes [31]. Qian et al. studied the effect of acid washing treatment
on the nanotubes and demonstrated that Ti–O–Na bonds in the alkali-
treated specimen would be replaced by Ti–O–H bonds through proton-
exchanged reaction which resulted in appearance of a broad weak band
around 830 cm−1 in their Raman spectrum (covalent Ti–O–H bonding)
[31].

It is interesting that the bands of Mn2+ doped TNTs at c.a. 669, 708,
820 and 906 cm−1 are affected by the presence of Mn2+ in the samples,
and their intensity increases with the increase of Mn concentration in
the samples (Fig. 5). This feature indicates that Mn2+ participates in the
bonds included in the vibrations associated to these bands, most
probably in the formation of Ti–O–Mn bonds, and/or that these vi-
brations are influenced by the presence of Mn2+ ions.

It should be noted that the Raman spectra of synthesized samples,
Fig. 5, generally differ from the spectra of pure phase manganese tita-
nate MnTiO3 (pyrophanite) reported in the literature [40,41]. However,
the band at near 700 cm−1, which is the most intense band in the
spectra of MnTiO3 pyrophanite (in the region 200-800 cm−1), is also
present in the spectra of our samples, at 708 cm−1. Other bands char-
acteristic for MnTiO3 pyrophanite are not seen in the spectra of Mn2+

doped TNTs [40]. The most typical Raman band of pure phase MnTiO3

near 700 cm−1 has been attributed to the highest frequency vibrational
mode of MnO6 octahedra i.e., to the symmetric stretching mode (A1g

symmetry for regular Oh octahedral) [41]. Thus, the presence of the
band at 708 cm−1 in the spectra of Mn2+ doped TNTs indicates for-
mation of MnO6 octahedra in the structure of synthesized materials.

Fig. 5. Raman spectra of 0.01 and 0.017 at.% Mn2+ doped TNTs
(λexc = 532 nm).
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Considering all the above said, we can conclude that the results of
Raman study are in a good agreement with the XRD data, confirming
the presence of mixed hydrogen/sodium titanate crystal phases in our
samples, as well as the efficient incorporation of Mn2+ ions in the
crystal lattice of nanotubes.

The optical characterization of the samples was carried out by
measuring their diffuse reflectance at room temperature. The optical
spectra of undoped TNTs (Fig. 6) manifest strong absorption extended
to 400 nm. Presence of dopant ions did not affect significantly the op-
tical properties of TNTs (data not shown). This absorption corresponds
to the intrinsic electron excitation from the valence (VB) to the con-
duction band (CB) of semiconductor.

For the analysis of reflectance spectra Kubelka–Munk relation was
used, which allows the optical absorbance of a sample to be approxi-
mated from its reflectance (R) (Inset Fig. 6.). The function for alkali
titanates with indirect transition is expressed as:

= −F(R) (1 R) /2R2 (1)

Using this equation semiconducting materials can be analyzed with
a Tauc plot, whereby the absorption coefficient, a, in the Tauc equation
is substituted with F(R) [42–44]. The estimated band gap, Eg, value for
the undoped TNTs is 2.95 eV (Inset Fig. 6). This value is smaller than
those reported for titanates which ranges from 3.4 to 3.7eV [42,45].
Considering that the titanates have electronic structures wary similar to
the TiO2 (all energy band structures exhibit indirect band gaps, and that
most O 2p and Ti 3d states are located in the top of the VB and the
bottom of the CB), the results here reported seem to support that
comparable effects may occur when comparing to TiO2 materials
[42,46]. The existence of oxygen vacancies in the crystal lattice leads to
formation of the defect states in the forbidden zone of the energy band
gap of TNTs [47]. Because of the tubular morphology TNTs contain a
large fraction of structural defects which consequently is responsible for
the observed red shift of absorption in our sample.

Manganese ions do not create aggregates in TNTs structure as a
consequence of suppressed diffusion during transformation.
Considering that XRD measurements are limited to identifying minority
phases at sub-percent concentration of dopant, as applied in these
samples, we employed EPR spectroscopy as dopant-specific technique
which provides highly detailed microscopic information about the
oxidation state and the local environment of the substituent para-
magnetic ions in the crystal lattice of the host. Furthermore, EPR is
sensitive to the interactions between the paramagnetic ions.

The EPR spectra of the Mn2+ doped TNTs recorded at T= 77 K are
shown in Fig. 7. The EPR spectra measured at lower temperatures,
T= 77 K, do not differ in shape from the spectra recorded at room

temperature ((RT), data not shown), except that intensity at RT is about
3 times lower. The spectrum consists of a group of six narrow lines with
the pairs of lines between each of these six lines (Fig. 7a and b). The
spectrum is due to hyperfine interaction between the electron and nu-
clear spin (I= 5/2) of Mn2+ ions with six allowed, ΔmI=0, and five
pairs of ΔmI= ±1 forbidden transitions. The main contribution to the
EPR spectra of materials with random orientation of the Mn2+ ions
comes from central transitions (MS = +1/2 ↔MS=−1/2) with hy-
perfine splitting into six lines, while the outer fine structure transitions
(MS= ±5/2 ↔ MS= ±3/2) and (MS= ±3/2 ↔ MS= ±1/2) are
smeared out due to strong angular dependence and random orientation,
and can be observed as a broad line of about 50mT width (Fig. 7a)
[48]. This broad line in the EPR spectra superimposed to the narrow
hyperfine sextet is characteristic of Mn2+ ions located in strongly dis-
torted octahedral sites [49]. Counio et al. suggested that this signal
would correspond to the Mn2+ ions located inside the nanocrystals, but
in strongly distorted sites [50].

Szirmai et al. found that the Mn2+ ions occupy two positions in
titanate nanotubes: the first having an almost perfect cubic symmetry
while the other is in a strongly distorted octahedral site [49]. The fact
that we have observed fine structure (Fig. 7b) is a strong indication of
the relative ordering between Mn2+ dopants. The sextet signal in EPR
spectra, as well as the calculated value of hyperfine structure para-
meter, A= 9.0mT, is characteristic for Mn2+ ions in octahedral crystal
fields, but, since the forbidden transitions are observable as well, Mn2+

ions do not occupy strictly cubic sites, as strictly cubic centers have zero
probability of forbidden transitions. This is the indication that the
distortion relative to the cubic symmetry is small [49]. The intense
forbidden transitions reflect distortion of the crystal lattice surrounding
Mn2+ ions. It shows that Mn2+ ions occupy lattice sites with lower
symmetry. Near the surface of the nanoparticle the crystal field sym-
metry is distorted leading to the relaxation of the ΔmI=0 selection
rule. Also, the axial fine structure parameter D becomes relevant. Un-
fortunately, we could not obtain good fit of the spectrum, and the value
of D, using the theoretical calculation of positions of allowed and for-
bidden lines made by Wijn and Balderen [48]. The spectrum distinctive
features, associated with D, were hidden by forbidden lines, and the
fitting procedure is not reliable.

The sextet comes from isolated Mn2+ ions since Mn–Mn pairs or
Mn-O-Mn do not produce the six-line spectrum that we observed.

Since the hyperfine interactions strongly depend on the local en-
vironment of Mn2+ ions, the EPR spectrum can be used to provide more
information on the specific location of the ions in the lattice. The

Fig. 6. Reflection spectra of non-doped TNTs; Inset: band gap determinations.
Fig. 7. Experimental (a) and simulated (a and b) EPR spectra of 0.017 at.% Mn
doped TNTs recorded at T= 77 K and different field range, Inset: EPR spectra of
0.01 and 0.017 at.% Mn doped TNTs recorded at T=77 K.
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spectrum that shows hyperfine structure with larger A, may be a result
of increase in ionic character of the bonding of Mn, which occurs when
Mn is close to the surface [51]. In powdered polycrystalline systems
noncentral transitions (mS ≠ 1/2) are always broadened and un-
resolved. This is due to the strong angular dependence of the lines and a
parameter distribution in both hyperfine- and fine coupling parameters.
As previously determined, dipole−dipole interaction between Mn2+

ions broaden the sextuplet lines corresponding to the central ΔmI= 1
transition [49]. Considering that the concentrations of Mn2+ ions in our
samples are relatively low, we can exclude the dipolar interactions.
Counio et al. demonstrated that a distribution of hyperfine interaction
which could arise from isolated Mn2+ ions located inside the nano-
crystals, but near the surface would be responsible for broadening of
EPR signal. Electronic density of Mn2+ ions close to the surface will
undergo a drastic change and fluctuations in the Mn-O bond will give
rise a distribution of the hyperfine interaction [50].

The value of hyperfine structure parameter, A=9.0mT, shape of
the spectra and the line width resemble the spectra of the TiO2:Mn2+

that we have already showed to comes from Mn atoms incorporated in
TiO2 lattice, occupying two different sites having different binding
energies: undercoordinated surface sites and core octahedral sites of
TiO2 nanoparticles [52].

The magnetic response for films made of 0.01 and 0.017 at.% Mn2+

doped TNTs as a function of magnetic field strength (H) was followed at
room temperature. The diamagnetic contribution determined from the
room temperature magnetic field dependence of magnetization at high
field (for H > 10 kOe) was subtracted in all samples. As can be seen
from Fig. 8. RTFM behavior of Mn2+ doped TNTs was observed, with
coercive field of Hc ∼200 Oe and relatively high values of saturation
magnetization moments in the range of MS= 0.6–1.5 μB/Mn.

Based on the results of experimental and the theoretical models it
was determined that oxygen vacancies (F+ centers in precisely-electron
associated at oxygen vacancy) seem to have an important role in
mediating the magnetic ordering in oxide based DMS materials [53,54].
Ferromagnetic ordering in transition metal doped titania/titanate ma-
terials could be explained in terms of the non-carrier mediated bound
magnetic polaron (BMP) model. According to this theory, electrons
associated at oxygen vacancy defects mediate the ferromagnetic cou-
pling between dopant ions located within their orbits and BMPs are
formed. If the BMPs overlap, the ferromagnetic state occurs [55,56]. In
order for ferromagnetic ordering to occur, the polaron concentration
must exceed its percolation threshold, δp, while the concentration of the
dopant ion must be far below its percolation threshold, xp [56].

As confirmed by some authors, RTFM of Mn2+ doped TiO2 is sen-
sitively dependent on structural defects [53,57]. Only the bulk oxygen
vacancy mediates the FM ordering. Santara at el. also demonstrated
that concentration of oxygen vacancies per se does not affect the
magnitude of magnetic moment, but they also suggested that the defect
environment and the surface morphology of the nanoparticles could be
of crucial importance for achieving of measurable ferromagnetic in-
teraction [58]. The greater density of the oxygen vacancy helps to
produce more BMP which yields a greater overall volume occupied by
BMP, leading to an overlap of BMPs and enhancing ferromagnetic be-
havior.

In a titania based semiconductor materials, it is often energetically
favorable for native donor defects such as oxygen vacancies and tita-
nium interstitials to aggregate in the vicinity of grain boundaries [59].
That means that BMPs also aggregate near such grain boundaries.
However, aggregation depends on differing electrostatic interactions
with the defects, strain effects, or other factors. Defect aggregation
could favor the RTFM once the polaron concentration exceeds a
minimum threshold. That means that the RTFM would depend on the
availability of the favorable grain boundaries rather than a total in-
ternal surface area [60].

In our previous work, we investigated the structure of multilayered
titania nanotubes [21]. Nanotubes contain a large fraction of structural

defects and majority of them is located on the interior walls of the
nanotubes. Namely, 40% of Ti atom in scrolled titania are under-
coordinated. Also, substitution of Mn2+ into the lattice for Ti4+ induces
the formation of oxygen vacancies to maintain charge neutrality. Na-
notubes are composed of multiple layers separated by a gap of
∼0.3 nm, while layer to layer distance is 0.9 nm. Coey et al. predicted
in their calculations the radius of the BMP in anatase TiO2 to be 0.48 nm
[56]. Percolation of the polarons occurs when they fill roughly 16% of
space [61]. Considering the fact that the layer thickness of TNTs is
comparable to the polaron radius, as well as the high content of defects
(40%) in TNTs we could imply that the high value of Ms in our sample
despite low concentration of Mn is caused by combined effect of shape
and structure of TNTs. Namely, all mentioned above suggests that a
relatively high fraction of BMPs, as well as Mn2+ ions in our samples
are overlapped and ferromagnetically coupled.

Different studies confirmed that lower Mn doping content (< 1 at.
%) favors the ferromagnetic interaction and that higher concentrations
of Mn lead to formation of antiferromagnetic Mn clusters [53,60]. Ac-
cording to BMP model, ferromagnetism appears at concentrations of 3d
dopants that lie far below the percolation threshold, xp associated with
nearest-neighbor cation coupling. The average moment per dopant
cation approaches (or even exceeds) the spin-only moment at low do-
pant concentrations, x and it falls progressively as x increases towards

Fig. 8. RTFM of films made of 0.01 and 0.017 at.% Mn2+ doped TNTs.
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xp [56]. High value of Ms in our sample indicates a high content of bulk
oxygen vacancy in TNTs and that a very high fraction of Mn2+ ions are
involved in FM ordering though their concentration is relatively low.

4. Conclusion

The Mn2+ doped titanate nanotubes were synthesized applying
hydrothermal treatment on dispersion of 1 and 5 at.% Mn2+ doped
anatase TiO2 nanopowder in proton deficient aqueous solution. XRPD
and Raman study confirmed that the nanotubes had a mixed phase
(sodium and hydrogen titanate) crystal structure. H2Ti2O5 x H2O phase
prevails. The ferromagnetic ordering at room temperature with closed
loop (Hc∼ 200 Oe) and Ms in the range of 0.6–1.5 μB/Mn atom were
observed in film made of Mn2+ TNTs. The reason for observed ferro-
magnetism and relatively high value of Ms could be found in the high
content of bulk oxygen vacancies (F+ centers) and their interaction
with the substitutional Mn2+ impurity. Therefore, we can suggest that
both oxygen vacancies and an optimum level of Mn2+ are necessary for
getting ferromagnetism in Mn2+ doped TNTs.
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