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� ���
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� �� ������ �	�����
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�� 2018. 

��	��	
: 

����� �� ����	
��	 ���
���� �� ����� � ����	 ������ ��������

� �
�
��� �� 
�������� ��
	��
���� ����
���� �� �	���� �
�
�	���	�� ������	�, 
����� 
 	���������� ������� �� �	
���� ����� �����
 ������
�, ���
� ������ ����
���	
	�	� �� �
�
�� ������� �� ������� ���	���� �� ��� 
�
�� � �������� �����. 
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������� �	
� ���
�
�
� �� ������ �	�����

�������  16.��	�
�� 2018. 

��	��	
: 

����	�	 ����������� ����	�
� � ������ �� ������  
���������
� �

����	 ������ ��������

����� �	����
���
� �� �� 01.04.2013. ���
�� �������� � $��	�� �� �
�
�� ����	��
�	��� 
 ���� ��	��
����, � �� 2016. ���
�� �� ����%���� � ���
�� ��
���	��
�� ��
�
�
�� ����-������
	�
� �	���	��� 
 

��

���
��� ����	������
�� ���	
	�	� ��
�
�
�� � ��������, ��� ���
 �� ������	� &�171032 ���
 �
����
�� �
�
�	���	�� ��
������	� 
 ����� '���
�
�� ��

�� 
 �
�
 �� �������
��� �� (����� )�����
�-
�
	���
�. 
 ����� 
�	��%
��� ������
� 
��
��� �� �����
�� 2014. ���
��, � ��
��
��� � 
�	�
����� �����
�� 2017. ���
��. *���
��	 �� �� ���	
	�	� �� �
�
�� 
��
 ���
���
��
�����
� �� �����	��
���
�� 
 �
�	��� �
�	
� 
 ���
���
� ����������� 
 	���
�
�
����� 

���	 ���
	� (BiFeO3), ��� ����	�� �� �
���
� 14 ������ � ��+�������
�
�����
�
�� (�� ���
� �� 5 
� ��	����
�� �21�). �� ��
� �������
� �������, ��������
��� �� �����	���� ���	���� �� 
�
�� �� ������ �	����
���
�� � ����� �����

������
�. 

(� ���	�� ���
�
�� �� 
�
�� ������ �	����
���
�� � ����� �����
 ������
� ������%��: 

1. �� (����� )�����
�-�
	���
�, ������� ����	�
�� ���	
	�	� �� �
�
�� �������
2. �� ���
�� "�����
��, ������� ������
�� ���	
	�	� �� �
�
�� �������
3. �� )
�
	�
�� �	��������, �
��� ������� ������
�� ���	
	�	� �� �
�
�� �������
4. �� '��	�� ,��
�
��, ��������� ��������� -
�
���� �����	�	�

�� (����� )�����
�-�
	���
�
'������
��� ������	� &�171032 

 ��������, 
16.10.2018. 



1. ���������� ������ � �������
�

)� ����� �	����
���
� �� ��+�� � "�%������, '���
�
�� ��

��, 23. ���� 1988. ���
��. 
(����
� �� "�%�������� �
����
��, �� ���
��
� �������. &������ �	��
�� �� ��
���
2007. ���
�� �� -
�
���� �����	�	�,  �
����
	�	� � ��������, �� ����� "�
������
�
�
�� 
 
������	
��. &������ �	��
�� �� �
����
��� ���� 2011. ���
��. ���	��
�	��
�� �� ��
��� �� -
�
���� �����	�	�,  �
����
	�	� � ��������, ���� .���
���� 

������
���	���� �
�
�� 
 �����
� ���� 2012. ���
�� �� �������� 10.00, ��� �� ���	��
��� �� 	���� „���������	 	
	���
���	 ��������	 ���
������
� �	����� ��
�����
��	�������
� ���	
��
� ����
��
���
�“ ����
� � $��	�� �� �
�
�� ����	�� �	��� 

���� ��	��
���� ���	
	�	� �� �
�
��. ��	� ���
�� ��
���� ���	����� �	��
��, �%�
������ �
���	: -
�
�� ������������ ��	��
�� 
 �	�	
�	
��� �
�
��.  

*���
��	 �� ������� 
�	��%
����
 ��� �� ���	
	�	� �� �
�
�� ������� ���	��
��
2011. ���
��, � �������� �� �� 01.04.2013. ���
�� � $��	�� �� �
�
�� ����	�� �	��� 

���� ��	��
����. &� 2016. ���
�� �� ����%���� � ���
�� ��
���	��
�� �� �
�
�� ����-
������
	�
� �	���	��� 
 

��

���
��� ����	������
�� ���	
	�	� �� �
�
�� �
�������� �� ������	� &�171032 �
�
 �� �������
��� �� (����� )�����
�-�
	���
�.  
����� 
�	��%
��� ������
� 
��
��� �� �����
�� 2014. ���
��, � ��
��
��� � 
�	� �����
�����
�� 2017. ���
��. 

*���
��	 �� 	���� 2016. ���
�� 

� �����
� ����� � ���� ��� ���
��� „Training 

School and 6
th

 Workshop on FEBIP (Focused Electron Beam Induced Processing) 2016“ �
���
�� COST ���
�� CELINA (Chemistry for Electron-Induced Nanofabrication), � 
��� ��

 ����� ����	�  �
����
	�	� /�	� � -�������	� � ���
�� 

��	������ ������� ��
������� ����� �� �������
� �� ���	
���� ���
����
�. "���	��� 2017. ���
�� �� 

�
�� ������ 
������ �� STSM (Short-term scientific missions) ������	�, � ���
�� COST

���
�� CELINA, ��� ���
��� „Ferroelectric properties of BiFeO3 thin films as monitored 

by nano-granular sensor structures prepared by focused electron beam induced deposition“, 

� 
�	�� ����
 �� /�	�  �
����
	�	� � -�������	�. )� ����� �	����
���
� �� ���� 
��
14 �
���!��
� �����
� ������, 12 ������ 
� ��	����
�� �21 (�� ���� �� 5 
� ��	����
��
�21�) 
 2 ���� 
� ��	����
�� �22. 

)��	����� �
���	��
�� ��� ���
��� „������ 4f �
������ �� ��
���	�
���	 
�
���	

BiFeO3 ���
���	����
�“, ���+��� ��� ��������	��� �� (����� )�����
�-�
	���
�, 
��
���
� �� 28.09.2018. �� -
�
���� �����	�	� � ��������. 



2. ��	��	� �����	 ��
�����
� �� ������  
���������
�

)� ����� �	����
���
� �� 
��
 
�	��%
���
�� ���� ������� � �
���	 �
�
��
������������ ��	��
�� 
 ����
���� �� �� 
��
	
���� �	
���� ����
�
	
� 4f ������	�
(Ce, Pr 
 Ho) �� �	���	����, �

���
���, �
����	�
���, ��������	�
��� 
 �����	��  
���

�� BiFeO3 �����
�� 
 ����������� �� �
!�� �������%��� ��	
������ �����	� 

������	���
�� ������	� ���
 ������ �� �������� ����	�
��� �	������	
 BiFeO3, �
���
� 	
� 
 �� ��
�!���� ��������	�
��
�, �
����	�
��
� 
 ���	
����
��
�
���

��. ���
	
���� �� 
 ������� ����	�
��� ���

�� �����	�� 	����� BiFeO3 �
��� �
�
!� 
�!�� ���������� ����
�� � ����	�
��
� ���

���� 
���+� ���	������	
 ����

 ����
�� ���� � ��
� �����	���	�����, �	� ��%� 

	
 �� ������� �� ��
���� BiFeO3

	���
� �
����� � ������
�� 
 �����
���� ��������. 

*���
��	 �� �� �
�	��� ����������� 
 �����
�� ���
�	
� �
���	�������, ���-���
��	��� 
 ��	��� ��������������, � 	���
 �
����
 �� ������!��
 ��	���� 	���
�
�������� (spin-coating 	���
��). *���
��	 �� ���
������ �����	��
���
��
� 	���
��
����
������ 	������� �
�������
�� 
 ����	������
�� (STM/STS), �
�������
�� �� 
��

�	����
� �
�� (AFM) 
 �
�������
�� �� 
��
 �
�������	�
���� ����	� (PFM) 

��
	
��� ������� ����	�
��� 
 ��������	�
��� ���

�� �����	
� �����	���	���
�
�
����� �� �
!�� �� �� ��	�!�
�� ������ �����
��
 ���������	
 ���	�� ���� 
 ��
����
�
 ���� ���
 � ���
��� ���
 ����+��� ��������	�
��� ���

�� 	���
� �
�����. 
&� ��	
��
� �����	��
���
��
� ��	��� ����
��	 �� ���
� �� ���+��
�� ��
����	��������� ��
�����	�
�� 
 �������� ����	������
��. .���� ���������� ����
����
��	 �� ������� ���
������ 	���
���
� ������ (Cole-Cole 
 UDR ������) ���
��
�� ��
���� ������
 �
����� ��������
�� 
 ����
���
 ���
 ��	
�� �� �	���� ������ ��
����
�
 ���� 
 �����
���
�� ����	����� ������	�
����.  

��	��%
����
 ��� 
 �����
 �����	�	
 ���� �� �� ���� ��	���
� �� ����� �	����
���
�
���� �� ����
��	
 � ��	 	���: 

• ���
	
���� �	���	���
�, �

���
��
� 
 ����	�
��
� ���

�� BiFeO3

���
��
�	���
� �����
�� 
 ����������� ���
���
� �������
�
�����, 
���
����� 
 ����
�����, 

• ���
	
���� ������
� ����	�
��
� ���

�� �� ���
�� 
 ����
���� ���� BiFeO3 

	����� �
���, 

• ���
	
���� �

���
��
� 
 ��	
��
� ���

�� �����
���
� 
 
	�
���
���
���
� BiFeO3 ���
��
�	���
� �����
�� 
 �����������, 

• ���
	
���� �

���
��
� 
 ��	
��
� ���

�� ����������� �
��-�
�� ���
	�, 
������
	� �
��-�
�� ���
	� 
 
��
��� 	
	���	�, Al2O3/ZnO �������, TiO2

	���
� �
����� 
 Mg ���
���
� CeO2 �����������, 

• ���
���� 	�������
�� 
 
��
	
���� ����	������ �	���	��� CeO2 
 La 
���
���
� TiO2 ����������� AFM 
 STM/STS 	���
����. 



2.1. ����
����	 �
���
����!, ����������! � 	�	�
�����! ������� BiFeO3

��������
����! �	������ � �������!��� ��������! ����	����������, 

�	������� � !���������  

"��
 ��� 
�	��%
���� �� 

� �������� 
��
	
���� �
����	�
��
� 
 ��������	�
��
�
���

�� (�� ��
��� 	������	��
) BiFeO3 �����
�� ���
���
� Pr 
 Ce ���
��
(Bi1-xPr(Ce)xFeO3, 00x00.1) ���� �� �
�	�	
���� ��	���� ��������������.  	��+��� ��
�� ��, � ������� ������� ������	���
�� ������	� (� Bi0.90Pr0.10FeO3 
 Bi0.90��0.10FeO3

�����
��), ����� �� ���
�
��� �	���	���� ����� 	����������
�� 
� ���
�������� �
��	����

��� (Bi0.90Pr0.10FeO3 ������) 
 ������	�	��������� (Bi0.90��0.10FeO3 ������) 
����, �	� �� ������ �� ������� � ��������	�
��
� 
 �
����	�
��
� �����	�
�� ��
�
��	��
����. )
����	�
��� 
 ��������	�
��� �����	�� BiFeO3 �����
�� �� ��
�!����
Pr ���
����� �
�� ������� ������	���
��  �
����
��
� ������
�� 
 �	
����
�����
���
�� ����	����� ������	�
����. 1	� �� 	
�� Ce ���
���
� �����
��, 
�������� �� �� 3 mol% ���
���� ���
����� �����
 �� ��
�!���� �
����	�
��
� 

��������	�
��
� ���

��, ��� �������� ������	���
�� Ce ���� �����
 �� ��������
��
�
����	�
��
� 
 ��������	�
��
� ���

�� ����� ������ ��������	�
���
������	�	��������� ���� 
 ��
���	�� �������� ���������� Bi2Fe4O9 ����. &�
���

�����	�	
 �
���!��
 �� � ������ ���� � ��������� ��+��������� �����
��: 

• B. Stojadinovi", Z. Doh2evi3-Mitrovi3, N. Paunovi3, N. Ili3, N. Tasi3, I. Petronijevi3, 
D. Popovi3, B. Stojanovi3, "Comparative study of structural and electrical properties 
of Pr and Ce doped BiFeO3 ceramics synthesized by auto-combustion method", J. 
Alloy. Compd. 657 (2016) 866-872 (�21�). 

*���
��	 �� 
��
� 
 
��
	
����� �	
���� ����
���� ��� �����	� �� �	���	����, 
�
����	�
���, ��������	�
��� 
 ������	� ���

�� BiFeO3 ����������� (Bi1-xHoxFeO3, 
00x00.15) �
�	�	
���
� ���-��� ��	����.  �	����!��� �� �� ��
 ���
�
������	���
���� ���
���� (x40.1) �����
 ���	��� �������
, 	�. �����
 �� ���
�
����
�	���	����� ������ ������� 
� ���
�������� � ��	����

��� Pnma ����, ���� ���	���
���
���	�� � 15 mol% Ho ���
����� ������. -������	�� ���
��� ����������
�
����	�
��� ������	!
���	 Bi1-xHoxFeO3 ����������� �� ��
��� 	������	��
 ��
����
�
���� ������ ���

������� ������ ���
 ��!����� *��-*�� (Cole-Cole) 
��������
��
 ����� 
 UDR (Universal dielectric response) ����� �� 

 �� ������
�

����	
 �	���� ������ 
 �����
���
�� ����	����� ������	�
���� �� ������
�
����	�
��� ������	!
���	.  	��+��� �� �� �� ���
���	�� ��
���	�� ��	����

���
Pnma ���� � Bi0.85Ho0.15FeO3 ������ �	
���� �� ������� �	���� ������ 
 ������ ��
��������� �������� ��!� ���
��� � ������ �� ��	��� Bi1-xHoxFeO3 �����������. 
���
	
����� ��������	�
��
� ���

�� Bi1-xHoxFeO3 �����������, �������� �� �� ��
��������	�
��� ���

�� Bi0.85Ho0.15FeO3 ������ �������� ��
�!���� � ���
� ��!
��
(50 kV/cm 
 100 kV/cm) �� �
��
� ��������
����.  ����� �� 
����
	� ��������
����
���
����	 �������	�� �����
���
�� ��� 
 ����
 �����	 ���� �������	
 �� ��������
��������
��. (��!����� �� �� �� � ���
� ��!
�� �� �
��
� ��������
���� �����	�

��������
, ���	��
 	���� ������� �
�	��� Bi1-xHoxFeO3 �������, ����� ��
���	
��



��% ������ ����	��� �����
���
��, ���	� ������ �������	��� �����
���
�� ������ 

�� 	�� ���
� ����
���� ��
�!���� �����	���� �����
���
�� Bi0.85Ho0.15FeO3 ������. 
Bi0.85Ho0.15FeO3 ������ 
���!��� ���������	�� (-�) ���+��� �� ��
��� 	������	��

��� 
 �����
��� ������. "�
���	�� -� �� ������
�� �������� ��	
���������	���
���+��� (���� �� �����	��
�	
��� �� �����
��� BiFeO3 ��	��
��� � ���
��������� R3c

���
) ����� ������� �
����
�� ���	
�� (��
�	��
	�) ���� ���	��� ���� �� ���
���
��
���� �
���
��. "�
�!���� ���������	�
� ���

�� � ������ �� �����
��� BiFeO3

�� ������
�� ����	��� ������� �
����
�� ���	
�� (��
�	��
	�) 
 ��
���	��
���
���	�� ��	����

��� Pnma ����.  ��	����

���� ���
 �����
 �� ���
���� FeO6

��	������ 
 �� �������
�� ������� F�–& ���� 
 F�–&–F� ������ 
���+�
��	
���������	�� �������	
� Fe ����, �	� ����������� ���
!��� �����
�������

�	�����
��, �������� ��
���� �
���
�� 
 �����
 �� ��
�!���� ���������	�
�
���

��. &�
���
 �����	�	
 �
���!��
 �� � ������ ���� � ��������� ��+���������
�����
��: 

• Bojan Stojadinovi", Zorana Doh2evi3-Mitrovi3, Dimitrije Stepanenko, Milena Rosi3, 
Ivan Petronijevi3, Nikola Tasi3, Nikola Ili3, Branko Matovi3, Biljana Stojanovi3, 
“Dielectric and ferroelectric properties of Ho-doped BiFeO3 nanopowders across the 
structural phase transition”, Ceram. Int. 43 (2017) 16531-16538 (�21�). 

2.2. ����
����	 	�	�
�����! ������� �� ������ � ��������� ���� BiFeO3 


����� �����

*���
��	 �� 
��
	
��� �����	� 	���� BiFeO3 �
����� �
�	�	
���� ��	���� 	���
�
�������� �� �
!�� �� �� ��	�!�
�� ������ �����
��
 ���������	
 ���	�� ���� 
 ��
����
�
 ���� ���
 � ���
��� ���
 ����+��� ��������	�
��� ���

�� 	���
� �
�����. 
����
�����
� 	���
���� (AFM, PFM) �������� �� �� �
����
�� ��������	�
��
�
������ �������� �
����
�
 �����
����
� ����. �	���� ������ �� 
���%��
�� ��
����
���� ����, � �� ���
 ��	 �� ������ 
 ������ �
�	����
�� � ����	�
��
� ���

����
���	�� ����. *���
��	 �� ���
������ ������ �� ��
�
���� 	�������	� ������	�
����
� �����������
�
�� �� 
��
	
���� ��
���� �����
���� �	���� ������ ���	�� ���� 

�� ����
�
 ����. "������� �� �� ���	�� ���� �� �
%
� �����
�� ���
�
�� &����
���������	, �� �����
� 1�	�
��� �����
���, � �� �
�
� -�����-���	��
���
�����
��� �����+���. .���+� �� ������� �� �� �	���� ������ ���
���%��
�� �� ����
�

����, � �� ��
� �����
��� �����+��� �� ����
�
 ���� �� �
�� ����� ��
���
	
 �
 �����
�����	 ����� 	�������	� ������	�
����. 5������ ����	�
��� ������ ��
���	������	
 ���� �� �������� �
�	����
��� �������� ��
 ����
� ���������
������, ���� � �������� ���	
�
 �	���, 	��� 
 � ����%��� ����
�� �����
����� �������, 
��� �� ����
���� ���� �
�� ������ �
�	����
��� ��������. &�
���
 �����	�	

�
���!��
 �� � ������ ���� � ��������� ��+��������� �����
��: 

• B. Stojadinovi", B. Vasi3, D. Stepanenko, N. Tadi3, R. Gaji3, Z. Doh2evi3-Mitrovi3, 
"Variation of electric properties across the grain boundaries in BiFeO3 film", J. Phys. 
D: Appl. Phys. 49 (2016) 045309 (�21). 



2.3. ����
����	 ����������! � ��
����! ������� �	��������! � �
�����

��������! BiFeO3 ��������
����! �	������ � �������!���

*���
��	 �� ��������� ����	������
��� ���	
� �	
��� ����+���� ���
�� 

	������	��� �� �
�	��� BiFeO3 �����
��. ������� �������
� ����	��� ��	��	���� ��
��
���	��/�����	�� ���������
� ���� (Bi2Fe4O9 
 Bi25FeO40) � ���
����	
 ��
���
������ ���
�� 
 �� ��
������ 	������	���.  ����
 ��

���
 ���
������ ����
��� ���
�� � ����������������� ��	��
 
 �
���� �
���
�� ��� ���
�� � ���-��� ��	��

�� �������
 ����
�	
�� ���
�������� R3c ����. ���� �� ������	
� ��	����� ��

����
�
�	
 BiFeO3 ��	��
���
, ��������� 
� �� �
�	�����	
 ���
 ��

���� ���
� ���	
��
�����
�� �
�� ��!� ��
����. &�
���
 �����	�	
 �
���!��
 �� � ������ ���� �
��������� ��+��������� �����
��: 

• N. Ili3, J Bobi3, B. Stojadinovi", A. Džunuzovi3, M Vijatovi3 Petrovi3, Z. Doh2evi3-
Mitrovi3, B. Stojanovi3, “Improving of the electrical and magnetic properties of 
BiFeO3 by doping with yttrium”, Mater. Res. Bull. 77 (2016) 60-69 (M21). 

*���
��	 �� ��������� ����	������
��� �	���
� �� ��� ���
���
� ������� BiFeO3 ��

	�
����� (Y) �����
 �� �
���� 
 �������� ������ �� �
�
� �����
����, �	�
��	��+��� ��
�	
	��
������ ������� ������ Y ���� �� ���	� Bi, 
 
���
�� ���
��
�	���	���� ������� ���
�������� ����, �
�� �� ��	��+�� �����	�	 
� XRD ������. 
*���
��	 �� ���
������ ��	��� ����	��������� ��
�����	�
�� �����
� �������	

�����
���
� ������� ��
����� .������� ������. (��!����� �� �� �� ���������
����%��� Y �����
 �� �������� �����
����� ������� � Bi1-xYxFeO3 �����
��. &�����
�������� �� �
������� ����	�� ��������� �����
����, ���
 ��
���� ��������
�����
����� ������� �� �������� �
����
�� �������	
�� (������ � SEM �����
��). 
&�
���
 �����	�	
 �
���!��
 �� � ������ ���� � ��������� ��+��������� �����
��:  

• N. Ili3, 6. Džunuzovi3, J. Bobi3, B. Stojadinovi", P. Hammer, M. Vijatovi3 Petrovi3, 
Z. Doh2evi3-Mitrovi3, B. Stojanovi3, “Structure and properties of chemically 
synthesized BiFeO3. Influence of fuel and complexing agent”, Ceram. Int. 41 (2015) 
69-77 (M21). 

*���
��	 �� ���
������ ��	��� ����	��������� ��
�����	�
�� 
��
	
��� ��	
���
���

�� BiFeO3 ��������� �
�	�	
����� �
���	�������� ��	����. "�
�����
.������� ������ �� ������ �������
����	�
��� �����
�� �� �	���
� �� ��������
BiFeO3 �������� �������	 �����
����� ������� �� ��� 2.71 eV, �	� �� � ���������	
 ��
�
	���	����. &�
��� �����	�	 �
���!�� �� � ������ ���� � ��������� ��+���������
�����
��: 

• M. 7ebela, D. Zagorac, K. Balatovi3, J. Radakovi3, B. Stojadinovi", V. Spasojevi3, 
R. Hercigonja, “BiFeO3 perovskites: A multidisciplinary approach to multiferroics”, 
Ceram. Int. 43 (2017) 1256-1264 (M21a). 



2.4. ����
����	 ����������! � ��
����! ������� �������!��� ����-����

�	��
�, �������
� ����-���� �	��
� � ������� 
�
���
�, Al2O3/ZnO 

����	��, TiO2 
����! ������� � Mg ��������! CeO2 �������!���

*���
��	 �� ��������� ����	������
��� 
��
	
��� �

���
��� ���

�� �
��-�
��
���
	� 
 ���	
����
���� ������
	� �
��-�
�� ���
	� 
 
��
��� 	
	���	� ��
���
����� ������ �
��� 
 �
���. *�� ������� �
��-�
�� ���
	� (Ni1-xZnxFe2O4, x=0.0, 
0.3, 0.5, 0.7, 1.0) �
�	�	
���
� ����������������� ��	���� ��������� ����	������
���
�� ��	��+��� ���
���	�� ��
���	�� ��

��� �	���	��� 
 ����� �� ������
	����������
�� 
� �
�� ���
	� � �
�� ���
	 �� �������� ������ �
��� 
 �
��� �
����������
��. *�� ���	
����
��
� ������
	� �
��-�
�� ���
	�
(y Ni1-xZnxFe2O4-(1-y)BT, x=0.3, 0.5, 0.7, y=0.5) �
�	�	
���
� �����������������
��	���� 	���+� �� ���
��� ����� �
��� 
 �
��� � ���
���� �
��-�
�� ���
	�, ��� ��
����� �
��-�
�� ���
	� 
 
��
��� 	
	���	� 

� ������. *���
��	 �� ���������
����	������
��� �	���
� �� �� � ������	
� �����
�� ��
��	�� ���
 ����%��
���������
� ���� 
 ����� ���!
�� 	����������
�� 
� �
�� ���
	� � �
�� ���
	 ��
���
����� ����%��� �
��� 
 �
��� � �
��-�
�� ���
	�. &�
���
 �����	�	
 �
���!��

�� � ������ ���� � ��������� ��+��������� �����
�� 
 ������ ���� � ��+���������
�����
��: 

• 6. Džunuzovi3, M. Vijatovi3 Petrovi3, B. Stojadinovi", N. Ili3, J. Bobi3, C. Foschini, 
M. Zaghete, B. Stojanovi3, “Multiferroic (NiZn)Fe2O4–BaTiO3 composites prepared 
from nanopowders by auto-combustion method”, Ceram. Int. 41 (2015) 13189-13200 
(M21). 

• A. S. Džunuzovi3, N. I. Ili3, M. M. Vijatovi3 Petrovi3, J. D. Bobi3, B. Stojadinovi", 
Z. Doh2evi3-Mitrovi3, B. D. Stojanovi3, “Structure and properties of Ni-Zn ferrite 
obtained by auto-combustion method”, J. Magn. Magn. Mater. 374 (2015) 245-251 
(M22). 

'�������� ����	������
��� �� ������� ������� � �	���	���
�-�

���
��
�
���

���� Al2O3/ZnO ������� � ���
����	
 �� ������� �������� "#& �������. 
&�
���
 �����	�	
 �
���!��
 �� � ������ ���� � ��������� ��+��������� �����
��: 

• S. Stojadinovi3, N. Tadi3, N. Radi3, B. Stojadinovi", B. Grbi3, R. Vasili3, “Synthesis 
and characterization of Al2O3/ZnO coatings formed by plasma electrolytic oxidation”, 
Surf. Coat. Tech. 276 (2015) 573-579 (M21). 

*���
��	 �� 
��
	
��� �

���
��� ���

�� �������
 �
�	������
� TiO2 	���
�
�
����� 
 �	���
� ���
���	�� ��
���	�� ���	�� ���� � ��
� ���
���
��. 
)���������
��� �������
� ������ 5�����
�����
� ����
�
�� �	��+�� �� ������� ��
�
�
� �����
���� 
 ������� 
�	���
	�	�, 	�. �������� �
�
�� TiO2 �������
�
������.  �
	���	��
 �� �����	� �� �� ������� 
�	���
	�	�, 	�. �������� �
�
��
�������
� ������ ��%� ��
�
��	
 �����
 �
����
��
� ������
��, ���� �� ����
����	
	�	
��� ��	��	���	
 �����	���	
���� ��������� ����	������
���. "�����
�
����
��
� ������
�� ��� ������	�, �
���	�� �	
�� �� ������� ��
�	���� �
��	�
��, 
�	� �����
 �� �������� �������
� ������ �� �
�
� �����
���� 
 �������

�	���
	�	�, 	�. �������� �
�
�� ������. )�

���� 
�������
�� �	��
���� ��
�������
 	��	��� ���� ��
�	���� �	���	��� �������	
�� TiO2 
 
������� ���	����
�	���	���
� ������	� � �
�
�� �
����
��
� ������
��, �
�� ������	���
�� ��



�������� � �����
�� 	��	
���
� �� ����� ��������� ����	���
���. &�
���

�����	�	
 �
���!��
 �� � ������ ���� � ��������� ��+��������� �����
��: 

• M. Radovi3, G. Dubourg, S. Koji3, Z. Doh2evi3-Mitrovi3, B. Stojadinovi", M. 
Bokorov, V. Crnojevi3-Begnin, „Laser sintering of screen-printed TiO2 nanoparticles 
for improvement of mechanical and electrical properties“, Ceram. Int. 44 (2018) 
10975-10983 (M21a). 

*���
��	 �� 
��
	
��� �

���
��� 
 ��	
��� ���

�� Mg ���
���
� CeO2

����������� �
�	�	
���
� SPRT ��	����, ���
������ ��	��� ��������
����	������
�� 
 ����	��������� ��
�����	�
��. '�������� ����	������
��� �� �����
�����	��
�	
���� CeO2 ���� �����
	�� ��

��� �	���	��� �� ��� 455 cm-1 ����� ���
�� ��� 600 cm-1 ���
 �� ���!� ����� ������ �
����
��
� ������
�� � Mg ���
���
�
CeO2 ����������
��. ��	���
	�	 ����� ����, ���
 �� ������
������ ������	���
�

������
��, ���	� �� ���
�����, �	� �� ����%��� �� ������	��
 ������ ��
� ��	��
����

 �
���� ��	���	��
	
��� �����	��. "�
����� .������� ������ �� ������
����	��������� ��
�����	�
�� �	��+��� �� �� �� ��������� ����%��� Mg �����
���

������ ����� �
�� ����
���� �����
�����
� �	��� ���	�� �����
����� ������� CeO2 

�����������, ���� ��	
�� �� Mg2+ ���� 
 �
����
��
� ������
��. &�
���
 �����	�	

�
���!��
 �� � ������ ���� � ��+��������� �����
��: 

• B. Matovi3, J. Lukovi3, B. Stojadinovi", S. Aškrabi3, A. Zarubica, B. Babi3, Z. 
Doh2evi3-Mitrovi3, “Influence of Mg doping on structural, optical and photocatalytic 
performances of ceria nanopowders”, Process. Appl. Ceram. 11 (2017) 304-310 
(M22). 

2.5. �������	 
���������	 � ����
����	 	�	�
�����	 �
���
��	 CeO2 � La 

��������! TiO2 �������!��� AFM � STM/STS 
	!������

*���
��	 �� ����
�����
� �
���������
� 	���
���� ���
��� ��������
�� ���� �
����������
�� CeO2 
 La ���
���
� TiO2 ������� 
 
� I-V ������ �� ���
�� �����
�
�������	
 �����
���
� ������� ���
������ ������ �
������
����� ���������	
. 
&�
���
 �����	�	
 �
���!��
 �� � 	�
 ���� � �������
� ��+�������
� �����
�
��: 

• M. Radovi3, B. Stojadinovi", N. Tomi3, A. Golubovi3, B. Matovi3, I. Veljkovi3, Z. 
Doh2evi3-Mitrovi3, “Investigation of surface defect states in CeO2-y nanocrystals by 
Scanning−tunneling microscopy/spectroscopy and ellipsometry”, J. Appl. Phys. 116 
(2014) 234305 (M21). 

• M. Gruji3-Broj2in, S. Armakovi3, N. Tomi3, B. Abramovi3, A. Golubovi3, B. 

Stojadinovi", A. Kremenovi3, B. Babi3, Z. Doh2evi3-Mitrovi3, M. Š3epanovi3, 
“Surface modification of sol-gel synthesized TiO2 nanoparticles induced by La-
doping”, Mater. Charact. 88 (2014) 30-41 (M21a). 

• A. Golubovi3, N. Tomi3, N. Fin2ur, B. Abramovi3, I. Veljkovi3, J. Zdravkovi3, M. 
Gruji3-Broj2in, B. Babi3, B. Stojadinovi", M. Š3epanovi3, “Synthesis of pure and La-
doped anatasenanopowders by sol-gel and hydrothermal methods and their efficiency 
in photocatalytic degradation of alprazolam”, Ceram. Int. 40 (2014) 13409-13418 
(M21). 



3. #�	�	�
� �� �����
�
���� ��	�� ������� ���������

3.1. $����
	
 ������! �	���
�
�

3.1.1. ������ ������� 	
���
�
�

*���
��	 �� � 	��� ���������� ���� 
��
� 
��
	
����� �	
���� 4f ������	� ��
���	
����
��� ���

�� BiFeO3 ������	��
����. "��
���
 �����
 �� ��
���� BiFeO3

�� ������ �� ���	����� �	���� ������, ���� �� ���!� ����� ������ 

���	��
� 

�
����
��
� ������
�� � ��	��
����. �	���� ������ �� ��������� ��  ��������
��������	�
��
� ���

��, �����
 �� ������� �������	�� �����
���
�� 
 ��������
�
����	�
��
� ��

	��� ��� BiFeO3 ��	��
����. .���+�, ����	�
 ���
��� ��
�
���
�
�	��� BiFeO3 ��	��
���� �� ������ ���������
� ���� (Bi2Fe4O9 
 Bi25FeO40) ���� ��
��������. *���
��	 �� ��� �������� ����
��� ���������� �	
���� ����+��
� 4f 
������	� (Ce, Pr 
 Ho) 
 ������� �� �
����	�
��� 
 ���	
����
��� ���

�� BiFeO3

������	��
���� ����� ���
�� �� ���	� �
�	���, ��� 
 �� ���	� �	���	����� ������
������� �����!���� 	
��� 
 ������	���
��� �����	�. .���+�, ����
��	 �� �	���
�
����
�� � ������
� ����	�
��
� ���

���� BiFeO3 	����� �
��� 
���+�
���	������	
 
 ����
�� ���� 
 ���
� ������ �
�	����
�� � ����	�
��
� ���

����
���	������	
 ����, �	� ��%� 

	
 �� ������� �� ��	���
����� ��
���� ��
�
�	���	��� � ������
�� 
 �����
���� ��������.  

3.1.2. ��	��

	� �����


� ��������

*���
��	 �� ����� �	����
���
� �� �
���
� ������ 14 ������ � ��+�������
�
�����
�
�� 
 	�: 

• 1 ��� � ��������� ��+��������� �����
�� Journal of Alloys and Compounds (IF = 
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• 3 ���a � ��������� ��+��������� �����
�� Ceramics International (IF = 3.057, 
SNIP = 1.167), 

• 1 ��� � ��������� ��+��������� �����
�� Journal of Physics D: Applied Physics

(IF = 2.772, SNIP = 0.920), 
• 2 ���a � ��������� ��+��������� �����
�� Ceramics International (IF = 2.758, 

SNIP = 1.253), 
• 1 ��� � ��������� ��+��������� �����
�� Ceramics International (IF = 2.605, 

SNIP = 1.662), 
• 1 ��� � ��������� ��+��������� �����
�� Materials Research Bulletin (IF = 

2.435, SNIP = 0.855), 
• 1 ��� � ��������� ��+��������� �����
�� Journal of Applied Physics (IF = 2.210, 

SNIP = 1.130), 
• 1 ��� � ��������� ��+��������� �����
�� Surface and Coatings Technology (IF = 

2.199, SNIP = 1.347), 
• 1 ��� � ��������� ��+��������� �����
�� Materials Characterization (IF = 

1.925, SNIP = 2.034), 
• 1 ��� � ��+��������� �����
�� Journal of Magnetism and Magnetic Materials (IF 

= 2.357, SNIP = 1.341), 
• 1 ��� � ��+��������� �����
�� Processing and Application of Ceramics (IF = 

1.152, SNIP = 0.792). 

 ����� 
����	 ���	�� �
���!��
� ������ �� ������ �	����
���
�� 
����
 35.475. 
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�	����
 ������� 	����� �������
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"���� 
��
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 �� ������ �	����
���
�� �� �
	
���
 121 ��	, �� ���� 116 
��	� 
���
�����
 ��	��
	�	�. "���� ���� 
��
 8
���� 
����� ����
��	� �� 7. 

3.1.4. ����
�� �������

	����� ������

��

)���	�
 


�
���	�
���
 ������	�!
 �� ��
�����
 � �������� 	�
��
: 

�- � ���"
 ����� 35.475 116 17.409 

 �������� �� ������ 2.534 8.286 1.2435 
 �������� �� ��	��� 4.740 15.542 2.277 

3.1.5. �
����	���� ��	����

��+�������� ��	
����	
 �� ������ �	����
���
�� �
����	���: 

•  ����� � ����
 ���%���� � ���� (6��	�
��) ��� ���
��� „Training School and 

6
th

 Workshop on FEBIP (Focused Electron Beam Induced Processing) 2016“ �
���
�� COST ���
�� CELINA (Chemistry for Electron-Induced Nanofabrication),

• "���	�  �
����
	�	� /�	� � -�������	� � ���
�� 

��	������ ������� ��
������� ����� �� �������
� �� ���	
���� ���
����
�, 

•  ����� �� STSM (Short-term scientific missions) ������	�, � ���
�� COST ���
��
CELINA, ��� ���
��� „Ferroelectric properties of BiFeO3 thin films as monitored 

by nano-granular sensor structures prepared by focused electron beam induced 

deposition“, �� /�	�  �
����
	�	� � -�������	�. 

3.2. ��������	 ����� ����
�����! ������, ��
	��
� � 
	!�����! �	�	��

��
� 14 ������ �� ������ �	����
���
�� �� ������
���	���� ��
����, �	�
����������� ������� �
�� 
��	
	��
��. ������
 	� � �
��, 
��� ����	��� ��
�����
�
� �����
�� �� ���
 �� 7 
 ����
����� 
����� 	
� ������ � ������ ��
"���
��
��� �
�
�	���	�� � ���	����, ���
�� ���������� 
 ����	
	�	
����

����
���� ������
�	��%
����
� �����	�	�, ������ ����
���
 
��� � 
�����
����
��	� �� 107, �	� �� 
 ��!� ���	�� �
�� �� ���	������ �
�
���� �� 16 � 
�����
�� 
�
�� � ����� �����
 ������
�. 
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*���
��	 �� �� 01.04.2013. �� ������	� ������ ���
����������� 
������� ���	����
�
� ���
 �
�	
������ ����	��, &�171032 �
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 �� �������
��� �� (����� )�����
�-
�
	���
�. 
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��	� �� ������� � ���!�� 3.1 ���� 
����	���. "��
��
��� ������ 
 �����
 � �
	
�����	
 
� Scopus 
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����

� �	��� � ����
����
��
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�
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���
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� �� ����
�
�
���� ��	�� ������� ���������
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���	�� �-������ �� ��
	�������� �����������

$�
	������ �-������ ��

�����������

����

�����������

%����� �

������

���������

���� � ������

�21� 10 5 50 43.39 

�21 8 7 56 42.99 

�22 5 2 10 10 

�34 0.5 10 5 4.611 

�70 6 1 6 6 

���	'	�	 ��
���	��� ����� �-������ �� ���������� �������� ��
�	���� ��

����� � ����	 ������� ���������

��
�	��� &�
���	�� &�
���	��

(���������*)

%����� 16 127 106.991 

�10+�20+�31+�32+�33+�41+�42 10 127 106.991 

�11+�12+�21+�22+�23 6 127 106.991 

* ����
���� 
����� �� 
������� � ������ �� "�
����� 1 "���
��
��. 
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IMPROVED ELECTRICAL AND MAGNETIC PROPERTIES IN Y 

DOPED BiFeO3 CERAMICS 

Nikola Ili�
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, Jelena Bobi�

1
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Nikola Tasi�
1
, Lavinia Curecheriu
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1Institute for Multidisciplinary Research, University of Belgrade, Belgrade, 

Serbia 
2Institute of Physics, University of Belgrade, Belgrade, Serbia 

3Faculty of Physics, �Alexandru Ioan Cuza� University, Iasi, Romania 

Bismuth ferrite (BiFeO3) is considered one of the most promising single phase 

multiferroic materials thanks to the fact it exhibits ferroelectric and 

antiferromagnetic properties in the same time in very wide range of temperatures (up 

to 370 °C). Difficulties in obtaining pure BiFeO3 phase and dense ceramics, together 

with occurrence of leakage currents have prevented application of BiFeO3. 

Substitution of Bi
3+

 or Fe
3+

 ions with some transition metal or rare earth ions can 

improve both electrical and magnetic properties by reducing leakage currents and 

introducing weak ferromagnetism through structural changes. 

Y doped bismuth ferrite, Bi1-xYxFeO3, was synthesized by auto-combustion 

method using urea as a fuel. Precursor powders were annealed, pressed and sintered. 

Powders and ceramic samples were characterized by XRD, SEM, Raman, 

impedance spectroscopy, ferroelectric and magnetic measurements. 

X-ray diffractograms and Raman spectra showed no presence of secondary 

phases. SEM images indicated lowering of grain size with higher concentration of 

Y
3+

. Electrical resistance is highly improved even at 1 % of Y, while 10 % of Y was 

necessary to break spiral spin structure, leading to weak ferromagnetism. 
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mullite powder was compacted at 4.0 GPa in the temperature range 1100-1500 °C 

with step of 100 °C for 60 s. The measured densities of sintered samples rise with 

increasing the sintering temperature due to recrystallization of mullite particles. The 

particles of the starting powder are agglomerated while the microstructure of 

sintered samples reveals needle-like grains. The needles become elongated with 

increasing the temperature of sintering process and reach the grain length about 5 

�m at 1400 and 1500 °C whereas the grains at 1500 °C are wider. 

 

 

 
P-34 

COMPARATIVE STUDY OF STRUCTURAL AND ELECTRICAL 

PROPERTIES OF Pr(Ce)-DOPED BiFeO3 CERAMICS BY AUTO-

COMBUSTION METHOD 

Bojan Stojadinovi!
1
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, Nikola Ili!
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, Nikola 
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2
, Biljana Stojanovi!
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, Du�an Popovi!
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1Center for Solid State Physics and New Materials, Institute of Physics, 

University of Belgrade, Serbia 
2Institute for Multidisciplinary Research, University of Belgrade, Serbia 

3Faculty of Physics, University of Belgrade, Serbia 

Polycrystalline ceramics of pure and Pr(Ce) doped BiFeO3 (Bi1-xPr(Ce)xFeO3, 

x=0.03, 0.05 and 0.1) were synthesized by auto�combustion method using urea as 

fuel. The structural, vibrational, morphological, dielectric and ferroelectric 

properties of Bi1-xPr(Ce)xFeO3 polycrystalline ceramics at room temperature were 

examined by X�ray diffraction (XRD), Raman spectroscopy, Scanning electron 

microscopy and dielectric and ferroelectric measurements. The XRD and SEM 

measurements showed that the crystallite (particle) size of doped samples decreased. 

XRD and Raman measurements revealed the structural phase transition from 

rhombohedral to orthorhombic (pseudotetragonal) phase in the samples doped with 

10% of Pr(Ce).  

The pristine BiFeO3 exhibited non-saturated P-E loop, typical for conductive 

BiFeO3. The room-temperature P-E loop study of doped samples showed that partial 

substitution of Bi
3+

 ions with Pr
3+(4+)

 and Ce
3+(4+) 

ions reduced the concentration of 

oxygen vacancies and leakage current of BiFeO3, although the saturation and 

remnant polarization in doped samples were lower than in pristine BiFeO3. The 

saturation polarization increased (decreased) with Pr(Ce) doping. Up to 10% of 

Pr(Ce) substitution, significant reduction of dielectric loss and low-frequency 

dielectric constant dispersion was noticed. The structural transition influenced the 

ferroelectric and dielectric properties of Pr(Ce) doped BiFeO3.  
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P-47 

STRUCTURE AND CHARACTERIZATION OF 

BaTiO3-Ni(1-x)Zn(x)Fe2O4 COMPOSITES 

Adis D�unuzovi�
1
, Nikola Ili�

1
, Mirjana Vijatovi� Petrovi�
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, Zorana Doh!evi�-Mitrovi�
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Biljana Stojanovi�
1
 

1Institute for Multidisciplinary Research, Belgrade University, Serbia 
2Institute of Physics, Belgrade, Serbia 

NiZnFe2O4 (NZF) powder was prepared by auto-combustion method starting 

from nickel, zinc and iron nitrates. Thermal treatment was performed at 1000 
o
C for 

1 h after which the nickel ferrite powder was formed. Barium titanate (BT) powder 

was prepared with same method using titanyl nitrate and barium nitrate as a starting 

reagents. Multiferroic composites with formula BaTiO3� Ni(1-x)ZnxFe2O4 (x = 0.3, 

0.5, 0.7) were prepared by mixing chemically obtained NZF and BT powders in the 

planetary mill for 24 h. Powders were pressed and sintered at 1170 
o
C for 4 h. 

Samples were characterized by XRD, Raman, SEM, IR. Magnetic and electrical 

measurements were also carried out. X-ray and Raman measurements confirmed the 

presence of NZF, BT phases and the traces of barium ferrite phase. The 

microstructure of the ceramics shows (Fig. 1.) the formation of polygonal (NZF 

grains), rounded (BT grains) and plate like grains (barium ferrite phase). The 

impedance analyses of multifferoic composites at 200 ºC have shown the 

contribution of both, grain and grain boundary resistivity.     
 

 

Figure 1. SEM images of NZF(50-50)-BT and impedance measurements 
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Bi1-xHoxFeO3 (x = 0, 0.05, 0.07, 0.10, 0.12, and 0.15) nanopowders were 

synthesized by sol-gel method. The structural, vibrational, ferroelectric and 

dielectric properties of Bi1-xHoxFeO3 samples at room temperature were examined 

by X�ray diffraction (XRD), Raman spectroscopy, ferroelectric and dielectric 

measurements. Higher content of Ho dopant (x = 0.10, 0.12, and 0.15) induced 

partial phase transformation from rhombohedral to orthorhombic phase, confirmed 

from XRD and Raman spectroscopy, where the content of orthorhombic phase is 

about 69% in 15% Ho-doped sample. 

The appearance of orthorhombic phase substantially influences the electrical 

properties of Bi1-xHoxFeO3 nanopowders. We have found that only 15% Ho-doped 

sample withstands strong applied fields (up to 100 kV/cm) at lower frequencies 

without breakdown. Analyzing the frequency dependence of permittivity, applying 

UDR and Cole-Cole models, we obtained that dc conductivity significantly 

decreases with higher Ho content, reaching the lowest value for 15% Ho doped 

sample. The dielectric loss values were reduced and low for 12% and 15 % doped 

samples. These results imply that the appearance of orthorhombic structure 

suppresses the conductive properties of BiFeO3 nanopowders. 
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CaMnO3-based ceramics doped with gadolinium has become a matter of great 

scientific interest, because of their physical, electronic and magnetic properties, and 

many intriguing phenomena, such as colossal magnetoresistance (CMR) involving 

potential applications in magnetic memory devices and sensors. Electronic 

properties of CaMnO3 doped with different amount of gadolinium were investigated 

using combination of experimental and theoretical methods. Spectroscopic 

Ellipsometry has been used to study electronic properties and band gap variation as 

function of Gd doping (up to 20% Gd). Furthermore, for each of the structure 

candidates, a local optimization on the ab initio level using density-functional theory 

(DFT), hybrid (B3LYP) and the Hartree�Fock (HF) method was performed. 
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In recent years, considerable attention has been given to the genesis of dickite in 

sedimentary conditions. One way to obtain an objective evaluation of the nature of a 
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The present work examines the influence of various synthesis methods on the 

formation of defect electronic states in the band structure of CeO2-y nanocrystals. 

Characterization of structural properties and determination of average crystallite size 

was performed using X-ray diffraction spectroscopy. Raman spectroscopy technique 

provides an insight into the concentration of oxygen vacancies and vibrational 

properties of ceria nanocrystals. Scanning tunneling microscopy and scanning 

tunneling spectroscopy measurements were performed on the CeO2-y nanocrystals 

and the measurements were compared with available literature data for the electronic 

band structure of cerium dioxide. The differences in defect electronic states within 

the band gap were detected among the differently prepared CeO2-y nanocrystals. 

Optical properties of CeO2-y nanocrystals were investigated by spectroscopic 

ellipsometry. Through the critical points analysis of ellipsometric data we were able 

to establish direct relationship between observed variations in electronic structure 

and optical transitions. This study revealed that synthesis process strongly influences 

the formation of different oxygen vacancy complexes which, on the other side, have 

dominant influence on optical, transport and magnetic properties of ceria based 

materials. In order to reach full potential of these materials it is of great importance 

to elucidate which type of synthesis process provides better ceria performances.  
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Mixed Al2O3/ZnO coatings obtained by plasma electrolytic oxidation process (PEO) 

of aluminum in water solution boric acid and borax with addition  ZnO nanoparticles. The 

oxide coatings were characterized by Scanning electron microscopy equipped with energy 

dispersive x-ray spectroscopy,  x-ray diffraction, and Raman spectroscopy. It was found that 

chemical and phase compositions strongly depend on PEO time. It was shown that 

photocatalytic activity was improved by longer time of PEO process. 
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Copper selenides are interesting metal chalcogenide semiconductor materials. They 

exist in many phases and structural forms: different stoichiometries such as CuSe (mineral 

klockmannite), Cu2Se, Cu2Sex, CuSe2 (mineral marcasite), á - Cu2Se, Cu3Se2 (mineral 

umagnite), Cu5Se4 (mineral athabaskite), Cu7Se4 etc. as well with non - stoichiometric form 

such as Cu2-xSe (mineral berzelianite) and can be constructed into several crystallographic 

forms (monoclinic, cubic, tetragonal, hexagonal, etc.). Copper selenides in different 

stoichiometries are semiconductors with p - type conductivity, and have been widely used in 

optical filters, solar cells, photo detectors, supersonic materials! 

The paper describes the structural and optical properties of copper selenide thin films. The 

films of tree different thicknesses (56.75, 79.74 and 172.70 nm) were grown by thermal 

evaporation on glass substrate, at room temperature and pressure better than 1 mPa. The 

surface morphology of thin films was investigated by atomic force microscopy (AFM). 

Formation of Cu - Se thin films is concluded to proceed unevenly, in the form of islands 

which later grew into agglomerates. The structural characterization of Cu - Se thin film was 

investigated using X - ray diffraction pattern. The presence of two - phase - system is 

observed. The first one is low - pressure modification of CuSe2. The second phase is solid 

solution of Cu in Se. The Raman spectroscopy was used to identify and quantify the 

individual phases presented in the Cu - Se films. The results of Raman spectroscopy are in 

good agreement with XRD results, and the presence of two phases in our system, the trigonal 

Se and orthorhombic CuSe2, is confirmed once again. 
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Effect of Y-doping on structure and properties of multiferroic BiFeO3 ceramics
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Bismuth ferrite (BiFeO3) exhibits ferroelectric and antiferromagnetic properties up to

very high temperatures, and is, consequently, considered one of the most promising single

phase multiferroic materials. Doping with Y
3+
was tested in terms of improving electrical and

magnetic properties. Bi1-xYxFeO3 was synthesized by auto-combustion method using urea as

a fuel. Precursor powders were annealed, pressed and sintered. Powders and ceramic samples

were characterized by XRD, SEM, Raman, electrical and magnetic measurements. X-ray

diffractograms and Raman spectra showed transition from rhombohedral to orthorhombic

structure at 10 % Y
3+
content. SEM images indicated reduction in grain size with higher

concentration of Y
3+
.
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The role of mechanochemistry in preparation of high dielectric constant

and low-loss electroceramics
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1
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High-energy ball milling process of solids often offers unique opportunities for the

creation of value-added materials especially with perovskite structure. These studies are

aimed to explain the advantages of the mechanochemical synthesis of polycrystalline

ceramics with ultrahigh dielectric constants and low dielectric losses.

The results of comparison the syntheses� results using mechanochemical and high-

temperature treatments are presented. Additionally, the influence of impurities from ball

milling processes is considered.
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Abstract

Perovskite, single multiferroic bismuth ferrite was prepared by two chemical methods: auto-combustion and soft chemical route. Influence of

different fuels and complexing agents and thermal treatment on purity of bismuth ferrite powders and density of bismuth ferrite ceramics were

investigated. X-ray diffraction technique (XRD) indicated that optimal temperatures and times for calcination and sintering are 600 1C for 2 h and

800 1C for 1 h with quenching, respectively. Scanning electron microscopy (SEM) analysis showed that soft route synthesized samples formed

softer agglomerates and smaller grains with less secondary phases. Powders and pellets were characterized by Brunauer–Emmett–Teller (BET)

specific surface area analysis, particle size distribution, Fourier transform infrared spectroscopy (FT-IR), dilatometry, Raman spectroscopy, X-ray

photoelectron spectroscopy (XPS), dielectric and magnetic measurements. Resistivity and origin of electrical resistance were studied by means of

impedance measurements.

& 2014 Elsevier Ltd and Techna Group S.r.l. All rights reserved.

Keywords: A. Powders: chemical preparation; B. Electron microscopy; B. X-ray methods; D. Bismuth ferrite

1. Introduction

Bismuth ferrite (BF) is lately attracting great attention being one

of a very few single multiferroic materials at room temperature. BF

is ferroelectric up to 830 1C and antiferromagnetic below 370 1C

[1], but nanoparticles can also manifest weak ferromagnetic

behavior. Unlike other ferroelectric materials with asymmetric unit

cells, BF has symmetric rhombohedral perovskite structure, but

possesses spontaneous polarization due to lone electron pairs on

Bi3þ ions [2]. This kind of ferroelectricity allows BF to has

magnetic properties in the same time, considering that magnetic

materials have partially filled d or f-orbitals with strong repulsive

Culon interactions and symmetric unit cells [3,4].

Multiferroic materials have great potential for different

applications, primarily for information storage devices [5], but

also in sensors, additives, spintronic devices [6], actuators [7],

transducers [8], filters, attenuators [9], satellite communication,

bubble devices, permanent magnets [10]. BF also has some uses

unrelated to its multiferroic properties. It has been examined as a

catalyst [11], photocatalyst [12], pigment, material for infrared

detectors, optoelectronics and solar cells [13]. Aside from many

potential applications, materials such as bismuth ferrite are very

interesting from theoretical point of view, for better under-

standing of multiferroic behavior origin and nature.

BF was intensively studied from the 1960 [2], but difficulties

in obtaining single phased material and achieving stable electrical

properties have prevented wider application. Although phase

diagrams of Bi2O3–Fe2O3 system show presence of perovskite

bismuth ferrite phase up to 830 1C, it is assumed that this phase

is metastable, and decomposes eventually to mullite type phase

www.elsevier.com/locate/ceramint
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(BiFe2O4) and sillenite (Bi25FeO39) phases even at significantly

lower temperatures [14]. Volatility of bismuth can also disturb the

system's stoichiometry.

The main problem with electrical properties is low resistance

originating from secondary phases and divalent iron ions, which

are inevitably present in some degree [15]. For this reason, it is

very hard to obtain saturated polarization loops [16]. Attempts

to overcome this problem by controlling sintering atmosphere,

doping with other elements or making solid solutions were

made [7,15,17].

All this repressed exploration of BF, but the discovery of

large remnant polarization in BF thin films in the 2000s have

returned interest in this material [2]. It was presumed that this

is a consequence of strain present in thin films, but recently has

been shown that even bulk BF single crystals have this large

polarization [18].

Many routes were reported for synthesis of BF in an effort to

obtain pure phased material: solid state [9,16], mechanochemical

[19], synthesis from the melt of alkaline salts [20], hydrothermal

[21,22], different methods from solutions (auto-combustion

[11,14,23], sol–gel [6,24], Pechini [25], co-precipitation [9,26],

soft chemical route [10,27], sonochemical and microemulsion

techniques [28]). None of them was completely successful, so

removal of secondary phases was tried to be done by leaching in

diluted mineral acids [24,28] or with different thermal treatments

including quenching [9,29], spark plasma sintering [26], rapid

liquid phase sintering [15,30], microwave sintering [31], sintering

in different atmospheres [15], etc.

Auto-combustion synthesis is based on redox reaction

between nitrate ions and organic fuels. Large amount of energy

and gasses releases during this process, forming crystalline

compounds in form of fluffy ash. In reality, the product is just

partly crystallized, and some organic compounds remains in it,

so further thermal treatment is necessary [32]. Heat of combus-

tion and gas evolution are dependent on nature of the fuel and

fuel to oxidant ratio (F/O), and they have crucial impact on

powder characteristics.

Many advanced materials were successfully synthesized by

this method. Its main advantages are simplicity of the process

and completion of the reaction so fast (it lasts only few

seconds) that many defects are introduced into structure during

it, which lowers required sintering temperatures and, hence,

helps in obtaining nanomaterial [33]. Soft chemical route is

similar to auto-combustion synthesis, but in it solutions are just

dried without any combustion. Complexing agents prevent

precipitation, so the product is amorphous resin.

In this paper, BF was synthesized by auto-combustion and

soft chemical methods. In case of auto-combustion synthesis,

several organic compounds were used as fuels: citric acid,

sucrose and urea. In soft chemical route two complexing

agents (citric and tartaric acids) were compared with reaction

without complexing agent. It is known that chemical synthesis

routes are mainly referred to powders, and such way obtained

materials are very rarely processed to ceramics. In this study,

an attempt was made to obtain dense and pure phased ceramic

samples of BF with nanosized grains. The influence of fuel

or complexing agent on phase composition of powders and

ceramics was investigated. The purest materials were chosen

for further characterization and study of electric and magnetic

properties. As the smallest amount of secondary phases was

obtained for urea synthesized BF, some of the results will be

presented only for it.

2. Experimental procedure

BF precursor powders were prepared by two methods: auto-

combustion and soft chemical route. Both techniques are very

simple, fast and of low-cost. Chemicals used for synthesis are

Bi(NO3)3  6H2O (Alfa Aesar, 98.0%), Fe(NO3)3  9H2O (Alfa

Aesar, 98.0–101.0%), NH4OH (Lach Ner, 25%), HNO3 (65%),

citric acid (Carlo Erba, 99.5–100.5%), sucrose (Alfa Aesar,

99%), urea (Riedel-de Haen, 99.0–100.5%) and tartaric acid

(Saphoma, 99.9%).

Syntheses are schematically presented in Fig. 1. In auto-

combustion synthesis, nitrates of iron and bismuth were dissolved

in minimal amounts of distilled water and 3 M nitric acid,

respectively. Solutions were mixed together for a while, and

saturated solution of fuel was added. Molar ratios of metal nitrate

oxidants (O) to fuels (F) were calculated using summary valences

of reactants according to approach suggested by Jain et al. [34],

which is very useful to estimate required quantity of fuel for

conducting reaction to its end. In case of citric acid and sucrose

fuels, pH value was raised with ammonia solution in order to

promote complexing ability of fuels and introduce amino ions

required for combustion initiation. In case of urea as a fuel this is

not necessary because the fuel itself contains amino groups.

Solutions were heated at 80–90 1C under continuous stirring until

they turn into a sticky mass. Temperature was then raised to

about 150 1C and resins were dried after which self ignition

occurs. Reaction is very exothermic, and open flame may appear.

Voluminous ash which retains into dish is precursor powder.

In soft chemical route, metal nitrates were dissolved in

minimal amounts of distilled water and diluted nitric acid, and

solution of complexing agent was added to them. Solutions

were heated and stirred at 90–100 1C until completely dried.

All precursor powders were ground in a mortar and calcined

at 600 1C for 2 h at the heating rate of 10 1C/min. Ceramic

samples were prepared by pressing the calcined powders under

Fig. 1. Scheme of auto-combustion and soft route syntheses of bismuth ferrite.
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pressure of 294 MPa (auto-combustion obtained powders) or

196 MPa (soft route obtained powders) and sintering at 800 1C.

Samples were placed into preheated oven and quenched after

1 h. In preliminary experiments, other temperatures and times

for calcination and sintering were also carried out, but did not

show just as good results. Similar optimal thermal treatments

were revealed by other authors [9,14,19].

Powders and ceramics were characterized by DTA/TG

(SETARAM Labsys TG-DTA/DSC system), XRD (Model

Phillips PW1710, Cu Kα radiation, 11/min), BET (Micrometrics

Gemini 2360), particle size distribution (Coulter LS Particle

Size Analyzer 230), SEM (Model TESCAN SM-300) equi-

pped with back-scattered electron detector (BSE) and energy-

dispersive X-ray spectroscopy (EDS), dilatometer (Linseis,

model 4L70-2000), Raman (TriVista 557 Raman system with

the mixed Ar/Kr laser line (λ=514.5 nm) as an excitation source

with an incident laser power less than 60 mW in order to

minimize heating effect), and an FT-IR (Bruker Equinox-55).

XPS (UNI-SPECS UHV System, Berlin, Germany) was carried

out at a pressure of less than 10 7 Pa. The Mg Kα line was

used, and the analyzer pass energy was set to 10 eV. The

inelastic background of the Fe 3p electron core-level spectra was

subtracted using Shirley's method. Ceramic pellets were also

characterized by dielectric (HP 4284A, frequencies from 20 Hz

to 1 MHz), impedance (HIOKI 3532-50 LCR HiTESTER,

frequencies from 42 Hz to 1 MHz) and magnetic measurements

(SQUID, Quantum Design).

3. Results and discussion

TG curve for BF tartaric precursor powder (Fig. 2) showed

significant loss of mass of about 43%. Loss below 150 1C

accompanied with an endothermic peak on the DTA curve

corresponds to evaporation of water. Several exothermic peaks

in interval from 150 to 280 1C, correspond to combustion of

residual organics, and it is followed with mass loss of around

30%. Constant mass confirms that organics were completely

gone up to 510 1C, and above this temperature only crystal-

lization of amorphous bismuth ferrite takes place. However,

expressed peaks of new phase formation were not observed.

Powders obtained by auto-combustion method contain much

less water and organics with less than 1% mass loss, since they

were synthesized at higher temperature.

The energy released in auto-combustion reaction is maximal for

F/O¼1, but maximal energy release may not always be desirable.

As desired products are often metastabile, it may be necessary to

lower the temperature of synthesis, so fuels are used in excess or

deficit. Also, with excess fuel, oxygen from air is partly used for

reaction, and those additional released gasses make product

particles smaller. In our study, different fuel to oxidizer ratios

were tried in the auto-combustion synthesis route and the best one

was chosen based on the powders' XRD result. The purest BF

phase was formed with F/O ratio 1 for citric acid, 3 for sucrose

and 1–1.5 for urea. Optimal pH values were between 6 and 7 for

citric acid and sucrose, and around 1 for urea.

X-ray diffraction patterns for calcined powders presented in

Fig. 3 showed good matching with the data of JCPDC card

74-2016 only in case of urea fuel in auto-combustion method

(BF urea) and tartaric acid in soft method (BF tartaric). Small

peaks belonging to sillenite (Bi25FeO39) and mullite type

(Bi2Fe4O9) phases are present as well. For similar synthesis

routes, other authors have obtained optimal calcinations

temperatures of 500–650 1C with small amounts of sillenite

Fig. 2. DTA/TG curves for BF tartaric and BF sucrose precursor powders.

Fig. 3. XRD patterns of differently obtained BF powders calcined at 600 1C

for 2 h. Secondary phases are marked: S – sillenite (Bi25FeO39), M – mullite

type phase (Bi2Fe4O9), F – α-Fe2O3 and B – Bi2O3. Superscripts f. and c.a.

denote the citric acid used as a fuel and complexing agent, respectively.

N.I. Ilić et al. / Ceramics International 41 (2015) 69–77 71



phase [14], sillenite and mullite type phases [27] or with no

secondary phases [10].

FT-IR spectra of calcined BF powders are presented in

Fig. 4. Strong peak at 550 and smaller one at 450 cm 1

correspond to stretching and bending vibrations of Fe–O

bonds. Some residual nitro groups are detected by the small

peaks at 815 and 1385 cm 1. Band at 1630 cm 1
fits to H2O

bending vibrations, while the broad band at 3300–3600 cm 1

corresponds to stretching of bonds in H2O and –OH groups,

originating from adsorbed water from air.

SEM micrographs of calcined powders (Fig. 5) showed

large degree of agglomeration. Sizes of primary particles of all

BF powders are between 200 nm and 600 nm, but agglo-

merates are 2–10 μm large. Agglomerates seem to be hard,

especially in case of citric acid as a fuel and soft route

synthesis without complexing agent. They were not broken

even after dispersing in ethanol with ultrasonic probe. Such

hard agglomerates will not be completely broken even after

pressing, and they are big problem for achieving high density

of ceramics. Beside small pores between particles, there are

much larger pores between agglomerates, which do not strive

to disappear during sintering process. Other authors obtained

particles of similar size for chemically synthesized BF powders

calcined at 550 1C for 3 h [27] and 400 1C for 2 h [10] (with

smaller agglomeration in this case). At 450 1C and 650 1C for

3 h, Sakar et al. have recorded flower like and granular

particles [27].Fig. 4. FT-IR spectra of calcined BF urea and BF tartaric powders.

Fig. 5. SEM images of BF powders calcined at 600 1C for 2 h, prepared with (a) citric acid (fuel), (b) sucrose, (c) urea, (d) no complexing agent, (e) tartaric acid

and (f) citric acid (complexing agent).
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BET isotherm data point out small specific surface area of

calcined powders, with 0.33 m2/g for BF urea and 2.92 m2/g

for BF tartaric. The possible explanation is formation of hard

agglomerates, with particles so close to each other that

adsorbing gas cannot penetrate within. Particle size analysis

(Fig. 6) pointed out bimodal particle size distribution, con-

firming presence of agglomerates. BF urea powder consists of

primary particles  0.3 μm large and agglomerates of around

15 μm, while these sizes for BF tartaric powder are  0.2 μm

and 2 μm. Calculated mean particle sizes are 7.2 μm for urea

and 0.8 μm for tartaric acid synthesized BF.

Dilatometry measurements for calcined and pressed BF urea

powder presented in Fig. 7 showed start of shrinkage at

630 1C. At higher temperatures, shrinkage is very fast, and it

reaches 7.5% up to 830 1C. It is not possible to heat sample

above this temperature because of melting. Based on these

results, and considering problem with decomposition of

perovskite phase at high temperatures, three different thermal

treatments were tried: sintering at 750 1C for 4 h and sintering

at 800 and 820 1C for 1 h with quenching. The purest and most

dense ceramics was obtained at 800 1C, and all presented

results are for these samples.

Densities of green and sintered samples were determined by

geometrical measurements and Archimedes method, respec-

tively. As listed in the table in Fig. 7, green densities are

between 50 and 60%, and sintered ones between 68 and 90% of

theoretical. Larger green density generally means larger density

after sintering, but soft route synthesized materials showed

different behavior. SEM images of powders in Fig. 5 could

explain this. Tartaric acid synthesized powder has smaller

agglomerates than powders obtained with citric acid and without

complexing agent. Larger agglomerates are easier to be pressed,

because of smaller number of contacts between them, requiring

smaller compacting energy. That means that total green porosity

is smaller, but pores are larger. Pellets with smaller pores

densify more effectively, and sintered density is higher although

it was lower before sintering. Best densities were achieved with

urea in auto-combustion and tartaric acid in soft synthesis,

which was confirmed with SEM analysis in Fig. 11 as well.

XRDs of the sintered samples (Fig. 8) all indicate quite low

content of secondary phases according to small intensity of

peaks at 2θ¼271–281, but exact conclusion cannot be

Fig. 6. Particle size distribution of BF urea and BF tartaric powders.

Fig. 7. Dilatometry curve for BF urea with inserted data for green (Dg) and

sintered (Ds) densities of differently prepared BF pellets.

Fig. 8. XRD patterns of differently obtained BF samples sintered at 800 1C for

1 h. Secondary phases are marked: S – sillenite (Bi25FeO39) and M – mullite

type phase (Bi2Fe4O9). Superscripts f. and c.a. denote the citric acid used as a

fuel and complexing agent, respectively.
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claimed having in mind that sillenite phase is often present in

amorphous form. Besides, peaks of mullite type phase could

be partially hidden by perovskite and sillenite phases which

scatter X-rays more intensively [35].

The Raman spectra of BF urea are presented in Fig. 9. The

sample exhibits rhombohedral structure. It is well known that

rhombohedral BF with R3c symmetry has 4 A1 and 9 E modes.

The Raman spectra were fitted using the Lorentzian-type

profile and the position of each Raman mode is written on

the image. The Raman mode positions are in good agreement

with literature data [36,37].

Fe 2p3/2 XPS spectra of BF pellets are presented in Fig. 10.

The spectra were deconvoluted into four components. The

small sub-peak at binding energy of 708 eV was attributed to a

substoichiometric FeOx phase (0.5oxo1), consisting of Fe

sites containing oxygen vacancies. The component at 709.6 eV

was assigned to the divalent iron ions, while peaks at 710.9

and 712.5 eV were attributed to trivalent iron ions surrounded

with O2 and OH ions. Content of Fe2þ ions is possible to

be calculated using ratio of these peaks. Around 51% of iron

ions in BF urea and 43% in BF tartaric were in Fe(II) oxidation

state. This can also indicate presence of oxygen vacancies and

possible low resistivity of BF ceramics.

Large pores could be seen in BSE SEM images of all

sintered samples (Fig. 11). Different phases are visible in

different shades in these shots. The most abundant phase is BF

phase. EDS results showed that darker grains correspond to the

mullite type phase, and brighter grains to the heavier, sillenite

phase. Except difference in color, difference in size and shape

of grains is obvious. Mullite type phase grains are smaller and

rectangular, inserted into perovskite grains, while sillenite

occurs in large irregular grains.

Diffusion of Bi3þ ions was reported to control the formation

of BF during solid state reaction [9]. Beside perovskite phase,

it can be assumed that large irregular grains of Bi rich, sillenite

phase could be formed on the grains surface, and iron rich,

mullite type phase in inner parts in the form of small rectangular

grains. Additionally, metastabile BF phase may be decomposed

as mentioned in Section 1, so forming of certain amounts of

sillenite and mullite type phases is difficult to be avoided.

Furthermore, impurities in the starting material disturb the

equilibrium between oxides of iron(III) and bismuth.

Insets in Fig. 11 represent fracture surfaces of samples. The

surface is representative for auto-combustion synthesized

samples, while for samples obtained by soft route grains are

much larger inside the sample than at the surface. Therefore,

looking at the free surface, there is a significant difference

between auto-combustion and soft route synthesized samples.

Ceramics obtained by soft method have much smaller grains

(500 nm–5 μm, compared to 2–20 μm size of auto-combustion

synthesis), and smaller amount of secondary phases, especially

in the case of tartaric acid as a complexing agent. Inside the

samples there is no significant difference between synthesis

methods, except for sucrose prepared material, which has

remarkably larger grains than others. BF tartaric material has

slightly smaller pores than others, indicating that agglomerates

in BF tartaric powder were softer and their breaking more

successful than for the other powders.

Dependencies of the dielectric constant (ε0) and dielectric

losses (tan δ) on temperature at different frequencies for BF urea

ceramics are presented in Fig. 12. Dielectric constant is quite

large above 300 1C, with a major peak at 470 1C. Dielectric

losses are less than 1 below 250 1C, and they rise at higher

temperatures exhibiting two peaks at 370 and 440 1C. This kind

of behavior is related to Maxwell–Wagner phenomena, caused by
Fig. 9. Room-temperature Raman spectra of BF urea sample (circles) together

with calculated spectra (full lines).

Fig. 10. Fe 2p2/3 XPS spectrum of BF urea and BF tartaric ceramic samples.
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inhomogeneity in conductivity, which can lead to accumulation

of surface charge at the interfaces [38]. The inhomogeneity in

conductivity could exist between grains and grain boundaries of

the perovskite phase, but also between it and secondary phases.

Fig. 13 represents the dependence of the imaginary part of

the complex impedance, Z″, on real part of the complex

impedance, Z0, for BF urea and BF tartaric samples at room

temperature. Results were fitted using ZView2 software,

Fig. 11. SEM BSE images of BF pellets sintered at 800 1C for 1 h, prepared with (a) citric acid (fuel), (b) sucrose, (c) urea, (d) no complexing agent, (e) tartaric acid

and (f) citric acid (complexing agent).

Fig. 12. Dielectric constant and dielectric loss vs. temperature for BF urea ceramic sample at different frequencies.
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showing good agreement with the electric circuit presented

with inset in Fig. 13. For BF urea, resistivity originates mostly

from grain boundaries, while grains contribute with less than

10% of total resistance. Calculated resistivity has an order of

magnitude of 108 Ω (107 Ω cm) at room temperature, which is

quite low compared to 1010 Ω cm resistance of monocrystal-

line BF, reported by Palai et al. [39], suggesting the existence

of Fe2þ ions and secondary phases as the main charge carriers.

Although XPS analysis showed less Fe2þ ions in BF tartaric

than in BF urea, resistivity of BF tartaric sample determined by

impedance measurements is one order of magnitude smaller,

and contribution of grains in total resistance was significantly

higher (around 50%). BF tartaric sample have smaller porosity

and, therefore, better contact between grains, which could

explain smaller resistance and, in particular, smaller grain boundary

resistance.

As mentioned in Section 1, bismuth ferrite is antiferromag-

netic, but although each Fe3þ ion is surrounded by six other

Fe3þ ions with opposite angular magnetic spin directions, their

spins do not annul completely, so there are some resulting

magnetic moments. These moments have cycloidal ordering

with period of around 64 nm, which means that particles

smaller than 64 nm are weekly ferromagnetic [2,18].

In our study, magnetic measurements showed typical anti-

ferromagnetic behavior with no hysteresis loop up to 10 kOe

fields, as depicted in Fig. 14. This kind of response was

expected because grains are much larger than 64 nm, so

cycloidal magnetic ordering is complete and resulting moment

is zero. Sakar et al. [27] have recorded weakly ferromagnetic

BF nanopowder, explaining this behavior by coupling between

antiferromagnetic core and ferromagnetic surface of particles.

4. Conclusion

Two chemical methods from solution (auto-combustion and

soft route) using several organic fuels and complexing agents

were investigated in order to obtain rhombohedral perovskite

bismuth ferrite phase. Samples obtained using urea in case of

auto-combustion and tartaric acid in case of soft route showed

the best outcome. XRD, Raman and EDS analyses resulted in

very low amount of secondary phases in these two materials.

SEM analysis showed that soft route synthesized ceramics

possess smaller grains than auto-combustion synthesized cera-

mics. The densities achieved by soft route are larger. The Fe2þ

percentage, determined by XPS has the lowest value of about

43% of total Fe ions for samples obtained using tartaric acid.

Resistivity determined by impedance spectroscopy is rather low.

BF ceramics showed antiferromagnetic properties.

Although auto-combustion and soft chemical methods have

good potential in obtaining bismuth ferrite, for achieving better

properties for multiferroic application, BF should be doped

and/or synthesis and processing modified in order to produce

higher densities and smaller grains, which will be the subject

of our future work.
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A B S T R A C T

Bismuth ferrite is one of the most promising multiferroic materials, and the main barriers for exploiting
all of its specific properties are difficulties in obtaining pure, high resistive material with nanosized
grains. Doping of BiFeO3 with different transition metals and rare earth elements is often used way for
overcoming these obstacles. Yttrium doped bismuth ferrite, Bi1 xYxFeO3 (x = 0; 0.01; 0.03; 0.05; 0.1), was
prepared by auto-combustion method. X-ray diffraction patterns and Raman results showed that partial
phase transition from rhombohedral to orthorhombic structure took place at around 10 mol% of Y. Effect
of Y doping on microstructure was studied from SEM micrographies, showing the reduction of grain size
in doped samples. Electrical measurements showed continuous improvement of resistivity with Y
doping, whereas the values of saturation and remnant polarizations exhibit maximums at around 5 mol%
of Y. Yttrium doping also enhanced magnetic properties, leading to weak ferromagnetism.

ã 2016 Elsevier Ltd. All rights reserved.

1. Introduction

Properties of materials which result in spontaneous polariza-
tion, magnetization and deformation which can be controlled by an
applied electric field, magnetic field and stress are called
ferroelectricity, ferromagnetism and ferroelasticity, respectively
[1]. These properties (also called ferroic properties) have been
thoroughly studied and used widely for years in various devices
and components. But nowadays, very interesting potential
applications arises for materials which possess two or three of
ferroic properties at the same time. Those materials are usually
called multiferroic materials. Some other similar properties
(antiferromagnetism, ferrimagnetism, ferrotoroidicity) are often
also considered ferroic [2].

There are two main types of multiferroic materials. Composite
multiferroics consist of two different phases, each of whom
possesses one ferroic property. That means that they could be
made from many different materials, so they are very numerous
and many new materials have the potential to be investigated.
Single multiferroics on the other hand have two or all three ferroic
properties in only one phase. They are very rare, because of

different origin of ferroic properties, which normally exclude one
another [3]. Both types of multiferroics, composite and single ones,
have some advantages and disadvantages. Aside from scarcity of
single multiferroics, coefficient of correlation between different
properties in them is often too small for some multifunctional
application. These coefficients are significantly larger in composite
multiferroics, but are limited only to boundary between different
phases [4].

Bismuth ferrite (BF) has a rhombohedral perovskite structure,
with almost cubic unit cell (arh= 3.965 Å, arh= 89.40!) though it is
usually described using hexagonal axes. Hexagonal c-axis is
directed along [111] axes of pseudocubic cell and hexagonal cell
(ahex = 5.58 Å, chex = 13.90 Å) is consisted of six formula units of
BiFeO3 [5]. It is single multiferroic material, exhibiting ferroelectric
and antiferromagnetic properties in the same phase. Aside from its
multiferroicity, BF exhibit properties which could be interesting to
those dealing with pigments, solar cell materials, photocatalysts
and optoelectronics thanks to a relatively small band gap of about
1.8–2.8 eV [6–9].

With very wide temperature range of multiferroic behavior
(TC= 830 !C, TN = 370 !C) [10], BF belongs to the materials with
greatest potential for different kind of application, but still has
unsolved problems in bringing out the best from its extraordinary
properties. That is the reason for such numerous studies about BF
in the last 15 years. Main obstacles which are still to be overcome
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are occurrence of leakage currents and insufficiently expressed
magnetic properties.

Authors are still arguing about the mechanism of conduction in
BF: Qi et al. [11] reported that partially substituting Fe3+ in the B
site, Ti4+ ions increase the dc resistivity by more than three orders
of magnitude, while Ni2+ ions in the same conditions reduce
resistivity, so the main mechanism for conduction in BF ceramics is
formation of O2 vacancies and their movement. Dai et al. [12]
reported that after sintering in different atmospheres, BF with
more oxygen vacancies, but the lowest portion of Fe2+ is the most
resistive, concluding the main charge carriers are electrons and not
O2 vacancies. Most authors highlight one of those two mecha-
nisms [4,13]. Possible Bi3+ vacancies and secondary phases are
rarely considered [14,15].

Low electrical resistivity of BF disables manifestation of
ferroelectric behavior. The resistivity of BF was successfully
improved by doping, especially in case of aliovalent ions [11,16–
18]. In case of doping with isovalent ions, opinions are divided.
Improvement of resistivity by A-site1 substitution with isovalent
ions was explained by smaller content of volatile Bi3+ ions and,

therefore, less pronounced unstoichiometry [19–23]. For this
reason, although slightly decreasing ferroelectric polarization by
the elimination of its cause (Bi3+ ions with lone 6s2 electron pair)
[1]. substitution of A-site ion is often used method for synthesis of
BF with improved ferroelectric properties. There are also some
studies reporting higher current density in isovalently substituted
BF [24,25]. Substitution of Bi3+ in BF was additionally reported to
promote formation of perovskite BF phase, reducing the amount of
secondary phases in this way [17,24,26–28]. More success in
obtaining highly resistive BF has been achieved in two-dimen-
sional materials — in the form of thin films [29,30].

Antiferromagnetic materials still do not have many applica-
tions, but BF is not typical representative. Its antiferromagnetism is
originating from Fe3+ ions, and is of G-type, meaning all first
neighboring Fe3+ ions have opposite magnetic spin directions.
What is interesting in BF is that these spins are not completely
opposite, and there is some small resulting moment. This kind of
structure is called canted spin structure, and it usually leads to
weak ferromagnetism, but in BF, magnetic spins have another level
of organization arranging them in spiral structures with a period of
62 nm, destroying magnetization in bulk material [31]. This means
that one way of creating ferromagnetism in BF is by limiting the

Fig. 1. XRD patterns with enlarged 2u region between 31.6! and 32.4! in the inset (a), rietveld refinement for the sample BYF10 (b) and characteristic values of unit cell vs.
composition (c) for BF and BYF ceramic samples.

1 With regard to ABO3 perovskite chemical formula.
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growth of its particles or grains under 62 nm [32]. The other way
could be breaking of spiral spin structure by substitution of Bi3+

ions with isovalent ions of different size as it was tried with many
rare earth and transition metal ions [19,25,28,33,34].

Another important obstacle in BF application is difficulty in
obtaining pure and dense BF ceramics. BF phase exhibits instability
area between 447  C and 767  C [15] in which it is spontaneously
decomposed to secondary phases (mullite type phase, Bi2Fe4O9,
and sillenite type phase, Bi25FeO39). It is hard to conduct sintering
of powder and in the same time to completely avoid this
temperature interval. Together with the large bismuth loss at
high temperatures, this is a huge barrier for densification of BF
ceramics. That is the reason why so many studies about BF operate
with powders. Magnetic properties are manifested and could be
easily measured in powders, but for electrical and multiferroic
properties, and also applications based on them, it is usually
necessary to make dense ceramics.

Mechanisms of isovalent substitution-driven improvement of
resistivity, polarization and magnetization are still not known, but
there are implications that it is mainly driven by the average size of
the A-site ion, and not by the dopant nature. The most probable
reason is change in the Goldschmidt tolerance factor and,
therefore, lowering the angle of the Fe!!O!!Fe bonds, which
controls both magnetic and conduction properties leading also to
structural transition [35–38].

Y3+ effective ionic radius of 1.02 Å for coordination number (CN)
8 is significantly smaller than 1.17 Å for Bi3+ in the same
coordination [39] (for CN = 12, like it is in BF, Bi3+ has effective
ionic radius of 1.36 Å [35], but there is no data for Y3+ in that
coordination), so it is a candidate for the A-ion-size-caused
changes. For this reason, an attempt of improving purity, electrical
and magnetic properties of BF by doping with yttrium was
conducted in this study. BF materials with 1, 3, 5 and 10 mol% of Bi3
+ ions substituted with Y3+ ions were synthesized by the auto-
combustion method, and then characterized and their properties
compared with those of undoped BF samples. The doped samples
were named according to Y content — from BYF1 to BYF10.

2. Experimental

Bi1!xYxFeO3 (x = 0, 0.01, 0.03, 0.05 and 0.1) was synthesized by
auto-combustion method using Bi(NO3)3"6H2O (Alfa Aesar, 98.0%),
Y(NO3)3"6H2O (Sigma–Aldrich, 99.8%), Fe(NO3)3"9H2O (Alfa Aesar,
98.0–101.0%), urea (Riedel-de Haen, 99.0–100.5%), HNO3 (65%).
Auto-combustion synthesis method used here was already
described in our previous paper [40]. It starts from the solution,
so it is very convenient for homogeneous incorporation of small
amount of doping metal cations. Precursor powders obtained after
fuming combustion and drying were grinded in agate mortar and
calcined at 600  C for 2 h (heating rate 5  C/min). Powders were
grinded again and then pressed at 294 MPa. Samples were put in an
oven preheated to 800  C and taken out to room temperature after
1 h. Sintering was conducted in a closed dish together with a small
amount of Bi2O3 powder which has diminished Bi evaporation by
producing Bi-rich atmosphere.

Powders and ceramics were characterized by XRD (Brucker AXS
D8, Ni-filtered Cu Ka radiation), SEM (Model TESCAN SM-300),
Raman (TriVista 557 Raman system with the mixed Ar/Kr laser line
(l = 514.5 nm) as an excitation source with an incident laser power
less than 60 mW in order to minimize the heating effect). Ceramic
pellets were also characterized by ellipsometry (high resolution
variable angle spectroscopic ellipsometer (SOPRA GES5E-IRSE),
incidence angle ui= 65 , in a wide spectral range 1.5–5.0 eV),
ferroelectric (Radiant Precision Multiferroic Analyzer, at frequency
of 2 Hz), impedance (HIOKI 3532-50 LCR HiTESTER, frequencies
from 42 Hz to 1 MHz, temperatures between 50 and 250  C) and
magnetic measurements (SQUID, Quantum Design). Ceramics
pellets were coated with silver electrodes for electrical characteri-
zation.

3. Results and discussion

3.1. X-ray diffraction

X-ray diffractograms of sintered BYF pellets are presented in
Fig. 1a. Perovskite rhombohedral BF phase with very low presence
of secondary mullite type phase (Bi2Fe4O9) was formed. Unlike
many different dopants (including Y) which have prevented
[17,24,26–28] or enhanced [25,41] secondary phases formation,
according to the results of this study Y content does not
significantly affect product’s purity. However, it makes noticeable
changes in the structure of the crystal lattice. All diffraction peaks
shift to higher 2u angle with Y doping. At the same time, pairs in
double peaks tend to merge into single ones. The gradual change is
most obvious in the enlarged (110) and (1 !10) peaks presented in
the inset of Fig. 1a. From the structural point of view, this means
that the unit cell parameters are changing and strains are
emerging, but also that crystallite size is decreasing. In one point,
the change in unit cell parameters is enough large to induce
gradual transferring of rhombohedral lattice system into ortho-
rhombic one. Performed using FullProf Suite toolbar, the Rietveld
refinement (Fig. 1b) of diffraction pattern for BYF10 sample
indicates 6.6% of orthorhombic phase. Calculated lattice param-
eters are plotted in Fig. 1c, implying that unit cell slowly expands
with smaller substitution rate, and then shrinks. With Y3+ ions
smaller than Bi3+ this does not make much sense, but the effect of
vacancies could explain it. With such small Y3+ ions concentration,
average A-site ion size has smaller influence on unit cell size than
eventual change in vacancies concentration. Less volatile Y3+ ions
prevent evaporation of Bi3+ (explained in more detail in Section 3.3)
and, therefore, vacancies formation, so average unit cell is
expanding up to 3% of Y. Only at higher content the effect of
smaller Y3+ ion size prevails and unit cell starts to shrink. The
theoretical densities of ceramic samples were calculated using
fitted unit cell parameters. Together with relative densities
obtained using Archimedes' principle, theoretical densities are
presented in Table 1.

The rhombohedral-orthorhombic structural transition for Y
concentrations of around 10 mol% was also found in other studies
[27,42]. Many other dopants cause this characteristic structural

Table 1

Densities of ceramic samples and fitted values of grain and grain boundary resistivities in BF and BYF ceramic samples at 250  C.

Sample Theoretical density (g cm!1) r, % of theoretical density Rg. (Vm) Rg.b. (Vm)

BF 8.36 82 3.86 # 102 9.34 #102

BYF1 8.33 75 1.92 # 103 1.06 # 104

BYF3 8.26 78 2.74 #103 1.64 #104

BYF5 8.20 80 1.03 # 104 1.94 #104

BYF10 8.12a 72 1.19 # 104 3.84 #104

a 8.07 for R3c phase and 8.90 for Pnma phase.
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transition at some substitution degree [14,36,43,44], implying that
the size of A-site ion and not some other characteristic is deciding
for the structure.

3.2. Raman spectroscopy

Raman spectra of BYF ceramics in the wavenumber range 70–
650 cm 1 are presented in Fig. 2. BiFeO3 has 13 Raman active
modes, which are not well resolved at room temperature [19,45]. In
this range, three A1 and five E modes can be clearly seen in BF
sample and they are labeled in Fig. 2. The Raman spectra of BYF
ceramic samples showed that the A1 and E modes are of lower
intensity, broadened and shifted to higher wavenumbers with
increasing content of yttrium. This is particularly evident for the A1
modes at 146, 171 and 220 cm 1, which are related to Bi  O
covalent bonds [46]. With reduction in average A-site ion mass, it is
expected for modes to be shifted to higher wavenumbers. Besides,
decreased peak intensities indicate declined stereochemical
activity of A-site ion (since Y3+ ion does not possess a lone
electronic pair) [34]. However, all BF modes are still present, so it is
evident that although Bi  O bonds are partially replaced with
Y  O bonds and there are significant structural changes, the
rhombohedral phase, and not the orthorhombic one, prevails.

3.3. Scanning electron microscopy

Micrographs taken on fracture surfaces of the ceramic samples
(Fig. 3) indicate that the grain size is reduced more than twice
(from 4–10 mm to 1–3 mm) in Y doped samples. However, Y
content of higher than 1 mole% has not further affected the grain
size, so grains of doped samples are of similar size and morphology.
Intragranular porosity present in undoped BF (probably originated
from fast grain boundary movement) is disappearing at doping
levels above 1 mol%. Intergranular porosity on the other hand
increases, and all doped samples have smaller densities than BF
(Table 1), but relative density is increasing with higher Y content
up to 5 mol%. Y3+ ions are less mobile than Bi3+ ions at the sintering
temperature (800 !C compared to 1450 !C reported for sintering of
YFeO3 [47]), and they slow down the solid state reaction,
preventing the grain growth and lagging of pores inside grains,
but lowering the final density. As a consequence of smaller
mobility, Y would concentrate in the grain boundaries, which can
explain a density improvement of doped samples with more Y:
smaller coverage of grain boundaries with Bi3+ ions prevents its

volatilization from the grains as well, decreasing the concentration
of Bi3+ and O2 vacancies and leading to slightly improved
densities.

If this presumption is correct, conductivities of both grains and
grain boundaries would be markedly improved thanks to less
mobile Y3+ ions at the surface and smaller number of vacant places
having a role of charge carriers. Small density of the sample
BYF10 could be explained with formation of new orthorhombic
phase, which may require different temperature for densification.
Many dopants were reported to inhibit the grain growth [24,41],
and other authors have also assumed that doped BF may require
slightly higher sintering temperatures [44].

3.4. Impedance spectroscopy

Fig. 4 represents characteristic complex impedance plots of Y
doped BF ceramics at 250 !C. Data were fitted using
ZView2 software, treating the sample as equivalent electrical
circuit presented in the inset of Fig. 4. The complex impedance, Z is
composed of its real and imaginary parts, Z' and Z00:

Z ¼ Z0   jZ00 ð1Þ

The best fit was achieved comparing with three parallel
resistor-constant phase element pairs lined in a row. Each pair
manifests electrical properties (resistivity and capacitance) of
some part of the material, and graphically looks like a semicircle.
Semicircle at the lowest frequencies exists due to electrode and/or
potentially formed conductive phases. It is usually not clearly
visible. Middle frequencies semicircle (right in Fig. 4) represents
grain boundary contribution to resistivity, while that of grains is at
high frequencies (left in Fig. 4). Resistivities of grains and grain
boundaries could be estimated from diameters of the correspond-
ing semicircle. The obtained values for all samples at 250 !C are
presented in Table 1. It is obvious from both Fig. 4 and Table 1 that
resistivity is markedly improving with increasing the doping level.
At the same time, grain boundaries have greater contribution to the
total resistance than grains. Continuous resistivity rise is not in
complete agreement with previous report that there is a decrease
in resistivity at the temperature induced rhombohedral to
orthorhombic phase transition in BF [5], and this could mean
that Y is strongly influencing not only the structure, but also
conduction mechanism.

The explanation for increasing electrical resistivity of BF by
doping with Y3+ (or some other isovalent ion) mainly used by other
authors is reduced unstoichiometry because of the lower volatility
of dopant comparing to Bi [19–22] which does not sound very
probable having in mind such low levels of doping. But if the fitted
values of grain and grain boundary resistivity (presented in
Table 1) are plotted as their dependence on composition (Fig. 5),
similar conclusion can be brought out. Grain resistivity is
improving almost linearly with doping level, while grain boundary
resistivity show sharp increase with small amount of Y, and then
increase linearly with Y content. If the assumption from the
Section 3.3, predicting that Y3+ ions concentrate in the grain
boundaries during the solid state reaction, was made again, the
sharp increase could be explained. As grain boundaries contain
only few ionic layers, even 1% of non-volatile dopant would make
the boundaries significantly more resistive. Fewer vacancies in the
grain boundaries mean fewer vacancies inside grains too, but 1% of
dopant cannot make so pervasive change in grains containing most
of the material, so the grain resistivity is not markedly improved. In
higher content, Y occupies almost complete grain boundaries,
increasing the grain boundary resistivity and disabling volatiliza-
tion of Bi2O3, preventing formation of bismuth and oxygen
vacancies and raising the grain resistivity as well as the grain

Fig. 2. Room-temperature Raman spectrum of BF and BYF ceramic samples.
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boundary resistivity. However, without precise characterization of
grain boundaries, this cannot be firmly claimed.

The porosity of ceramics must also be considered as one of the
conduction decisive factors. The air barrier is preventing charge
mobility between separate grains, so they must move through the
smaller surface. Taking this into account, obtained resistivities
should be modified because of decreased area available for the
charge transfer and extended effective thickness of the samples.
With the assumption that the pores are uniformly distributed
through ceramics, it is possible to estimate the change of area, so
obtained resistivities should be multiplied with appropriate
density factor (from 0.82 to 0.73). All these approximations do
not make a significant change in general conducting behavior. Still,

they could partly explain the resistivity increase in more porous, Y
doped ceramics.

Other effects of dopant on electrical resistivity cannot be
excluded. Yang et al. [35] reported that indirect influence of the
average size of A-site ion on the band structure by buckling of
Fe  O  Fe angle leads to more insulating character.

Another impedance related function useful for defining of
electrical properties is the complex modulus. It could be derived
from the complex impedance function Z using Eq (2) [48]:

M ¼ jvCcZ ¼ jvCcðZ
0   jZ00Þ ¼ vCcZ

00 þ jvCcZ
0 ¼ M0 þ jM00; ð2Þ

where v is angular frequency (v = 2pf) and Cc is the capacitance of
the empty cell dependent of the sample dimensions. Cc = e0S/d,

Fig. 3. SEM images of BF and BYF ceramic samples at fracture surfaces: BF (a), BYF1 (b), BYF3 (c), BYF5 (d) and BYF10 (e).

Fig. 4. Impedance plots of BF and BYF ceramic samples at 250 &C.

64 N.I. Ili�c et al. / Materials Research Bulletin 77 (2016) 60–69



where e0 is vacuum permittivity (e0 = 8.854  10!12 F m!1), S area of
the sample covered with electrode, and d its thickness (separation
between electrodes). Dimensionless quantities M0 and M00 are the
real and imaginary part of complex impedance function M, taking
the values of vCcZ

00 and vCcZ
0, respectively. It is possible to get

more information about conductivity from the plotted M00–f

graphs. All samples exhibited strong temperature dependent
relaxation, with large shift of the M00 peak to the higher frequency
with higher temperature, which is becoming less expressed with
doping (Fig. 6(a) and (b)). The shift indicates that the hopping of
charge carriers dominates at higher temperatures [49]. The

conclusion is that in BF ceramic samples conduction is thermally
activated, but that becomes less pronounced with higher content
of Y. There is also a shift in the peak position and shape with level of
doping (Fig. 6(c) and (d)), again suggesting that charge carriers
become less thermally activable.

Activation energies for conduction and relaxation processes
could be calculated by applying Arrhenius equation (Eq. (3)) to
various measured quantities:

x ¼ x0e
!Ea=kbT ; ð3Þ

where x represents certain physical quantity (grain conductivity,
grain boundary conductivity, dc conductivity, relaxation time), x0 is
pre-exponential factor, Ea is activation energy, kb Boltsman
constant (kb = 1.38   10!23 J K!1) and T absolute temperature. Grain
and grain boundary conductivities were obtained as reciprocal
values of the appropriate resistivities, dc conductivity was
estimated from the plateau position in total conductivity depen-
dence on frequency and relaxation times were calculated like
reciprocal values of angular frequency at the M00–f peak positions.
The Eq. (4), obtained after taking natural logarithm of both sides of
the Eq. (3), could be easily fitted linearly confirming Debye like
behavior. Needed energies could be calculated from the slopes of
the fitted lines.

ln xð Þ ¼ lnðx0Þ !
Ea
kb
 
1
T
: ð4Þ

Activation energies of grain and grain boundary conductivities
are plotted in Fig. 7, and all obtained energy values are presented in
Table 2. It is obvious that Y as a dopant is reducing activation
energies, making electrical properties less temperature-depen-
dent. Differences in grain and grain boundary activation energies

Fig. 5. Dependence of grain and grain boundary resistivity on Y content in BYF
ceramics at 250  C.

Fig. 6. Modulus curves for BF (a) and BYF5 (b) samples at different temperatures, and modulus curves (c) and normalized modulus curves (d) for BF and BYF ceramic samples
at 250  C.
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lead to conclusion that different type of charge carriers is
responsible for conduction in them. Several possible charge
carriers could cause occurrence of leakage currents in BF. In
Kröger–Vink notation system [50] their formation could be

presented by the following reactions:

OO
x ! 1/2O2 + VO

!!+ 2e0 (5)

BiBi
x + 3e0! Bi(g)+ VBi

000 (6)

FeFe
x + e0 ! FeFe

0 (7)

Other carriers like interstitial or foreign ions, or those

originating from secondary phases could not be excluded, but in

simplified system only 3 mentioned charge carrier types are

considered: Bi3+ and O2# vacancies and electrons. Being involved in

all reactions, in certain equilibrium between Fe3+ reduction and

formation of O2# and Bi3+ vacancies, the electrons could be absent

even when the O2# vacancies are formed.

Since grain conductivity was shown to be more temperature

stabile than grain boundary conductivity, and the same relation-

ship exists between Y doped and undoped BF, the following

assumption could be made. The main charge carriers in undoped

BF are O2# and Bi3+ vacancies, especially in grain boundaries, where

they are more prone to be formed. With yttrium doping, the role of

electrons, originated from Fe3+ to Fe2+ reduction (reverse Reaction

(7)), is growing. The increase in temperature does not markedly

affect electron movement, but vacancies are more mobile at higher

temperatures, and that would explain why grain boundary

resistivity changes faster with rise in temperature than grain

resistivity, which is illustrated in the example of BYF3 ceramic

sample in Fig. 8. There is even stabile grain resistivity region up to

100 $C depicting the electron hopping conducting behavior.

With Y addition, number of vacancies is decreasing, so grain

boundary resistivity increases fast like it is obvious from Fig. 5.

Grain resistivity also increases with Y doping, but only because

conduction in grains also partly originates from the vacancies.

Electron conductivity could be even improved, since electron-

consuming Reaction (6) is prevented, but that is apparently not the

case. With smaller number of vacancies, the total resistivity of Y

doped BF is significantly less temperature-dependent. It is

therefore possible to say that Y is changing the conduction

mechanisms in BF ceramics.

Values of activation energies from Table 2 indicate that the

same charge carriers (vacancies) are mostly responsible for grain

boundary conduction, dc conduction and relaxation, but also grain

conduction in undoped BF, while in grains of doped samples the

case is different, and electrons are becoming more probable charge

carriers.

3.5. Spectroscopic ellipsometry measurements

The band gap energies of BF and Y-doped BF ceramics were

estimated using spectroscopic ellipsometry. The pseudo-dielectric

function <e> was obtained directly from the measurements of the

ellipsometric angles C and D [51]:

< e >¼ sin
2u

1 þ tan2uð1 # rÞ2

ð1 þ rÞ2

" #

; r ¼ tanðCÞeiD ð8Þ

The imaginary part of the pseudo-dielectric function, e2 Eð Þ, is

deduced from the ellipsometric measurements by applying two-

phase model approximation (air/BYF ceramics) [52]. The energy

gap (Eg) can be determined from e2 applying the Tauc formalism

Fig. 7. Activation energies for grain (a) and grain boundary (b) conductivities for BF and BYF ceramic samples.

Fig. 8. Dependence of grain and grain boundary resistivities on temperature in the

case of BYF3 ceramic sample.
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[53]. For the energies close to the Eg and in a case of direct
transition, the following equation can be applied:

e2E
2
 (E ! Eg)

1/2 (9)

The plots (<e2>E
2)2 vs. E for BYF samples are shown in Fig. 9. The

direct band gap values for BYF ceramic samples were determined
from extrapolation of the linear part of (<e2>E

2)2! E to zero
(<e2>E

2)2 value. It was found that the band gap value increased
from 2.36 eV for pure BF to 2.48 eV for BYF10. Such blue shift of the
band gap with increasing Y content can be explained by the
quantum size effect [54], which causes the change in the electronic
band structure. This conclusion is in agreement with SEM analysis,
which has shown that the grain size had decreased with increasing
percent of Y. The change in band gap energy is very interesting for
construction of materials with desired semiconducting properties.
The change in band gap energy is very interesting for construction
of materials with desired semiconducting properties.

3.6. Ferroelectric measurements

Ferroelectric hysteresis loops of ceramic samples presented in
Fig. 10 show that the leakage currents are so high in the case of
undoped BF (inset in Fig. 10), that it is impossible to induce any
polarization without conduction, even with very small fields of
2 kV cm!1. For all doped samples, electrical resistivity was high
enough to measure proper ferroelectric loops, but as in many
other bulk polycrystalline BF materials saturation was not
achieved as it has been done in BF single crystals and thin films
[5]. The reason is mostly the conduction, which is, although
reduced, still substantial and leads to the electrical break up in
higher fields, but partly also impossibility of making pellets thin
enough to produce larger fields in them with used device. That is

why it is not possible to talk about remnant or saturation
polarization and coercive field, but it is possible to compare those
values for different samples at certain field strength. At electrical
field of 60 kV cm!1, remnant (PR) and saturation (PS) polarizations
are increasing for increased Y content up to 5 mol%, and reach PR of
0.32 mC cm!2 and PS of 0.64 mC cm!2 in case of BYF5 sample, while
coercive field is around 25 kV cm!1. Obtained values for the
BYF5 sample are in concurrence to those from literature for similar
compositions at similar conditions (Table 3), showing slightly
larger polarizations and coercive field. The reduction of polariza-
tion values in sample BYF 10 corresponds to the formation of
paraelectric orthorhombic phase [42], but could also be a
consequence of decreased total number of 6s2 lone electron pairs,
which cause the ferroelectricity in BF. The changes of structure and
resistivity have been considered more important than decreased
stereochemical activity of the A-site ion [55,56]. Since there is still
a significant amount of ferroelectric rhombohedral phase, the
ferroelectric hysteresis is present in BYF10.

3.7. Magnetic characterization

Magnetization dependences on magnetic field for BF and BYF
ceramics are presented in Fig. 11. Obtained loops are not
saturated, so all the results will be assigned to certain field
strength, similarly to ferroelectric measurements. Undoped BF
showed typical antiferromagnetic behavior due to spiral arrange-
ment of magnetic spins. With Y partially substituting Bi,
saturation magnetization is gradually increasing, and at 5 mol%
of Y it is possible to notice very weak ferromagnetic loop. The
concentration of Y required for breaking spiral spin structure
coincides with the phase transition from rhombohedral to
orthorhombic, and ferromagnetic hysteresis loop, though still
weak, occurs at 10 mol% of Y, with magnetization of  0.13 emu
g!1 at 10 kOe field and remnant magnetization just below
0.03 emu/g. The values of remnant magnetization and coercive
field for BYF10 are compared with similar materials in Table 3.
They are comparable to many Bi substituted BF systems (some of
them also Y doped) [19,20,24,26,42], but lower than some others
with Y [22,27,28]. Significantly higher magnetic field strengths of
the latter comparing to those used in this study can explain this
result. The coercive field strength of around 2.5 kOe in the case of
the Bi0.9Y0.1FeO3 sample is very large comparing to similar
compositions [19,22,28,34], implying that more point defects,
which pin domain walls, are formed [57]. That could be expected
for the auto-combustion synthesis route [58].

Table 2

Activation energies for grain (Ec,g), grain boundary (Ec,gb) and dc (Ea,dc) conductivi-
ties and relaxation (Er) in BF and BYF ceramic samples.

Sample Ec,g (eV) Ec,gb (eV) Ea,dc (eV) Er (eV)

BF 0.68 0.79 0.66 0.81
BYF1 0.34 0.62 0.56 0.77
BYF3 0.26 0.56 0.49 0.63
BYF5 0.29 0.53 0.43 0.54
BYF10 0.12 0.54 0.42 0.61

Fig. 9. Tauc plots for direct band gap transition for BF and BYF ceramic samples.

Fig. 10. Ferroelectric hysteresis loops for BF (inset) and BYF ceramic samples.
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4. Conclusions

Yttrium doped bismuth ferrite ceramics were prepared by auto-
combustion synthesis method. Up to 5 mol%, Y ions are well
incorporated into the structure of bismuth ferrite, slightly
changing Fe  O  Fe angle and unit cell size, but above this
amount, change in the size of the average A-site ion is big enough
to start inducing structural transition from rhombohedral to
orthorhombic symmetry. Morphology is also changing, with
smaller grains and larger porosity in doped ceramics. The
resistivity is continuously increasing with Y content. Accumulation
of Y3+ ions in the grain boundaries, where they replace mobile Bi3+

ions, slowing down the solid state reaction and preventing
evaporation of Bi2O3 and formation of charge carriers, explain
the changes in morphology and conduction. It is not only
conductivity affected with Y content in BF, but also the mechanism
of conduction. Charge carriers are transferring from vacancy
prevailing to electron prevailing. Electrical properties are less
temperature-dependent in doped BF and that is a good sign for
potential application. Both ferroelectric and magnetic properties
are affected by the change in composition and structure.
Polarization values start to increase with doping, but after the
structural transition ferroelectricity is declining. Weak ferromag-
netism is arising in the 10 mol% Y doped sample due to the break in
the spiral structure of magnetic spins. Large electrical and
magnetic coercive fields indicate that a large number of defects,
acting like pinning points for domain walls movement, are
introduced into the structure with fast auto-combustion synthesis
route. The weak rise of band gap with Y substitution was deduced

from the spectroscopic ellipsometry. All the results indicate that Y
induce improvement in electrical and magnetic properties of BF,
and is one of the potential dopants for modeling the material with
specific properties.
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Synthesis process strongly influences the nanocrystalline CeO2-y defective structure. The

presence of surface defects, in the form of oxygen vacancies in different charge states (F centers),

can change the electronic properties of ceria nanocrystals. Nanocrystalline CeO2-y samples were

synthesized using three different methods (precipitation, self-propagating room temperature, and

hydrothermal synthesis). Raman spectroscopy was used to identify the presence of oxygen vacan-

cies which presumably were formed at the nanoparticle surface. The defect concentration

depended on the crystallite size of differently prepared CeO2-y samples. Scanning tunneling mi-

croscopy/spectroscopy and ellipsometry were employed to investigate the electronic band struc-

ture of defective CeO2-y nanocrystals. Scanning tunneling spectroscopy measurements

demonstrated that inside the band gap of CeO2-y nanocrystals, besides the filled 4 f states,

appeared additional states which were related to occupied and empty F center defect states. From

the ellipsometric measurements, using the critical points model, the energy positions of different

F centers states and the values of the reduced band gap energies were determined. The analysis of

obtained data pointed out that depending on the synthesis method, different types of F centers

(Fþ and F0) can be formed in the CeO2-y nanocrystals. The formation of different F center defect

states inside the ceria gap have a strong impact on the electrical, optical, and magnetic properties

of ceria nanocrystals.VC 2014 AIP Publishing LLC. [http://dx.doi.org/10.1063/1.4904516]

I. INTRODUCTION

During the 20th century, CeO2 based materials were

widely applied in catalysis of automotive exhaust gases,1,2

glass polishing,3 high storage capacitors,4 superconductor

structures,5 and gas sensors.6 With significant expansion of

nanotechnology, from the beginning of the 21st century, new

areas of application emerged, such as solid oxide fuel cells7,8

and spintronics.9,10 Special interest was devoted to the opti-

cal properties of nanocrystalline ceria materials due to the

appearance of new effects characteristic for nanosized mate-

rials. The application of ceria in the optical technologies,

such as inorganic UV filters,11 solar cells,12,13 electrochro-

mic smart windows,14 and photocatalytic systems15,16

requires precise control of the electronic band gap structure.

For the ceria applications in oxide phosphorus materials17

and optical conversion,18 it is important to introduce addi-

tional electronic states inside the band gap. These electronic

states can originate from the oxygen vacancies, whose con-

centration can be controlled by selecting the synthesis pro-

cess or by a careful choice of the dopant.

In this paper, CeO2-y nanocrystals were synthesized by

three different methods in order to investigate the influence

of different synthesis methods on the formation of oxygen

vacancies, which can be formed as abundant defects on the

surface of ceria nanocrystals. The combined research per-

formed by scanning tunneling microscopy (STM)/scanning

tunneling spectroscopy (STS) and spectroscopic ellipsometry

enabled to identify the electron trapping sites, i.e., F0 or Fþ

centers, and to obtain better insight into the electronic band

gap structure of differently prepared CeO2-y nanopowders.

The better knowledge of the electronic band gap structure

of nanocrystalline ceria is crucial for the application of this

material in the field of catalysis and spintronics.

II. EXPERIMENT

A. Materials synthesis

1. Hydrothermal method

Cerium (III) nitrate hexahydrate (Ce(NO3)3� 6H2O),

Acros Organics 99.5%) and Polyvinylpyrrolidone (PVP)

(Aldrich) were used as starting materials. During a synthesis

procedure, 1 g of PVP was mixed with 40ml of distilled water

under vigorous magnetic stirring at room temperature, until

homogeneous solution was obtained. 3mmol of cerium source

was slowly added to the PVP solution (also under vigorous stir-

ring at room temperature) in order to obtain a well-dissolved

solution. No pH adjustment was made. Homogeneous solution

was transferred into an autoclave and prepared at 200 �C for 6 h

(T¼ 200 �C, t¼ 6h). The precipitate was washed with distilled

water and dried at 80 �C overnight.

a)Author to whom correspondence should be addressed. Electronic mail:

zordoh@ipb.ac.rs
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2. Self propagating room temperature synthesis
(SPRT)

In this experiment, starting reactants were cerium nitrate

hexahydrate (Ce(NO3)3� 6H2O) (Acros Organics 99.5%)

and sodium hydroxide (Carlo Erba). Hand-mixing of nitrates

with NaOH was performed in alumina mortar for approxi-

mately10 min until mixture got light brown. After being

exposed to air for 4 h, the mixture was suspended in water.

Rinsing out of NaNO3 (four times with distilled water and

twice with ethanol) was performed in centrifuge at 3500 rpm

for 10min. The precipitate was dried at 60 �C overnight. The

reaction can be written as follows:

2½ðCeðNO3Þ3 � 6H2O� þ 6NaOHþ ð1=2ÿ yÞO2

! 2CeO2ÿy þ 6NaNO3 þ 15H2O: (1)

3. Precipitation method

The Ce(SO4)2� 4H2O(Acros Organics) was dissolved

in distilled water and formed a clear solution with a concen-

tration of 0.4M. The ammonia solution (Carlo Erba, 25%)

was added drop-wise to the solution at room temperature

(with continuous magnetic stirring) until the desired pH

value was achieved (�9). Yellow suspension appeared and

gradually became brown in color with continuous addition of

the ammonium solution. The resulting room-temperature

precipitate was filtered and washed with distilled water for

several times, dried at 80 �C in air and calcinated at 200 �C

for 4 h. The corresponding chemical reactions are

CeðSO4Þ2 þ 4NH4OH ! CeðOHÞ4 # þ 2ðNH4Þ2SO4 (2)

CeðOHÞ4 ! CeO2 þ 2H2O: (3)

The samples produced by hydrothermal, SPRT, and precipi-

tation methods are labeled as HÿCeO2-y, SÿCeO2-y, and

PÿCeO2-y for brevity.

4. Samples preparation

The X-ray diffraction (XRD) measurements were per-

formed on powder samples. The Raman and ellipsometric

measurements were performed on powder samples pressed

into the pellets. For the STM/STS measurements, the synthe-

sized ceria nanopowders were dispersed in ethanol and

treated in the ultrasonic tub for 20min in order to minimize

the number of agglomerated particles. One drop of obtained

suspension was deposited on a freshly cleaved, grounded

highly ordered pyrolitic graphite (HOPG) surface, and after

drying was loaded in the microscope chamber.

B. Materials characterization

The crystalline phase of cerium dioxide nanocrystals

was studied by XRD method on a Siemens D-5000 diffrac-

tometer with Cu Ka radiation. The diffraction patterns were

recorded over the 2h range from 20� to 80�. The STM and

STS measurements were carried out using Omicron scanning

probe microscope (SPM) VT AFM 25. The micro-Raman

spectra were collected in the backscattering configuration

using a Jobin Yvon T64000 spectrometer equipped with a

nitrogen-cooled CCD detector. The argon ion (Arþ) laser

line at k¼ 514.5 nm was used as an excitation source.

Ellipsometric measurements were performed at hi¼ 70� inci-

dence angle in the UVÿV is spectral range, using variable

angle spectroscopic ellipsometer (SOPRA GES5E–IRSE) of

the rotating polarizer type. The high resolution spectra were

collected with a step of 0.02 eV and prolonged exposure time.

III. RESULTS AND DISCUSSION

In Fig. 1 are shown the XRD patterns of the investigated

samples with the Miller indices which correspond to the

XRD peaks of CeO2. All samples crystallized into fluorite

type structure of CeO2 and no amorphous or any other phase

was detected. The average crystallite sizes (L0) were calcu-

lated using Wiliamson-Hall method19 and obtained values

are also presented in Fig. 1. The diffraction peaks of CeO2

samples, produced by SPRT and precipitation method, are

broadened indicating that these samples are composed of

very fine, nanometric size particles of lower crystallinity.

The hydrothermal method produced significantly larger crys-

tallites in comparison with SPRT and precipitation methods

and consequently, the XRD pattern of this sample resembles

to the XRD spectrum of well-crystallized sample.

Raman spectroscopy is more sensitive to structural dis-

order induced by oxygen vacancies than XRD method. In

nonstoichiometric oxides like CeO2-y, the oxygen vacancies

are usually formed in the surface layer20 and the presence of

defects, as well as, defect concentration distribution can be

FIG. 1. XRD patterns of CeO2-y nanopowders synthesized by hydrothermal

(HÿCeO2-y), SPRT (SÿCeO2-y) and precipitation (PÿCeO2-y) method, to-

gether with a corresponding average crystallite size values.

234305-2 Radović et al. J. Appl. Phys. 116, 234305 (2014)

 [This article is copyrighted as indicated in the article. Reuse of AIP content is subject to the terms at: http://scitation.aip.org/termsconditions. Downloaded to ] IP:

132.203.227.63 On: Wed, 04 Mar 2015 12:01:26



successfully investigated by Raman spectroscopy.21 In Fig. 2

are presented the Raman spectra of differently synthesized

CeO2-y nanocrystals in the spectral range 350–750 cmÿ1,

where the F2g mode and oxygen-vacancy-related Raman

modes are positioned. The F2g mode frequency and linewidth

are essentially determined by the particle size, size distribu-

tion, and the presence of defects like oxygen vacancies.22–24

In a case of HÿCeO2-y sample, with the largest crystallite

size, the F2g mode is narrow and positioned at 463 cmÿ1,

very close to the value for bulk CeO2 sample (464.4 cmÿ1).23

In the case of SÿCeO2-y and PÿCeO2-y samples, with much

smaller crystallite size, the F2g peak is very broad, asymmet-

ric, and shifted to lower frequencies (458 cmÿ1 and

454 cmÿ1, respectively).

The other mode positioned around 600 cmÿ1 originates

from Ce3þÿoxygen vacancy (VO) complexes. The intensity

of this mode is proportional to the concentration of oxygen

vacancies.24–26 From Fig. 2, it can be seen that PÿCeO2-y

sample has the highest intensity of vacancy mode, implying

that this sample contains the highest concentration of oxygen

vacancies. In the case of SÿCeO2-y sample, the concentra-

tion of oxygen vacancies is lower, whereas HÿCeO2-y sam-

ple has the lowest concentration of oxygen vacancies,

because the corresponding Raman mode is barely visible.

The observed behavior of the oxygen vacancy mode in

investigated samples is expected, having in mind that

PÿCeO2-y sample has the smallest average crystallite size

and consequently, the highest concentration of defects is

expected to be found in this sample.

The STM/STS measurements present powerful tool for

direct investigation of the electronic structure of nanomateri-

als. Using Raman spectroscopy, we have observed signifi-

cant variations in the oxygen vacancy concentration in

analyzed samples. Having in mind that defect states are

abundant on the surface of nanoparticles, we applied STM/

STS technique to examine how the presence of defects influ-

ences the electronic structure of synthesized ceria samples.

Electronic band structure of stoichiometric CeO2 is com-

posed of O2p valence band states and 5d conduction band

(CB) states. Inside the O2pÿCe5d band gap, there is narrow

and localized Ce 4f band composed of empty 4f0 states. By

measuring the change in the tunneling current with the bias

voltage, between the STM tip and ceria nanocrystals, infor-

mation about the electronic density of states can be

obtained.27 Current vs. voltage spectra are shown in Fig. 3(a)

for the HÿCeO2-y, SÿCeO2-y, and PÿCeO2-y samples to-

gether with the STM images of individual nanocrystals on

which the STS measurements were performed. The crystal-

lite size of individual nanocrystals was in good agreement

with the average crystallite size obtained from XRD data.

In Fig. 3(b) are shown the differential conductance spec-

tra (dI/dV) of investigated samples.

For the negative bias voltage, the information about the

occupied electronic states can be obtained. The most promi-

nent occupied band around ÿ3V, in all investigated samples

from the Fig. 3(b), corresponds to the O2p band.28,29 When

the oxygen vacancies are formed, part of Ce4þ atoms is

reduced to Ce3þ atoms, resulting in a partial filling of the Ce

4f states. As a consequence, the Ce 4f band splits into occu-

pied 4f1 and unoccupied 4f0 states. The occupied 4f1 states in

CeO2, detected by XPS measurements, were positioned

around 1.2–1.5 eV above the top of the valence band.30 In all

investigated samples, 4f1 states appear about 0.7–1eV above

FIG. 2. Room-temperature Raman spectra of differently synthesized CeO2-y

nanocrystals.

FIG. 3. (a) Current vs. voltage curves

together with STM images of single

ceria nanocrystals. Images were taken

at Vbias¼ 3V and I¼ 100–300 pA. (b)

Differential conductance spectra (dI/

dV) for HÿCeO2-y, SÿCeO2-y, and

PÿCeO2-y samples. Arrows and aster-

isks indicate the position of dI/dV

maxima which belong to Fþ and F0

center defect states.
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the valence band. In the case of S–CeO2-y and P–CeO2-y

samples, besides the 4f1 states, we have detected another

occupied defect electronic states marked with arrows and

asterisks in Fig. 3(b). In the S–CeO2-y sample, these states

appear as dI/dV peaks, approximately at ÿ1V and ÿ1.5V.

For the PÿCeO2-y sample, occupied states appear at ÿ1.7V,

whereas no similar states are detected for HÿCeO2-y sample.

According to the paper of Jerratsch et al.,31 two peaks above

the valence band in the differential conductance spectra of

defective CeO2 films were ascribed to the splitting of the

occupied 4f1 band. On the other side, the DFT calculations

performed by Han et al.32 on defective CeO2 structure

revealed that for increasing vacancy concentration, the elec-

trons are localized not only on 4f states but also on the va-

cancy sites. This is manifested as further splitting of the gap

states into empty and full states. Therefore, the gap states

have substantial contributions from the electrons on the oxy-

gen vacancy site in the case of high oxygen deficiencies.32

Surface defects like oxygen vacancies can trap two, one,

or none electrons forming F0, Fþ and Fþþ centers. F0 and Fþ

centers form localized occupied and empty states in the band

gap, whereas Fþþ centers form only localized empty states

near the conduction band. These types of defects are regis-

tered in various oxide nanomaterials, such as MgO,33 HfO2,
34

and TiO2.
35 The STS measurements performed on defect rich

surface of MgO33 showed that the additional states were

formed in the band gap of MgO. These states were ascribed

to empty and occupied F center defect states. The appearance

of these states in MgO supports our findings in ceria samples.

In our recently published paper,36 we have demonstrated that

ceria nanocrystals synthetized by SPRT and precipitation

methods exhibited different luminescence properties which

originated from different F center defect states. PL spectra

have shown that Fþ centres were dominant in the CeO2 sam-

ple synthesized by SPRT method, whereas F0 centres were

the major defects in CeO2 sample synthesized by precipita-

tion method. Furthermore, the EPR analysis of these samples

confirmed the existence of paramagnetic Fþ centers only in

ceria samples produced by SPRT method.36

For positive bias voltage, the information about the empty

electronic states can be obtained. The most prominent empty

state around 3V corresponds to the Ce 5d states which presents

the upper part of the CB.29 At approximately 2.5V, we have

4f 0 states which form the lower part of CB. Just below the 4f 0

state, additional defect electronic states emerge in SÿCeO2-y

and PÿCeO2-y samples which are marked with arrows and

asterisks in Fig. 3(b). These peaks correspond to the empty

states of F centers. The appearance of oxygen vacancy related

empty electronic state, at similar energy, was detected by STS

measurements performed on defect rich surface of ZnO nano-

rods.37 Continuous rise of differential conductance spectrum

for SÿCeO2-y sample, starting from 1V, indicates significant

presence of unoccupied electronic trap states which can origi-

nate from different kinds of F center states, i.e., from F0, Fþ or

Fþþ centers. In the case of PÿCeO2-y sample, there is one visi-

ble empty state at 2V and in a case of HÿCeO2-y sample, there

are no visible empty states below the 4f 0 band.

Another effect which can lead to the appearance of the

peaks in the differential conductance spectra of metal and

semiconductor nanoparticles is the so called Coulomb charg-

ing effect, where electron transport between the STM tip and

nanocrystal is governed by electron-electron repulsion inside

the spatially confined nanostructures.38,39 This phenomena

manifest as staircase behavior in the I(V) curves. The I/V

curves of our investigated samples are flat and the absence of

Coulomb staircases is evident.

Spectroscopic ellipsometry is a complementary tech-

nique to the STS measurements for the investigation of the

electronic band structure and defect electronic states in nano-

materials. Additional motivation for using ellipsometry in

this study lies in the fact that it is very sensitive method to

the changes in the surface structure of the nanocrystals,

where most of the defects are concentrated.

Optical properties of differently synthesized cerium

dioxide nanocrystals were investigated using spectroscopic

ellipsometry in the 2–5 eVspectral region. From the meas-

urements of ellipsometric angles W and D, by using the two-

phase model approximation (CeO2-y nanoparticles/air), we

have obtained the pseudo-dielectric function spectra.40 The

measurement of pseudo-dielectric function enables direct

determination of real and imaginary parts of the complex

dielectric function e(E)¼ e1(E)þ ie2(E). The standard critical

points (CPs) model for the dielectric function, in the case of

1D and 3D CPs (m 6¼ 0), is given by41–43

eðEÞ ¼ Cÿ AeiuðEÿ E0 þ iCÞm; (4)

and for 2D, CPs (m¼ 0) can be written as

eðEÞ ¼ Cÿ AeiulnðEÿ E0 þ iCÞ; (5)

where A, E0, C, and u are the amplitude, energy threshold,

broadening, and the excitonic phase angle of CP, respec-

tively. The factor m determines the dimensionality of the

critical point (m¼ÿ1/2 for 1D, m¼ 0 for 2D and m¼ 1/2

for 3D CP). To perform a line-shape analysis of the struc-

tures in the e(E) and to obtain the parameters of the critical

points for ceria nanocrystals, we used the expressions from

the articles of Albornoz et al.44 and Le�on et al.45 to fit the

second derivative spectra of the imaginary part of the dielec-

tric function (d2e2/dE
2).

The second derivative spectra of e2 (E) (open symbols)

for all investigated samples are shown in Fig. 4(a), together

with numerical fits (solid lines) based on CP model. An

appropriate level of smoothing was applied in order to sup-

press the noise in the derivative spectra without distorting

the line shape. We have used six critical points to describe

the observed features in the spectra and the obtained parame-

ters are presented in Table I.

The value of excitonic phase angle u, for each CP, was

obtained as the best-fit parameter. The obtained u values

were non-integer multiples of p/2 (0�u� p/2 for 3D and

1D CP and 0�u� 3p/2 for 2D CP), due to the excitonic

effects43,44 which are expected to be more pronounced in

confined systems like ceria nanocrystals.

Numerical modeling of ellipsometry data was carried

out having in mind that defect structure of ceria nanocrystals

can be well described by the core-shell model.20 According
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to this model, the surface shell of ceria nanocrystals is defect

rich,20 whereas the core is essentially bulk-like CeO2.

Therefore, the interband transitions related to the fundamen-

tal band gap features were well fitted with 3D line shape.

The interband transitions which originate from defect shell

were best fitted with 2D line shape, whereas for the elec-

tronic transition related to the surface oxygen species, 1D

line shape yielded slightly better fit than 2D line shape.

The most prominent peak at around 4 eV in the d2e2/dE
2

spectra of the synthesized samples from Fig. 4(a) corre-

sponds to the optical band gap of bulk cerium dioxide, i.e.,

the transition from O 2p to the Ce 4f0 states.29 This transition

is split into two states (2F5/2 and 2F7/2), because of the

spinÿorbit interaction,46 so we fitted the main peak with two

CPs (peaks 4 and 5 in Table I). The first CP is located at

3.6 eV for SÿCeO2-y and PÿCeO2-y and at 3.73 eV for

HÿCeO2-y sample. Obtained energy values match the energy

of optical band gap transition in CeO2.
47 Second CP of this

transition, at 4.2 eV for SÿCeO2-y and PÿCeO2-y samples

and at 4.27 eV for HÿCeO2-y sample, corresponds to the

transition from O 2p states into the upper part (2F7/2) of the

4f0 states. We can observe from fitting parameters that

spinÿorbit splitting in the SÿCeO2-y and PÿCeO2-y samples

(DSO¼ 0.6 eV) is higher than for bulk sample

(DSO¼ 0.25 eV), probably due to the strong electron confine-

ment in nanocrystals.48 The O2p!4f0 transition is character-

istic transition for bulk CeO2 so it was treated as 3D CP.

In the lower energy region from the main peak in

Fig. 4(a), additional structures appear in the d2e2/dE
2 spectra

which originate from the presence of defect electronic states

in the CeO2-y gap. The assignments of these CPs are given as

follows:

• F center states

The CPs at the lowest energies (2–2.45 eV) from Table I

were ascribed to different F center types of defects. F cen-

ters are characteristic for defect-rich shell of ceria nano-

crystals and in a case of interband transitions which

correspond to F center states, the best fits were obtained

with 2D line shape.

In a case of SÿCeO2-y sample, CP at 2 eV corresponds

to the transition marked with arrows in Fig. 3(b). Previous

results on HfO2 (Ref. 34) and TiO2 (Ref. 35) have pointed

out that singly occupied vacancies (Fþ centers) introduce

electronic states deeper in the band gap. Therefore, we

ascribed CP at 2 eV to the Fþ center type of defect. These

deep localized states appear only in SÿCeO2-y sample. In a

FIG. 4. (a) Numerical fits of the d2e2/

dE2 spectra (open symbols) using the

CP lineshape analysis is given by solid

(red) lines, (b) energy values of the

reduced band gap and defect electronic

states transitions obtained from CP

model fitting, and (c) schematic repre-

sentation of the electronic band gap

structure of CeO2-y nanocrystals.

TABLE I. Fit parameters of the CPs.

CP HÿCeO2-y SÿCeO2-y PÿCeO2-y

E1 (eV) … 2 2.45

C1 (eV) … 0.32 0.2

E2 (eV) 2.6 2.44 2.55

C2 (eV) 0.25 0.3 0.24

E3 (eV) 3.2 2.86 3.1

C3 (eV) 0.46 0.24 0.28

E4 (eV) 3.73 3.6 3.59

C4 (eV) 0.36 0.58 0.43

E5 (eV) 4.27 4.2 4.2

C5 (eV) 0.24 0.67 0.24

E6 (eV) 4.8 4.95 4.96

C6 (eV) 0.4 0.45 0.36
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case of PÿCeO2-y sample, the CP at 2.45 eV corresponds

to the transition marked with asterisk in Fig. 3(b). This

interband transition can correspond to F0 type of defects

for which the characteristic is that the occupied/empty elec-

tronic states lie closer to the valence/conduction band.34

For HÿCeO2-y sample, there are no pronounced CP peaks

which can correspond to Fþ or F0 states and we have not

observed any additional states in the differential conduct-

ance spectra of this sample too. Therefore, it is reasonable

to assume that the concentration of the F centers is very

low, which is in accordance with the Raman spectrum of

this sample.
• 4f1 – F center empty states (4f1 – Fes)

Second CP from Table I at energies 2.55 (2.6) eV for

PÿCeO2-y (HÿCeO2-y), can correspond to the transition

from 4f1 state to the empty states of F centers (Fes). Since

this transition involves electronic states characteristic for

the defect-rich shell of ceria nanocrystals, the best fit was

obtained with 2D line shape.

In the case of SÿCeO2-y sample, the second CP in the

d2e2/dE
2 spectra at 2.44 eV (marked with asterisk in Fig.

3(b)) can correspond to the transition between full and

empty electronic states of F0 type of defects. This transi-

tion is already seen in the STS spectrum of PÿCeO2-y

sample.
• 4f1 ! 4f0 transition

The critical-point energies at 2.85 eV, 3.1 eV, and 3.2 eV

for SÿCeO2-y, PÿCeO2-y, and HÿCeO2ÿy samples can

originate from 4f1 ! 4f0 transition. The 2D line shape

yielded the best fit for this transition. The appearance of

4f1and F center defect states reduces the band gap of

CeO2-y samples49,50 and shifts the absorption edge more

towards the visible region. Such behavior is contrary to

the quantum confinement model predictions (increase in

energy gap (Eg) with decreasing particle size). Although

the confinement effect is present, particularly for

SÿCeO2-y and PÿCeO2-y nanocrystalline samples, the

dominant role in the band gap behavior with decreasing

particle size comes from the formation of 4f1 and F cen-

ter defect states in the gap.50 As 4f1 ! 4f0 transition

reduces the optical band gap of ceria, we named it as

reduced band gap (EgR). According to the selection rules

for dipole transition such a transition would be generally

forbidden or would have low oscillator strength.

However in nanosystems, this transition can be allowed

due to the breaking of the selection rules in confined

nanocrystals.

Finally, the critical-point energies at 4.8 eV, 4.95 eV,

and 4.96 eV, in the d2e2/dE
2 spectra of HÿCeO2ÿy, SÿCeO2-y,

and PÿCeO2-y samples, may be assigned to the oxygen spe-

cies adsorbed on the surface of CeO2-y nanocrystals.51 The

electronic transitions ascribed to adsorbed oxygen were

slightly better fitted with1D than 2D lineshape. The adsorbed

oxygen probably form linear chains on the ceria surface,

similar to the one-dimensional Pt oxide chains formed when

the atomic oxygen covered the Pt(111) surface.52 Critical

point analysis of chain-like structures can be well described

with 1D CPs.53

In Fig. 4(b) presented are the reduced band gap value

energies together with the corresponding energies of F center

defect electronic states transitions obtained from CP model

fitting, whereas in Fig. 4(c), proposed is the schematic repre-

sentation of the electronic band structure of defective CeO2-y

nanocrystals. It is important to mention here that there is

some discrepancy in the critical point energies observed in

ellipsometric spectra and energies between the correspond-

ing peaks in the differential conductance spectra. This can be

explained by the fact that STS measurements were carried

out on a single CeO2-y nanocrystals, whereas the ellipsomet-

ric measurements were performed on the nanocrystalline

samples composed of different crystallite sizes which con-

tribute to the final CP energy with different weights.

It is known from the literature that the formation of the

F centers in ceria nanostructures is responsible for the

appearance of very interesting effect, the ferromagnetism

(FM) at room temperature. Extensive studies have been per-

formed on the magnetic properties of ceria nanostructures

and the results have demonstrated that charge state of oxygen

vacancy is crucial for the establishment of the ferromagnet-

ism in CeO2.
9,54–58 It is already shown56,57 that Fþ center

type of defects mediates ferromagnetic ordering in CeO2-y,

whereas in a case of F0 centers, electrons are in a singlet

(S¼ 0) state and can only mediate weak antiferromagnetic

interaction. In order to support the obtained results and the

arguments on the formation of F centers in our samples, we

have measured the magnetization vs. magnetic field for

PÿCeO2-y and SÿCeO2-y samples at room temperature and

compared it with bulk CeO2 sample. These spectra are pre-

sented in Fig. 5. The bulk sample shows weak diamagnetic

response, what is expected for stoichiometric cerium dioxide

with Ce4þ ions in the 4f0 electronic configuration. On the

other hand, SÿCeO2-y sample exhibits ferromagnetism at

room temperature indicating that majority of oxygen vacan-

cies, as the main mediators of FM ordering, is in the Fþ

charge state. For PÿCeO2-y sample, magnetization behavior

is very similar to the bulk sample leading us to conclude that

majority of oxygen vacancies is in the F0 charge state. These

findings are in complete agreement with conclusions from

Ref. 36.

FIG. 5. Room temperature magnetization versus magnetic field for bulk,

PÿCeO2-y, and SÿCeO2-y samples.
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This study has demonstrated that several types of F cen-

ters can be formed in the nanocrystals depending on the syn-

thesis method. Particle size has important influence on the

formation of F centers, since we have seen that HÿCeO2-y

sample with the largest crystallite size has the lowest concen-

tration of F center defects. In a case of samples with much

lower crystallite sizes (SÿCeO2-y and PÿCeO2-y), the charge

state of oxygen vacancies, i.e., the type of F centers formed,

has significant influence on the energy band structure and

magnetic properties of defective CeO2-y nanomaterials.

IV. SUMMARY

The CeO2-y nanopowders were synthesized by hydro-

thermal, SPRT, and precipitation methods. XRD and

Raman spectroscopy measurements showed that ceria sam-

ple produced by hydrothermal method had the largest crys-

tallite size, whereas the CeO2-y samples produced by SPRT

and precipitation methods, had much smaller crystallite

size. The highest oxygen vacancy concentration was found

in the sample produced by precipitation method. Combined

STM/STS and ellipsometry measurements revealed that dif-

ferent types of F center defects were formed in the band gap

of CeO2-y samples. In the case of SÿCeO2-y sample, both

F0 and Fþ centers were formed inside the gap, whereas for

PÿCeO2-y sample, only F0 centers were detected. In the

HÿCeO2-y sample, no similar defect states were detected.

Magnetic measurements confirmed our findings. By sum-

marizing the obtained results, we have concluded that not

only the concentration but also the charge state of oxygen

vacancies, i.e., the formation of different types of F centers

has significant impact on the band structure and optical

and magnetic performance of the synthesized ceria

nanocrystals.
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Conducted research presents a rapid and cost-effective approach to technological processing of screen-printed

films with anatase TiO2 nanoparticles, by utilizing the high fluence laser radiation. The influence of laser sin-

tering on the screen-printed films was characterized with optical and scanning electron microscopy, energy-

dispersive X-ray (EDX) spectroscopy, Raman spectroscopy, nanoindenter measurements and current vs voltage

measurements. Investigation of surface morphology of screen-printed films revealed that higher laser fluences

caused significant decrease in film thickness, trough evaporation of organic additives used in the paste matrix.

EDX mapping of carbon content in untreated and laser sintered surface confirmed removal of organic additives.

Laser sintering stimulated breaking of large agglomerates into much finer nano-sized particles and promoted

formation of necking between individual grains. Crystal structure and vibrational properties of anatase TiO2

nanoparticles was monitored with Raman spectroscopy before and after laser sintering. Obtained results point

out that anatase polymorph was preserved during the sintering process, without appearance of other phases.

From observation of the behavior of the most intense Eg Raman active mode it was deduced that laser sintering

provoked a formation of structural defects i.e. oxygen vacancies in TiO2 nanoparticles, whose concentration

increased in the samples treated with higher laser fluences. Mechanical properties of untreated and laser sintered

samples were investigated with nanoindenter measurements using several load forces, in order to carefully probe

the Young modulus and mechanical hardness. From the analysis of collected data, we established that overall

improvement of the mechanical properties with laser sintering originates from formation of very dense ceramic

layer with enhanced interconnectivity between individual TiO2 nanoparticles. Measurements of current vs

voltage characteristics clearly demonstrated that increase in laser fluence leads to drastic increase in current

values and improvement of electric conductivity.

1. Introduction

Recent technological and industrial advancements have imposed a

staggering need for robust, scalable, cost-effective and innovative so-

lutions for processing of coatings (thick and thin films), foils, bulk

surfaces and other types of functional materials. Driven by the needs for

cleaner energy, environmental protection and efficient health care,

some of the classical energy sources such as UV radiation [1–3], plasma

[4–6] and laser radiation [7–9], have found new fields of application in

present days. Among these technologies, laser surface texturing has

emerged as a versatile tool for improvement of solar cells efficiency

[10–12], photocatalytic performance [13], biosensing applications

[14,15] and even textile processing [16,17]. Constant development

introduced a large variety of laser sources for functionalization of sur-

faces, ranging from UV region to NIR wavelengths, that can operate in a

constant flux or in a pulse mode. Pulsed lasers have recently gained a

lot of attention since their pulses can be tuned down to nanosecond

[18], picosecond [19] and femtosecond [20,21] intervals. One of the

most important advantages of laser processing over the other above

mentioned technologies, lies in its spatial resolution. With an appro-

priate choice of optics or optical fibers, a laser spot can be reduced to

micron sizes, enabling very precise localized heating of the target sur-

face without damaging the substrate, which is especially suitable for

flexible substrates [22]. Laser processing is also a very effective tool for
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rapid prototyping (excluding the need for stencils and masks), and can

be easily optimized for roll-to-roll and other types of large scale pro-

duction methods.

Titanium based materials (Ti metal and TiO2) have been extensively

studied for their interaction with laser radiation because of several

fascinating effects that were observed. Laser treatment of Ti metal

surfaces and TiO2 films leads to the appearance of laser-induced peri-

odic surface structures (LIPSS) with improved morphological and op-

tical characteristics [23,24]. Another interesting effect was observed

during laser treatment of TiO2 nanoparticles in reducing (Ar) ambient

or in colloidal suspension, when the interaction of the laser plume with

the target produces the so called “black titania”, with a very interesting

structural, photovoltaic and photocatalytic properties [25,26]. Most

common polymorphs of TiO2: rutile (tetragonal, P42/mnm), anatase

(tetragonal, I41/amd), and brookite (orthorombic, Pbca/mmm), are

particulary suited for laser treatment because all these structural phases

exhibit an optical band gap in the visible region. Having established the

abovementioned facts, it is clearly understandable why most of the

research attention is devoted to enhancement of the dye sensitized solar

cells (DSSC) performance trough optimization of basic parameters of

the laser treatment method [13,22,27–29].

Available database provides an extensive coverage of literature

about the improvement of optical and photovoltaic properties of na-

nostructured TiO2 films and coatings with various laser treatment

methods. In order to take full advantage of these methods, it is essential

to evaluate an effect of laser sintering on the behavior of TiO2 nano-

particles and to gain better insight into fundamental features of in-

vestigated oxide material. The vital importance of this evaluation is

based on the fact that mechanical properties, in terms of hardness and

elastic modulus, are the key elements that assure both the structural

integrity and reliability in various fields of applications.

The aim of this work was to investigate the influence of laser sin-

tering on morphology, structural, mechanical and electrical transport

characteristics of the screen-printed films with TiO2 nanoparticles. One

of the first milestones was to achieve controllable technological process

for laser sintering of screen-printed nanoparticles, which would induce

removal of organic components of the paste (dispersant and binder) and

promote sintering of titanium dioxide into dense ceramic material. In

the first phase of research we investigated the influence of laser sin-

tering on chemical composition of printed paste matrix and crystallinity

of TiO2 nanoparticles, using EDX and Raman spectroscopy. EDX map-

ping of untreated and laser sintered surface revealed that laser sintering

causes decrease of carbon content and appearance of non-stoichio-

metry. Raman spectra of treated films showed that anatase crystal

structure was preserved, but oxygen deficiency increased in the samples

treated with higher laser fluence. From the analysis of SEM images and

nanoindenter measurements we established that increase in the laser

fluence led to decrease of film thickness and better interconnectivity

between TiO2 nanoparticles, resulting in increase in Young modulus

and mechanical hardness. Within such framework, it is possible to offer

a cost-effective solution for rapid and large-scale fabrication of ceramic

films and coatings on different substrates that could find potential ap-

plication in electronic devices and advanced technologies.

2. Experimental

One of the main ideas behind the conducted research was to use a

simple technology for the functionalization of TiO2 nanoparticles, such

as screen-printing, and to combine it with laser sintering for thermal

treatment and improvement of various physical properties of the

printed films (Fig. 1). Undertaken multidisciplinary approach can be

easily optimized for large scale production of solar cells, sensors and

photocatalytic devices [13,22,30]. We deliberately chose a common

microscope glass slide as substrate (Fig. 1) and easily accessible com-

mercial TiO2 nanoparticles, in order to emphasize the low-cost aspect of

the utilized technologies and to make it easily applicable to other

nanomaterials and substrates.

For the preparation of the functional paste, 2 g of PVP (Sigma-

Aldrich) were initially dissolved in 10ml of ethanol (Sigma-Aldrich).

1 g of anatase TiO2 nanopowder (Sigma-Aldrich, particle size< 25 nm)

was dispersed in 400 µl of terpineol (Sigma-Aldrich), followed by ad-

dition of 600 µl of PVP solution. Obtained suspensions were treated

with ultrasonic horn for 10min. Thus prepared paste was deposited on

the cleaned microscope-glass substrate using a low-cost screen printing

technique (Fig. 1) with EKRA 2H semi-industrial screen printer, in order

to obtain a matrix of screen printed films on the glass substrate.

The next step was to apply a very precise and rapid processing

technology, such as high-power laser radiation (Fig. 1), and to optimize

the parameters of laser treatment of the target surface, with the aim of

achieving a controllable sintering of the screen-printed films and im-

proving desired properties of the nanomaterials. The laser treatment of

printed films was carried out by using a diode-pumped Nd:YAG laser

cutter Rofin-Sinar Power Line D–100, operating in the NIR range at

1064 nm. In order to accomplish a uniform sintering of the surface on

the entire sample, the length of the line scanned by the laser was de-

signed to be 5mm, with line intervals of 20 µm. Frequency of the laser

pulse was set at 65 kHz, and, in order to obtain sufficient pulse over-

lapping, the speed of displacement was adjusted to 1000mm/s. After-

wards, the laser fluence was varied by adjusting the laser pump current.

Several samples were prepared. One sample was kept untreated, in

order to serve as a reference, while 4 remaining samples were treated

with input current values of 25 A, 26 A, 27 A and 28 A, which corre-

spond to laser fluences of 0.15 J/cm2, 0.17 J/cm2, 0.19 J/cm2 and

0.21 J/cm2, respectively.

Optical microscopy/profilometry measurements were performed

with Huvitz HRM-300 microscope, equipped with Bioimager auto-

matized stage. SEM images were collected on JEOL JSM 6460 LV device

in the backscattering geometry. EDX measurements were carried out on

Hitachi TM3030 electron microscope, coupled with Bruker Xflash EDX

detector. The micro-Raman spectra were collected using Jobin Yvon

T64000 spectrometer, equipped with a nitrogen-cooled CCD detector.

The λ=532 nm line of solid state Nd:YAG laser was used as an ex-

citation source, with an incident laser power less than 40mW, in order

to minimize the heating effects. Investigation of mechanical properties

was performed on Agilent G200 nanoindenter. Current vs voltage

curves were measured on Yokogawa-Hewlett-Packard 4145A semi-

conductor probe analyzer.

3. Results and discussion

Fig. 2a), b), c) and d) present the images of untreated and laser

sintered samples taken with 500× magnification on optical profil-

ometer. These images show that laser sintering introduces a shift in the

Fig. 1. Schematic representation of multidisciplinary approach undertaken in this re-

search: preparation of microscope glass slide as substrate, screen printing process for the

deposition of TiO2 nanoparticles, and laser sintering of the printed films as a post-pro-

cessing step.
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apparent color of printed films, from white for the untreated TiO2 to

black for the sample treated with laser fluence of 0.19 J/cm2. The

sample treated with the highest laser fluence shows significant changes

in the topology, manifested as a formation of new, melted structures

that exhibit better interconnectivity of the material in the surface layer.

The change in contrast in these images reveals that laser sintered sur-

face strongly diffuses the incident light, due to micro-scale re-

organization of the surface roughness and porosity. It is important to

mention that the laser sintering with fluence higher than 0.19 J/cm2

results in the ablation of printed films, leading to loss of the nanoma-

terial and formation of large voids on the film surface. Similar fluence

threshold (200mJ/cm2) for ablation of the screen printed TiO2 nano-

particles was reported by Pu et al. [28]. For this reason, the highest

laser fluence that was used in this research was set at 0.19 J/cm2.

SEM measurements were performed in order to gain better insight

into the influence of laser sintering on the microstructure of screen

printed films. Fig. 3a), b), c) and d) present the captured images of the

surface morphologies for the untreated and laser sintered samples.

Variation in the film thickness with an increasing laser fluence was

determined from the profile images shown in the right part of the

Fig. 3a), b), c) and d). The insets in Fig. 3a), b), c) and d) show high

magnification SEM images. The SEM image of the untreated screen-

printed film reveals a porous surface containing micron sized particles

(see the inset of Fig. 3a)) that are much larger than the original anatase

nanoparticles (20–30 nm) used for the preparation of the paste. Such

clusters are formed by agglomeration of individual TiO2 nanoparticles,

held-together by dried organic binder and dispersant.

In a recent study [22], the same effect was observed for similar

paste with ethyl cellulose and terpineol matrix. It is important to

mention that in the presented research we used pure anatase TiO2 na-

noparticles, unlike in the majority of previous studies, where P-25 TiO2

nanoparticles (Evonink Degussa P-25) were used [22,27,31,32]. The P-

25 mixture is composed of anatase and rutile phases in the 80%: 20%

ratio, for which it is difficult to uncouple the contributions from in-

dividual phases to the investigated physical properties. Therefore, pure

anatase nanoparticles were chosen in order to easily follow the beha-

vior of a single TiO2 polymorph during laser treatment. Furthermore, it

is interesting to note that for temperatures higher than 500 °C this

polymorph starts to transform into rutile phase [33]. Such feature of the

material is a good indicator of the local distribution of temperatures in

printed films during laser treatment.

Increase in laser fluence induces observable modifications of the

surface morphology in the form of melted droplets, as shown in Fig. 3c)

and d). The appearance of melted droplets in the printed film is a direct

result of breaking of large agglomerates. These agglomerates are re-

duced into much finer nanoparticles (see inset in Fig. 3d)), whose di-

mensions are close to the initial size of anatase nanoparticles used in the

paste preparation. Breaking of the agglomerates is accomplished by

laser thermal evaporation of organic components (PVP and terpineol)

whose evaporation temperatures are below 500 °C [22,34]. Ad-

ditionally, the laser treatment produced sintering of the TiO2 nano-

material, which can be observed as formation of necking between in-

dividual nanoparticles and better mutual connectivity (inset in

Fig. 2d)). In this sintered material, a higher compactness of TiO2 na-

noparticles can be detected, accompanied by dramatic increase in

specific surface area. All of the mentioned features reveal great po-

tential for practical applications of the laser sintered films.

The values of film thickness were estimated using the profile SEM

images of printed films shown in Fig. 3. The obtained results are shown

in Fig. 4 and compared with values obtained from optical profilometry

of images shown in Fig. 2a), b), c) and d). Both techniques gave very

similar values and the same trend. Film thickness for the untreated

sample was around 40 µm, whereas with the laser sintering the film

thickness decreased to 10 µm. Decrease in film thickness can be directly

correlated to removal of organic binder components with laser radia-

tion, taking into account the fact that oxide material has much higher

evaporation temperature. Evaporation of organic additives supports

closer packing of the nanoparticles, and formation of dense ceramic

material, resulting in the observed film thickness decrease.

Chemical composition and spatial distribution of constitutional

elements in laser sintered films was investigated with EDX spectro-

scopy. Large area EDX maps of the untreated and the laser sintered film

were measured using SEM microscope, equipped with EDX detector.

SEM image of the investigated area is presented in Fig. 5a), showing

Fig. 2. Comparison of optical microscopy images between a) untreated and samples

sintered with b) 0.15 J/cm2, c) 0.17 J/cm2 and d) 0.19 J/cm2 laser fluences, taken with

500× magnification.
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Fig. 3. SEM images of a) untreated and laser sintered screen-printed films with TiO2 nanoparticles, using b) 0.15 J/cm2, c) 0.17 J/cm2 and d) 0.19 J/cm2 laser fluences.
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laser sintered (0.19 J/cm2) surface on the left side, and untreated film

on the right side. The main features in measured EDX spectra were

assigned to titanium (Ti), oxygen (O) and carbon (C) species. Other

impurities were not detected. Ti and O signature originates from the

oxide nanoparticles, whereas C signature corresponds to the organic

additives used for the paste matrix. Fig. 5b), c), d) present the corre-

sponding C, O and Ti EDX maps of the untreated surface and film sin-

tered at 0.19 J/cm2. When comparing the presented maps with the SEM

image, one can clearly see that laser treatment leads to significant

changes in the spatial distribution of carbon atoms. Carbon content is

lower in the laser sintered surface than in the untreated part. The O

map (Fig. 5c) shows a slight decrease in the oxygen content in the

sintered surface, whereas Ti map does not show any visible changes in

distribution of this element. Lower concentration of O species in treated

surface is a signature of non-stoichiometry. Deviation from ideal stoi-

chiometry can originate from a formation of oxygen vacancies in ana-

tase TiO2 structure, caused by high energy laser radiation. Obtained

data lead us to conclusion that the process of laser sintering of screen-

printed films induces evaporation of carbon components in the printed

film and preserves chemical composition of the oxide nanoparticles.

The results also indicate that there is still a certain presence of carbon

species in the treated film, and that laser sintering did not entirely re-

move organic components of the printed paste matrix.

Raman spectroscopy represents a very powerful tool for investiga-

tion of nanostructured materials and surfaces. It provides the essential

information about crystalline phase and degree of crystallinity of TiO2

nanoparticles in the printed paste matrix. Moreover, it could be viable

tool for assessing the TiO2 nanocrystals stoichiometry.Fig. 6a) presents

Raman spectra of untreated and laser sintered samples, in the spectral

region where the first order anatase TiO2 phonon modes are dominant.

Within the spectrum of untreated TiO2 five distinct modes can be as-

cribed to phonon modes of anatase TiO2 crystal structure. Raman

modes positioned at 145, 197 and 639 cm−1 belong to Eg modes,

whereas modes at 398 cm−1 and 517 cm−1 correspond to the Bg

phonon modes [35,36]. Among these modes, Eg mode at around

145 cm−1 exhibited noticeable changes. This mode is broader and

shifted to higher frequencies with respect to its bulk counterpart. Such

behavior can be ascribed to the quantum size effects, strain or non-

stoichiometry [37,38]. All Raman modes of anatase crystal structure

can be observed in laser treated samples too, providing clear evidence

that in these samples, besides the anatase phase, the presence of other

phases was not detected. Therefore, it can be concluded that during the

laser treatment, local sintering temperature did not exceed 500 °C that

instigates transition towards rutile structure [33]. The intensity of this

mode, as well as signal-to-noise ratio, decreased in the films treated

with higher laser fluence. The SEM analysis of the samples indicated

transformation of the surface morphology, i.e an appearance of much

finer nanoparticles with higher specific surface area and enhanced

porosity. The observed changes in the Raman spectra of films treated

with higher laser fluence can be ascribed to increased porosity. How-

ever, another reason for the changes can be found in the formation of

oxygen vacancies and lack of Ti-O bonds, particularly at the samples`

surface. Oxygen vacancies are the most prevalent defects in metal

oxides like TiO2, and their formation is more favorable in anatase than

in rutile phase [39]. Furthermore, a novel treatment of hydrogenation

of TiO2 surface, which provoked high disorder in surface layers, led to

formation of stable reduced TiO2, followed by drastic change in color, e.

Fig. 4. Variation in film thickness with laser fluence, determined from optical profilo-

metry and SEM images.

Fig. 5. a) SEM image of the laser sintered (left) and untreated surface (right) of screen-

printed film. Laser fluence used for sintering was set at 0.19 J/cm2. b), c) and d)

Corresponding carbon, oxygen and titanium EDX maps of untreated and treated parts.

(For interpretation of the references to color in this figure, the reader is referred to the

web version of this article.)
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g., darkening of the nanomaterial [40,41]. Based on these findings, it is

reasonable to assume that during the laser treatment of TiO2 films,

oxygen vacancy defects are formed in the surface layer, as confirmed by

EDX map of O species (Fig. 5c)). Also, formation of oxygen vacancies is

accompanied by color change of treated samples from white to black, as

observed in the optical microscopy images (see Fig. 2).

Deconvolution of the Raman spectra was performed by Lorentzian

profile (red curves in Fig. 6a)). The main effect of the laser sintering

manifested as an increase in linewidth and blueshift of the TiO2 phonon

modes. Pronounced blueshift and broadening of Eg mode at 145 cm−1

was detected in the films treated with higher laser fluence. In their

paper, Parker and Siegel [42] demonstrated that shift and broadening

of Raman modes in anatase and rutile polymorphs can be solely

ascribed to oxygen stoichiometry, which can be quantitatively assessed

by nondestructive Raman spectroscopy. The appearance of oxygen va-

cancies as defects, directly influences local crystal symmetry and affects

the force constants of the Eg mode, leading to a frequency blueshift and

increase in phonon damping. The Fig. 6b) presents values of the fre-

quency and linewidth for the most intense Eg mode. Keeping in mind

the quantitative estimation of O/Ti ratio from Ref. [42], and knowing

the position and bandwidth of Eg mode (Fig. 6b)), we can estimate that

the O/Ti ratio is about 1.99 for the sample treated with the lowest laser

fluence, whereas for the sample treated with the highest laser fluence

this ratio decreased to 1.96. Obtained information reveals that laser

treatment preserves crystal structure of TiO2 nanoparticles and induces

formation of structural defects in the form of oxygen vacancies, con-

centration of which increases in the samples treated with higher laser

fluence.

Mechanical properties of untreated and laser sintered screen-printed

films with TiO2 nanoparticles were studied using nano-indentation

technique. Aiming to obtain better statistics and more reliable data,

Young modulus and hardness were carefully probed using several load-

forces, and several measurements points on the surface of samples. The

Fig. 7 shows 20 load-displacement curves, measured for each load

(1 mN, 5 mN, 10 mN, 25 mN and 50 mN), only for the untreated sample.

Values of load-forces are chosen to discriminate the influence of the

glass substrate on the resulting characteristics of the investigated

samples. For each load-force, 20 measurements were taken in rectan-

gular array on different spots on the surface of investigated sample. The

adopted approach offers a proper insight into mechanical properties,

because localized defects, impurities and irregularities can very often

produce an incorrect conclusion about Young modulus and hardness.

Based on the obtained measurements for the untreated sample, one can

see that, with an increase in the applied load, the curves shift to higher

values of displacements on sample surface (higher penetration depth).

This is due to the fact that TiO2 nanoparticles in as-printed film are

loosely bound by the paste matrix.

Values of Young modulus and hardness are calculated from the

averaged load-displacement curves, using the Oliver-Pharr method [43]

Fig. 6. a) First-order Raman spectra (black curve), together with Lorentzian fits (red

curve) for the untreated and laser treated samples. b) Variation in the most-intense Eg

mode position and linewidth with the laser fluence. (For interpretation of the references

to color in this figure legend, the reader is referred to the web version of this article.)

Fig. 7. Load versus displacement curves for untreated sample, measured at 1 mN, 5 mN,

10 mN, 25 mn and 50 mN.
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for each load-force and the results are presented in the inset of Fig. 7.

With increase in the applied load, the values of Young modulus and

hardness decrease. Large standard deviations and very low displace-

ment into sample surface for 1 mN and 5 mN suggest that the mea-

surements performed at these values of load forces are not reliable. This

can be expected, since these are the lowest load forces that can be

probed with nanoindenter.

Following the investigation of untreated sample, special attention

was devoted to the influence of laser sintering on mechanical properties

of screen-printed films. For the purpose of quantitative analysis, we

averaged 20 measurements obtained for each load-force (like in Fig. 7),

and also for each laser fluence that was used for sintering. The Fig. 8

presents comparison of the obtained averaged load displacement curves

for untreated and laser sintered samples. From Fig. 8 it can be easily

noticed that, with the increasing laser fluence, the curves shift towards

lower penetration depth compared to untreated film. For sample

treated with the highest laser fluence, the load–displacement curve

shows maximum shifting toward lower penetration depth, which di-

rectly confirms our assumption that laser treatment process induces

localized sintering and hardening of the printed film with TiO2 nano-

particles. For the samples treated with laser fluences of 0.17 J/cm2 and

0.19 J/cm2, and for the highest load-forces (25 mN and 50 mN), we can

detect deviation from the expected behavior in load displacement

curves as the non-uniform increase in displacement and appearance of

critical points (marked with arrows in Fig. 8). Such features can origi-

nate from surface roughness, local defects and non-homogeneities in

the printed film [44]. Appearance of these defects can produce false

values of Young modulus and hardness so it is not advisable to calculate

mechanical parameters from the curves possessing such features.

Having in mind that measurements for the lowest applied loads are

not reliable and that for the highest applied loads critical points affect

the measurements, we chose the curves measured at 10 mN for the

calculation and comparison of mechanical parameters for the untreated

and laser sintered films. Young modulus and hardness were calculated

from the measured load–displacement curves at 10 mN load and their

values are presented in the Fig. 9. The obtained values for hardness

provide information about the resistance of the screen-printed film to

deformation caused by applied load force, whereas the Young modulus

can be interpreted as the ability of the printed film to recover in its

initial shape and form (stiffness of the material). For the untreated

sample we obtained the lowest values of modulus, reflecting the low

connectivity between the grains in the screen-printed matrix. For

sample treated with highest laser fluence we measured substantial in-

crease in Young modulus and hardness values. Presented results are in

good agreement with SEM measurements, since it was established that

the first stage of laser sintering process induces formation of necking

between nanoparticles, yielding a dense and compact TiO2 layer. The

observed process strongly resembles a transition of micro-porous

powdered material towards a solid ceramic one.

The significant increase in modulus and hardness values with laser

treatment shows that sintered surfaces exhibit very good recovery

characteristics and improved resistance to applied load. Compared to

literature data for films prepared with pulsed magnetron sputtering

(hardness H = 8 GPa, Young modulus E= 170 GPa) [45], modified

physical vapor deposition technique (H: 0.1–4.4 GPa, E: 20–122 GPa)

[46], nanocellulose composites (H = 3.4 GPa) [47] and for dip coating

(H = 0.69 GPa) [48], the values obtained in the presented research

reveal that the applied laser treatment produced successful sintering of

the oxide nanoparticles into ceramic material. It is important to keep in

mind the fact that applied technological processes in this work are by

far cost-effective than the ones reported in the literature. Gaillard et al.

[46] reported 4.4 GPa value for the hardness of anatase polymorph, but

this value was obtained after additional sintering of the laser treated

TiO2 film. Anatase is a very interesting material, because it is stable at

lower temperatures (< 500 °C) and ambient pressure, so it mainly oc-

curs in nanocrystalline form. For this reason, it is very important to

characterize its fundamental mechanical properties in order to expand

the scope of applications of anatase polymorph in advanced technolo-

gies. For temperatures higher than 500 °C, anatase starts to transform

into rutile polymorph, which naturally possesses much higher hardness

and Young modulus [49]. At very high temperatures and pressures,

achieved by laser sintering in diamond cell, anatase can transform into

cotunnite polymorph, the hardest known oxide [50]. This polymorph

exhibits extremely high hardness and Young modulus, comparable even

to the artificial diamond. The 2.9 GPa obtained in this research, for the

film treated with 0.19 J/cm2, is lower than the one reported for the

films developed with pulsed magnetron sputtering [45] and sintered

laser treated film [46]. This is probably due to the fact that not all

organic additives were removed during the laser treatment process, as

we have seen from the EDX maps. Analysis of the conducted research

and comparison with literature database provides substantial room for

Fig. 8. Averaged load vs displacement curves for the untreated and laser treated samples,

measured at 1 mN, 5 mN, 10 mN, 25 mn and 50 mN.

Fig. 9. Comparison of Young modulus and hardness values for untreated and laser treated

samples. Presented values were calculated for 10 mN maximum load, from the curves

presented in Fig. 7.
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further improvement.

Formation of necking between individual nanoparticles is one of the

most important features of the sintering process, with strong impact on

the application of these materials in advanced technologies. Electronic

transport in devices based on semiconductor oxide nanomaterials is

essentially dependent on the formation of necking and good con-

nectivity among nanoparticles [51]. Aiming to investigate the effect of

laser fluence on conductivity of screen-printed films, we measured the

current versus voltage characteristics in the DC regime. For successful

and reliable measurements, the first step was to prepare the Ag inter-

digitated electrodes on glass substrate with screen-printing technique.

The SEM image of interdigitated electrodes is shown in the inset of

Fig. 10. The next step was to print the prepared paste with anatase TiO2

nanoparticles on top of the electrodes and, finally, printed films were

laser sintered using the same parameters in order to obtain identical

values of the laser fluence. The Fig. 10 shows I(V) curves for the un-

treated and samples sintered with 0.17 J/cm2 and 0.19 J/cm2 laser

fluences, measured in the − 5 to 5 V range. All measured curves exhibit

typical semiconductor response, with an evident deviation from linear

behavior originating from non-ohmic contacts between printed paste

matrix and silver electrodes.

Fig. 10 clearly demonstrates that increase in laser fluence induces

significant increase in the current values. For untreated sample, the

profile of I(V) curve corresponds to the material with poor conductivity

(9 nA at 5 V), whereas for the sample treated with 0.19 J/cm2 we have

order of magnitude higher current (16.6 μA at 5 V). Generally, DC

transport properties of the porous nanomaterial, where nanoparticles

are packed together, are governed by the grain-boundary resistance,

since the resistance at these contacts is much higher than the resistance

across single nanoparticle [52]. During sintering process, most of these

grain boundaries disappear as the nanoparticles form neck-like struc-

tures and the grains connect together. In this case, the grain con-

ductivity becomes dominant, and increase in current values can be

detected, as shown in Fig. 10. Improvement of DC conductivity with

laser sintering is essential for optimum performance of these materials

in gas sensors and photovoltaic devices.

4. Conclusion

Analysis of the obtained results clearly indicates that laser treatment

leads to significant improvement of mechanical properties of the

screen-printed films. Laser induced evaporation of organic components

in the paste matrix enabled total reorganization of the surface mor-

phology, through breaking of the agglomerates into more compact and

denser material with nanostructured surface roughness. The investiga-

tion of chemical composition in untreated and laser sintered films with

EDX spectroscopy, revealed that carbon content is lower in the laser

treated film due to evaporation of organic additives. The investigation

of crystal structure and vibrational properties, performed with Raman

spectroscopy, pointed out that anatase crystal structure is preserved

during the laser sintering without presence of other phases, and that

implementation of higher laser fluences led to increased non-

stoichiometry in the TiO2 nanoparticles. Nanoindenter measurements

were carried out at several applied loads (1 mN, 5 mN, 10 mN, 25 mN

and 50 mN), in order to carefully probe the Young modulus and me-

chanical hardness. Based on refined measurements, it was established

that laser treatment induces sintering and hardening of the oxide ma-

terial into dense ceramic coating with enhanced resistance to me-

chanical deformation and recovery characteristics. Benefiting from

improved mechanical properties and formation of necking between

individual nanoparticles during laser sintering process, a dramatic in-

crease in DC conductivity was detected. Combination of the two simple

technologies (screen-printing and laser processing) in the presented

research offers a cost-effective solution to design and fabrication of

semiconductor electrical devices with enhanced mechanical properties.
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Mixed Al2O3/ZnO coatings are prepared by conventional DC plasma electrolytic oxidation (PEO) of aluminum in

boric acid and borax solution containing ZnO nanoparticles. Scanning electronmicroscopy equippedwith energy

dispersive x-ray spectroscopy, x-ray diffraction, and Raman spectroscopy were employed to monitor morpholog-

ical, structural, and chemical changes of obtained oxide coatings. It was found that chemical and phase composi-

tions strongly depend on PEO time. Photoluminescence and photodegradation of methyl orange served as a tool

to estimate potential application of Al2O3/ZnO coatings. Photoluminescence measurements showed that clearly

observable bands inherent to Al2O3 and ZnO are present in formed coatings, pointing at oxygen vacancies as the

main source of photoluminescence. Longer PEO processing times proved beneficial for enhanced photocatalytic

activity.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Zinc oxide (ZnO), a wide band gap semiconductor (Eg = 3.37 eV)

with large exciton binding energy, is an important material in various

fields of application due to its low cost and excellent physical and chem-

ical properties, such as high melting point (1975 °C), high thermal and

chemical stability, a large piezoelectric coefficient, high electrochemical

coupling coefficient, broad range of radiation absorption and high

photostability [1]. For this reason, ZnO is an excellent candidate for

solar cell [2], light-emitting diodes in the blue and UV regions [3],

ultraviolet photoconductive detectors [4], piezoelectric transducers

[5], photocatalyst [6], etc.

The aim of this work was to examine the possibility of formation of

ZnO based coatings on aluminum substrate by plasma electrolytic

oxidation (PEO) and to probe their photoluminescent (PL) and photo-

catalytic properties. PEO is an economic, efficient, and environmentally

friendly processing technology capable of producing in-situ oxide

coatings on some metals (aluminum, magnesium, titanium, zirconium,

tantalum, etc.) as well as on their alloys [7]. The PEO process is coupled

with the formation of plasma, as indicated by the presence of

microdischarges on the metal surface when the supplied voltage is

higher than a critical value (known as the breakdown voltage) [8]. The

microdischarging results in localized high temperature (103 K to

104 K) and high pressure (∼102MPa), and various processes including

plasma-chemical, electrochemical, and thermodynamical reactions

occur at the microdischarge sites [9]. These processes allow the forma-

tion of oxide coatings that contain crystalline and amorphous phases

with constituent species originating both from metal and electrolyte.

Having in mind that such severe conditions exist on the surface during

the PEO process, we assumed that the deposition of ZnO nanoparticles

from electrolyte is possible and that obtained oxide coatings may be

interesting for various applications.

2. Experimental details

Rectangular samples cut from the commercially available aluminum

(99.9% purity) were used as working electrodes in the experiment. The

dimensions of the samples were 25 mm × 10 mm × 0.25 mm. The

working electrodeswere sealedwith insulation resin leaving only active

surface with an area of 1.5 cm2 accessible to the electrolyte. Before the

anodization, samples were degreased in acetone, ethanol, and distilled

water, using ultrasonic cleaner, and dried in a warm air stream. During

the anodization, the electrolyte circulated through the chamber–

reservoir system and the temperature of the electrolytewasmaintained

at (20 ± 0.5) °C. Water solution of 0.1 M boric acid (H3BO3) + 0.05 M

borax (Na2B4O7·10H2O)was used as a supporting electrolyte. Commer-

cially available ZnO powder was used as a source of nanoparticles and

added to the supporting electrolyte in the concentration of 2 g/L ZnO.

The average size of ZnO nanoparticle was estimated to be around

28 nm (calculated byWilliamson–Hall method using obtained XRD pat-

terns). Anodizing was carried out at a current density of 150 mA/cm2.
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After the anodization, samples were rinsed in distilled water to prevent

additional deposition of electrolyte components during drying.

Scanning electron microscope (SEM) JEOL 840A equipped with

energy dispersive x-ray spectroscopy (EDS) was used to characterize

morphology and chemical composition of formed oxide coatings. The

crystallinity of oxide coatings was analyzed by x-ray diffraction (XRD),

using a Rigaku Ultima IV diffractometer in Bragg–Brentano geometry,

with Ni-filtered CuKα radiation (λ= 1.54178 Å). Diffraction data were
acquired over the scattering angle 2θ from 20° to 80° with a step of
0.020° and acquisition rate of 2°/min.

Micro-Raman spectra were collected at room temperature using the
TriVista 557 Raman system equipped with a nitrogen-cooled CCD
detector in the backscattering configuration. The λ= 532 nm line of
solid state laser was used as an excitation source.

PL spectral measurements were taken on a Horiba Jobin Yvon
Fluorolog FL3-22 spectrofluorometer at room temperature, with a Xe
lamp as the excitation light source. The obtained spectra were corrected
for the spectral response of themeasuring system and spectral distribu-
tion of the Xe lamp.

For photocatalytic activity evaluation, the photodegradation of
aqueous methyl orange (MO) solution at room temperature was used
as a model reaction. The concentration of MO solution was 8 mg/L. Sam-
ples of 15mm×10mmactive surface areawere immersed into 10mL of
MO solution and placed on the holder, 5 mm above the bottom of the re-
actor, with magnetic stirrer located under the holder. Prior to illumina-
tion, the solution and the catalyst were magnetically stirred in the dark
for 30 min to achieve adsorption–desorption equilibrium. The MO solu-
tion was then irradiated under lamp that simulates solar radiation
(Solimed BH Quarzlampen), with a power consumption of 300 W,
housed 25 cmabove the top surface of the solution. Illumination intensity
on the top of the photocatalytic reactor was 850 lx. A fixed quantity of
MO solution was removed every 2 h to measure the absorption and
then concentration, usingUV–VIS spectrometer (ThermoElectronNicolet
Evolution 500). After each measurement of MO concentration, probe so-
lution was returned back to the photocatalytic reactor. MO has a maxi-
mum absorbance at 464 nm, which was used as a wavelength for
monitoring MO degradation. The absorbance was converted to MO con-
centration in accordancewith a standard curve showing a linear relation-
ship between the concentration and the absorbance at this wavelength.
Prior to the photocatalysis, MO solution was tested for photolysis in the
absence of the photocatalyst in order to examine its stability. The lack
of change in MO concentration after 12 h of irradiation revealed that
degradationwas only due to thepresence of the photocatalyst. The repro-
ducibility of the results was verified by performing each test several
times.

3. Results and discussion

3.1. Morphology, chemical, and phase composition of Al2O3/ZnO coatings

Time variation of anodization voltage of aluminumat 150mA/cm2 in
electrolyte containing 0.1 M H3BO3+ 0.05 M Na2B4O7·10H2O + 2 g/L
ZnO is shown in Fig. 1. From the beginning of anodization, the voltage
increases roughly linearly with time to about 400 V with average
slope of 34 V/s (stage I in Fig. 1) resulting in the constant rate of increase
of the compact barrier oxide film thickness [10]. During this stage, the
main part of the total current passing through the barrier oxide film is
ionic current which forms oxide film. Throughout the anodization elec-
trons are injected into the conduction band of the aluminum oxide film
and accelerated by the electric field producing avalanches by an impact
ionization mechanism [11]. When the avalanche electronic current
reaches a certain critical value the breakdown of the barrier oxide
films occurs. The point of dielectric breakdown can be identified by an
apparent deflection from linearity in the voltage–time curve, starting
from so-called breakdown voltage. At this point, a large number of
small-sized microdischarges evenly distributed over the whole sample

surface appear. After the breakdown, anodization voltage still increases,
but the voltage-time slope decreases towards relatively constant value
of the anodization voltage (Stage II in Fig. 1).

Multiple coexisting processes such as oxide formation, dissolution
and dielectric breakdown are typical for PEO [12]. At the beginning of
the anodization, oxide layer grows at the aluminum/oxide and oxide/
electrolyte interfaces as a result of migration of O2−/OH− and Al3+

ions across the oxide assisted by a strong electric field. The proposed
chemical reactions at the aluminum/oxide interface are [13]:

2Alþ 3O2−solid→Al2O3 þ 6e−; ð1Þ

Al→Al3þsolid þ 3e−: ð2Þ

Simultaneously, at the oxide/electrolyte interface the following
reaction takes place:

2Al3þsolid þ 9H2O→Al2O3 þ 6H3O
þ
: ð3Þ

During the PEO process, components of the electrolyte are drawn
into the discharge channels. Alongside, aluminum is melted out of
the substrate, enters the discharge channels, and gets oxidized. In the
following step, oxidized metal is ejected from the channels into the
coating surface in contact with the electrolyte and in that way increases
the coating thickness around the channels. At last, discharge channels
get cooled and the reaction products are deposited onto its walls. The
ZnO nanoparticles take part in this process through the electrophoretic
and microdischarging mechanisms. Due to the electrophoretic effect,
the ZnO nanoparticles move in the direction of anode and locally high
temperature and pressure induced at the microdischarge sites result
in deposition of the ZnO nanoparticles on the surface of oxide coatings.

SEMmicrographs of the surface coatings obtained at various stages of
PEO process are shown in Fig. 2. Numerous microdischarge channels
with different diameters and shapes, as well as regions resulting from
the rapid cooling ofmoltenmaterial, decorate the surface of the coatings.
Results of the EDS analyses of surface coatings in Fig. 2 are shown in
Table 1. Main elements of the coatings are Al, O, and Zn. The concentra-
tion of Zn increases with PEO time. Although onemay expect incorpora-
tion of boron from the electrolyte into the surface coatings obtained by
PEO [14], we were not able to detect its presence utilizing EDS analysis,
possibly because its concentration is below the detection limit of our
equipment. Fig. 3 shows SEM micrograph and EDS of two different re-
gions on surface coating processed for 5 min (Table 2). Due to a high
sparking strength in microdischarge channel oxide coating in the sur-
rounding area is mainly composed of aluminum and oxygen (spectrum

Fig. 1. Time variation of voltage during galvanostatic anodization of aluminum at
150mA/cm2 in electrolyte containing 0.1MH3BO3+0.05MNa2B4O7·10H2O+2g/L ZnO.
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2), while grains observed on the surface contain significant amount of
zinc (spectrum 1).

SEM micrographs of polished cross sections of PEO coatings grown
on aluminum are presented in Fig. 4. Relatively dense layers, thick
about 4.9 μm, 6.6 μm and 8.8 μm are formed after 10 min, 15 min and
30 min of PEO, respectively. The results of line scan EDS analysis in ten

points on cross-sectioned surface formed by PEO for 15 min (Fig. 4b)
are given in Table 3. Elemental Zn (originating from ZnO nanoparticles)
was detected through entire depth of the coating, but its content
gradually increases towards outer layer of oxide coating.

The XRD patterns of surface coatings obtained after various PEO
times are shown in Fig. 5. The coatings are partially crystallized and
mostly composed of gamma alumina and alpha alumina. Patterns in
Fig. 5 suggest that during the first minute of anodization, amorphous
alumina is formed, while after 3 min amorphous alumina becomes
moderately crystallized. Diffraction peaks attributed to gamma alumina
phase indicate crystallization of amorphous alumina. Amorphous alu-
mina transforms into gamma alumina under annealing temperatures
ranging from 800 °C to 950 °C [15]. After about 10 min from the onset

of PEO, gamma alumina transforms into alpha alumina. Alpha alumina

is thermodynamically stable at all temperatures, whereas gamma

alumina is metastable and starts to transform into alpha alumina at

temperature above 1000 °C. With prolonged PEO times, alpha alumina

phase becomes the dominant crystalline form of aluminum oxide.

Fig. 2. SEM micrographs of surface coatings formed at various stages of PEO process: (a) 1 min; (b) 3 min; (c) 5 min; (d) 10 min; (e) 15 min; (f) 30 min.

Table 1

EDS analyses of oxide coatings in Fig. 2.

Sample PEO time [s] Atomic [%]

O Al Zn

Fig. 2a 1 45.17 54.49 0.34

Fig. 2b 3 53.73 45.75 0.52

Fig. 2c 5 55.12 43.46 1.42

Fig. 2d 10 58.12 40.10 1.78

Fig. 2e 15 59.12 38.85 2.03

Fig. 2f 30 65.66 26.40 7.94
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XRD pattern of pure ZnO powder that was used as a source of ZnO
nanoparticles is shown in Fig. 6. The peaks corresponding to (1 0 0),
(0 0 2), (1 0 1), (1 0 2), (1 1 0), (1 0 3), and (1 1 2) planes are in accord
with the typical wurtzite type structure of ZnO crystals. Peaks corre-
sponding to unknown/unidentified phases were not observed in XRD
pattern, indicating high purity of ZnO powder. Nevertheless, we were
not able to detect any peaks corresponding to ZnO in XRD patterns of
surface coatings obtained after different PEO times (Fig. 5). The main
reason for this is the low concentration of uniformly dispersed ZnO
nanoparticles all over the surface coatings. In order to investigate
whether ZnOnanoparticles are present in oxide coatings, we performed
Raman measurements (Fig. 7). Raman spectrum of ZnO powder
(Fig. 7d) is characterized by a strong band at about 438 cm−1 corre-
sponding to the E2 mode, which is the strongest Raman mode in the
wurtzite crystal structure of ZnO [16]. The Raman band at about
329 cm−1 is assigned to acoustic mode, while the weak Raman bands
at about 381 cm−1 and 410 cm−1 are assigned to overtone of A1 and
E1 transverse optical phonons [17]. Strong E2 mode can be identified
on all Raman spectra of the surface coatings formed by PEO. Strong
bands at about 418 cm−1 and 379 cm−1 correspond to A1g and Eg
Raman active modes of alpha alumina [18]. These bands can be identi-
fied on Raman spectra of Al2O3/ZnO coatings formed after ten or more
minutes of PEO, which is in agreement with XRD measurements
(Fig. 5). The main E2mode of ZnO exhibits slight broadening due to in-
terferencewith activemodeEg at about 431 cm

−1 of alpha alumina [18].

3.2. Photoluminescent and photocatalytic properties of Al2O3/ZnO coatings

Evolution of the PL emission spectra of Al2O3/ZnO coatings formed
during the PEO process is shown in Fig. 8. PL emission spectra in
Fig. 8a feature a very intense and sharp band centered at about
385 nm, one visible broad band centered at about 510 nm, and a weak
ultraviolet band centered at about 327 nm. On the PL emission spectra
in Fig. 8b in addition to the visible broad band a sharp band at about
693 nm appears. Some of these PL bands are related to the PL of Al2O3
and other to the ZnO. In order to explain the spectra we performed PL

measurements of surface coating formed in the supporting electrolyte
without ZnO powder (0.1 M boric acid + 0.05 M borax), as well as the
pure ZnO powder (Fig. 9).

PL spectra of ZnO powder consist of a relatively weak near-
ultraviolet emission band centered at about 385 nm and one broad
green emission band centered at about 510 nm. It is generally acknowl-
edged that the green emission of the ZnO is due to oxygen vacancy and

Fig. 3. SEM micrograph with marked positions of EDS spectra in Table 2 of oxide coating
formed by PEO for 5 min.

Table 2

EDS analysis of oxide coating in Fig. 3 formed by PEO for 5 min.

Atomic [%]

O Al Zn

Spectrum 1 63.96 30.99 5.04
Spectrum 2 49.94 49.42 0.64

Fig. 4. SEMmicrographs of polished cross-section of oxide coatings formed by PEO process
for: (a) 10 min; (b) 15 min; (c) 30 min.
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zinc vacancy related defects [19], while the ultraviolet emission is at-
tributed to the radiative recombination of free excitons [20]. On the
other hand, wide PL bands of Al2O3 occur in the range from 300 nm to
600 nm and the PL centers are defect centers related to oxygen vacan-
cies in oxide films (F and F+ centers) [21]. In the PL emission spectra
of Al2O3 coating formed by PEO, bands at about 327 nm and 693 nm
are related to F+ centers in alpha alumina [21,22]. PL of Al2O3 coating
ismuchweaker than the corresponding PL of Al2O3/ZnO coating formed
under the same anodic conditions (current density and time of anodiza-
tion). This indicates that themain contribution in PL for Al2O3/ZnO coat-
ings comes from ZnO deposited on the surface of such coatings. Band at
693 nm from alpha alumina can be detected in PL emission spectra of
Al2O3/ZnO coatings formed after 10min (Fig. 7b),which is also in agree-
ment with XRD and Raman measurements (Fig. 4).

Fig. 8 shows that both near ultraviolet and green bands of Al2O3/ZnO
coatings increase with time of PEO, but unlike in the case of PL of ZnO
powder, ultraviolet PL band is much more intense than the green PL
band. Wang et al. showed that Al2O3 buffer layer leads to an increase
of the ultraviolet and a decrease of green bands of ZnO [23]. They pro-
posed that the green band quenching of the ZnO films growing on
Al2O3 buffer layer was due to the decrease in the concentration of oxy-
gen vacancies. Namely, the oxygen atoms drift from the Al2O3 layer and
occupy oxygen vacancies in ZnO film during its growth, thus improving
its crystallization. Some authors have reported that the improvement
the crystalline quality of ZnO (low structural defects, oxygen vacancies,
zinc interstitials, and decrease in the impurities) may cause the appear-
ance of a sharp and strong ultraviolet emission and a suppressed and/or
weak green emission [24–26].

The efficiency of MO photodegradation for Al2O3/ZnO coatings
formed after various PEO times is shown in Fig. 10. C0 is the initial con-
centration of MO and C is the concentration after time t. Fig. 10 clearly
implies that photoactivity of Al2O3/ZnO coatings increases with PEO

time. Since it iswell known that alumina is not photocatalytically active,
it can be proposed that the increase in activity with PEO time is a conse-
quence of the oxide layer thickening, resulting in an increase of highly
dispersed ZnOphase content. This statement is supported by previously
discussed EDS, XRD, and Raman spectra. Also, improved activity of ZnO/
Al2O3 photocatalyst coincides with increase of PL intensity (Fig. 8). It is
widely accepted that PL intensity reflects the rate of electron/hole re-
combination; in other words, materials with low PL intensity have
high PA and vice versa. Following this reasoning, one can conclude
that the nature of photoactive centers in ZnO/Al2O3 oxide coatings
remains unchanged with prolonged PEO time, i.e., there is only an
increase of their number within the oxide layer.

It should be stressed that there is inhomogeneity in ZnO distribution
within the oxide layer and ZnO is predominantly deposited in the outer
layer of oxide coating. This observation imposes a question about more
detailed consideration of nonuniform distribution of ZnO within the
oxide coating. It seems that surface charge of ZnO plays an important
role in the course of coating preparation. The pH value around 8 of the
electrolytic solution we used in this experiment is beneath the isoelec-
tric point that corresponds to the value of pH from around 10 indicating
that surface of ZnO particles is positively charged [27]. Therefore, there
are repulsive forces between the anode and positively charged ZnO par-
ticles, allowing only a small quantity of ZnO to be incorporated into
oxide coatings in the early stages of PEO process. The incorporation of
ZnO into oxide coating at this stage is related to its trapping by the
outer layer due to locally high temperatures and significant turbulence

Table 3

Cross-sectional EDS analysis of oxide coatings in Fig. 4b.

Atomic [%]

O Al Zn

Point 1 36.29 63.56 0.15
Point 2 42.08 57.68 0.23
Point 3 41.05 58.69 0.26
Point 4 43.80 55.92 0.28
Point 5 44.61 55.16 0.23
Point 6 48.19 51.53 0.28
Point 7 51.45 48.29 0.26
Point 8 50.36 49.18 0.46
Point 9 50.83 48.43 0.74
Point 10 51.09 47.58 1.28

Fig. 5. XRD patterns of oxide coatings formed at various stages of PEO process.

Fig. 6. XRD pattern of used ZnO powder.

Fig. 7. (a) Raman spectrum of oxide coating formed after 3 min of PEO; (b) Raman spec-
trum of oxide coating formed after 10 min of PEO; (c) Raman spectrum of oxide coating
formed after 15 min of PEO; (d) Raman spectrum of ZnO powder.
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of electrolytic solution. As the thickness of oxide coating increases with
PEO time, electric field decreases and subsequently repulsive forces
weaken allowing easier approach of ZnO particles to the outer layer,
causing progressive increase of ZnO content on the top of the thicker
oxide coatings.

We have already discussed that the phase composition of Al2O3/ZnO
coatings changeswith increased PEO time. At the same time, a change of
alumina texture occurs due to gradual crystallization, going from amor-
phous alumina through the gamma phase up to the alpha phase, as
presented on Fig. 5 (XRD data). Accordingly, specific surface area of alu-
mina dramatically drops from several hundred m2/g for its amorphous
phase to a few m2/g for alpha phase as a result of alumina sintering on
the higher temperatures [28]. Process of sintering can capture ZnOmak-
ing it inaccessible either to the light as immaterial reagent or to organic
dye, causing the photoactivity of samples processed for PEO time over
10 min to be probably suppressed as a result of significant loss of surface
area as alpha alumina appears. Simultaneously, there is an enrichment of
ZnO on the surface of obtained oxide coatings (Table 1) and the contribu-
tion of these individual processes to the overall photoactivity becomes
complex. It is also worthmentioning that similar photocatalytic behavior
is observed for Al2O3/ZnO coatings obtained after 15 and 30 min of PEO
processing. This suggests that some kind of photoactivity plateau is
reached which rules out the influence of coating thickness on photocata-
lytic activity, i.e. it points out to the existence ofmass transfer (for organic
dye) and/or photon penetration limitations.

In order to investigate the influence of ZnO concentration on photo-
catalytic properties of obtained coatings another set of measurements
was conducted in boric acid + borax solution with various ZnO

concentrations (Fig. 11). Obviously, there is no difference in
photoactivity for ZnO concentrations of 1 g/L, 2 g/L, and 4 g/L, but con-
centration of 0.5 g/L causes significant drop in photoactivity. Saturation
of photoactivity is related to the comparable number of available
photocatalytically active sites, i.e. only limited amount of ZnO can be
present on the surface of obtained oxide layers. This data offers another
possibility for fine tuning of ZnO surface content by varying its

Fig. 8. Evolution of PL emission spectra of Al2O3/ZnO coatings formed during the PEO
process: (a) emission PL spectra excited at 280 nm; (b) emission PL spectra excited at
380 nm.

Fig. 9. PL emission spectra of ZnO powder, Al2O3, and Al2O3/ZnO coatings formed by PEO
for 15 min: (a) emission PL spectra excited at 280 nm; (b) emission PL spectra excited at
380 nm.

Fig. 10. Photocatalytic performance of Al2O3/ZnO coatings formed in various stages of PEO
process.
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concentration in the electrolyte below1 g/L. At the same time, photocat-
alytic activity of the sample prepared in the solution without ZnO
nanoparticles excludes the effect of other electrolyte species on photo-
catalytic properties of obtained oxide coatings.

4. Conclusions

This paper reports on the formation of Al2O3/ZnO oxide coatings
formed by plasma electrolytic oxidation of aluminum in water based
boric acid + borax electrolyte with an addition of ZnO nanoparticles.
Morphology, phase and chemical compositions of formed oxide coat-
ings strongly depend on PEO time. Based on experimental results, a
mechanism for ZnO incorporation into the oxide coating in the early
and in the later stage of PEO is suggested.

PL spectra of formed oxide coatings feature well pronounced bands
native to Al2O3 and ZnO oxides. PL spectrum of mixed Al2O3/ZnO
oxide suggests that higher level of crystallinity results in higher PL
intensity and identifies oxygen vacancies as centers of luminescence.
Photocatalytic decomposition of MO under simulated sunlight shows
that photoactivity is related to PEO process time. Most photocatalytically
active samples were obtained after 30 min of PEO, but a negligible
increase in photoactivity was noticed in comparison with samples
processed for 15 min.
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Abstract

Nickel zinc ferrite (NZF) and barium titanate (BT) were prepared by auto-combustion synthesis as an effective, simple and rapid method.

Multiferroic composites with the general formula yNi1 xZnxFe2O4 (1 y)BT (x¼0.3, 0.5, 0.7, y¼0.5) were prepared by mixing NZF and BT

powders in a liquid medium in the ball mill. The FEG micrographs indicated the primary particle size less than 100 nm for both, barium titanate

and nickel zinc ferrite phases. X-ray analysis and Raman spectroscopy indicated the formation of well crystallized structure of NZF and BT phase

in the composite powders and ceramics, with a small contribution of the secondary phase. The homogenous phase distribution in obtained

composites was also confirmed. Impedance spectroscopy measurements were carried out in order to investigate the electrical resistivity of

materials, showing that grain boundaries have greater impact on the total resistivity than grains. Saturation magnetization and remnant

magnetization continuously decrease with barium titanate phase increase.

& 2015 Elsevier Ltd and Techna Group S.r.l. All rights reserved.

Keywords: A. Powders: chemical preparation; B. Composites; C. Impedance; D. BaTiO3 and titanates; D. Ferrites

1. Introduction

Miniaturization of the solid-state electronics is achieved by

downscaling and multifunctionality. Ferroics and multiferroics

are among the most attractive multifunctional materials [1].

These nanostructured materials stimulated a sharply increasing

interest to their significant technological promise in novel

devices due to fact that the combination of dissimilar materials

in ferroic-based oxide nanocomposites resulted in totally novel

functionality.

The term multiferroic (MF) was first used by Schmid in

1994. His definition referred to multiferroics as a single phase

materials which simultaneously possess two or more primary

ferroic (ferroelectric, ferromagnetic and ferroelastic) properties.

Today the term multiferroic has been expanded to include

materials which exhibit any type of long range magnetic

ordering, spontaneous electric polarization, and/or ferroelasti-

city. Working under this expanded definition the history of

magnetoelectric multiferroics can be traced back to the 1960s

[1–3]. In the most general sense the field of multiferroics was

born from studies of magnetoelectric systems [4–6]. After an

initial burst of interest, research remained static until early

2000. In 2003 the discovery of large ferroelectric polarization

in epitaxially grown thin films of BiFeO3 [7] and the discovery

of strong magnetic and electric coupling in orthorhombic

TbMnO3 and TbMn2O5 have stimulated activity in the field

of multiferroics. Besides scientific interest in their physical

properties, multiferroics are interesting due to their potential

applications as transducers, actuators, switches, magnetic field

www.elsevier.com/locate/ceramint
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sensors, new types of electronic memory devices, capacitive/

inductive passive filters for telecommunications, etc. [8,9]. A

large number of publications have been dedicated to multi-

ferroics, dealing with theoretical, experimental, and application

aspects [2,10]. In spite of hundreds of publications focused to

single or composite multiferroic materials in the last years,

they remain highly controversial concerning their preparation

methods, phase stability, intrinsic polarization and switching,

ferroelectric, ferromagnetic and magnetoelectric properties,

etc. [10].

Multiferroic properties can appear in a large variety of

materials [11]. The ferroelectric–ferromagnetic composites, as

two-phase multiferroic materials, are desired not only for the

fundamental research of magneto-electric effect, but also for

the potential applications in many electronic devices [12]. The

most widely studied systems correspond to Co or Ni ferrites,

with PZT, PNT, BT or BST [13]. Among them, the Ni–Zn

ferrites/BaTiO3 systems need to be further investigated

because of high electrical resistivity, chemical stability and

excellent electromagnetic properties of the Ni–Zn ferrites, and

high permittivity, low dielectric loss and high tunability of

BaTiO3 [4–6]. Those composites have attracted considerable

attention as a new class of nanoferrites, expanding their use in

other areas, such as drug delivery, heterogeneous catalysis,

levitated railway system, magnetic-refrigeration, microwave

devices, antennas, etc. [14].

To obtain the multiferroics, several routes for conventional

material fabrication are being applied. Popular techniques

within the multiferroic community are: solid state synthesis,

hydrothermal synthesis, sol–gel processing, vacuum based

deposition or other wet chemical synthesis methods. However,

some types of multiferroics require specific processing condi-

tions within more appropriate techniques. Consequently, multi-

ferroic composites request methods for the synthesis both

components: ferroelectric and ferromagnetic.

Ferrites crystallize in three crystal type: spinel, garnet type

and magnetoplumbite type [15,16]. Meanwhile, the main

attention is stressed to spinel type of ferrites that can be

synthesized by a sol–gel method, conventional solid state

reaction, mechanical attrition, hydrothermal synthesis, self-

propagating combustion method, thermolysis, wet chemical

co-precipitation technique, self-propagating, microemulsion,

Fig. 1. Scheme of NZF, BT and composites preparation.

Fig. 2. The X-ray diffraction patterns of (a) NZF(30–70) BT, (b) NZF(50–

50) BT and (c) NZF(70–30)–BT powders.

Fig. 3. FT-IR spectra of (a) NF, (b) ZF, (c) BT and (d) NZF(70–30) BT

powders.
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microwave synthesis, etc. [17,18]. Recently, auto-combustion

synthesis starts to be popular as rapid, cheap and rather simple

technique. Ferroelectric component in multiferroic composites,

such as barium titanate – BaTiO3 (BT) can be produced using

a huge number of various well-known methods. However, to

obtain barium titanate through an advanced synthesis method

like auto-combustion synthesis is under some difficulties due

to lack of the literature data for the preparation of the BT by

this method [5].

The aim of this study was to prepare multiferroic composites

(Ni–Zn) ferrite–barium titanate from nanopowders obtained by

an auto-combustion technique. It was shown that auto-

combustion synthesis is very convenient for obtaining the

ferrite powder as a pure phase with good properties. To obtain

barium titanate by this method is not so simple due to the

possible appearance of secondary phases which later may

complicate the process of obtaining satisfactory properties of

multifferoic composites. A number of different methods were

used to characterize obtained powders and ceramic composites

in order to fabricate functional multiferroic material with both,

ferroelectric and magnetic properties.

2. Material and methods

The multiferroic composite materials, consisting of Ni1 x

ZnxFe2O4 (x¼0.3, 0.5, 0.7, denoted as NZF(70–30), NZF(50–

50), NZF(30–70) and BaTiO3 (BT), were obtained using the

synthesis route shematically presented in Fig. 1.

The raw materials used for the synthesis of nickel zinc ferrite

were Fe(NO3)3 " 9H2O (Alfa Aesar, 98.0–101.0%), Ni

(NO3)2 " 6H2O (Alfa Aesar, 99.9985%), Zn(NO3)2 " 6H2O (Alfa

Aesar, 99%), C6H8O7 "H2O (Carlo Erba, 99.5–100.5%) and

NH4OH (Lach Ner, 25%). The molar ratio of Fe-ions, NiþZn-

ions, citric acid was 2:1:1. Metal nitrates and citric acid solution

were mixed by dissolving in a minimum amount of deionised

water. The pH value of the solution was adjusted to 7 using the

ammonia solution. After that the solution was heated and stirred at

the temperature of about 90 1C until it converted into a xerogel,

which was further heated in a heating calotte at 200 1C when self-

propagation reaction was achieved. The formed powder was

calcined at 1000 1C/1 h with heating rate 2 1C/min [19].

Starting reagents used for BT synthesis were Ti(OCH(CH3)2)4
(TTIP) (Alfa Aesar, 98.0–101.0%), HNO3, C6H8O7 "H2O (Carlo

Fig. 4. SEM images of (a) NZF(70–30), (b) BT and (c) NZF(70–30) BT powders.
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Erba, 99.5–100.5%), Ba(NO3)2 and NH4OH (Lach Ner, 25%).

Firstly, ammonium hydroxide was added to TTIP solution, with

constant cooling. During this process, the yellow precipitate was

formed. It was washed with deionized water in a Buchner funnel

on a vacuum pump. The obtained residue was dissolved in diluted

HNO3. Solutions of TiO(NO3)2 and BaNO3 were mixed and citric

acid was added as a fuel. pH value of solution was adjusted to 6.6

using NH4OH. When solution was turned to xerogel, by heating at

90 1C, temperature was raised to 150 1C and self-ignition reaction

occurs. It is very fast and exothermic reaction, and gray ash

formed during combustion process represents the BT precursor

powder. This powder was calcined at 900 1C for 2 h, with a

heating rate of 5 1C/min (Electron-UK oven).

Multiferroic composites NZF–BT were prepared by mixing

chemically obtained powders of the NZF and BT in the

planetary ball mill for 24 h. The mass ratio of NZF and BT

was always 1:1 for all obtained samples. Wolfram carbide balls

and iso-propanol were used as a milling media. The compo-

sites powders were uniaxially pressed at 196 MPa into pellets

and sintered at 1200 1C for 2 h.

The phase and crystal structure analysis was carried out by

X-ray diffraction technique (Rotate anode Rigaku RINT2000,

Experimental conditions: 40 kV, 60 mA. Linear detector D/teX

Ultra – Rigaku, Divergence slit: 0, 25, Horizontal aperture slit:

5 mm). Micro-Raman spectra of the synthesized composites

were collected at room temperature in the backscattering

configuration using a JobinYvon T64000 spectrometer. The

514-nm laser line of a mixed Arþ /Krþ laser was used as an

excitation source with an incident laser power 60 mW in order

to minimize heating effects. The ceramic composite samples

were measured in the range 200–800 cm!1. The FT-IR spectra

were recorded with a Bruker Equinox-55 instrument. The

morphology of the powders and microstructure of ceramics

were examined using scanning electron microscope (SEM

Model TESCAN SM-300) and field emission microscope (FE-

SEM, JEOL, JSM-7500F). The grain size is determined using

ImageJ program. The impedance measurements were per-

formed using an LCR meter (model 9593-01, HIOKI HITES-

TER). Samples were prepared by coating their polished

surfaces with Ag paste to improve the electrical contact. The

real and imaginary parts of the complex impedance were

measured in the frequency range of 42 Hz to 1 MHz and

temperature range of 50–200 1C and referred as the Nyquist

plot. Collected data were analyzed using the commercial

Fig. 5. FEG micrographs of (a) BT, (b) NZF(70–30) and (c) NZF(70–30)–BT powders.
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software package Z-view. Magnetic measurements of materials

were carried out using a superconducting quantum interfero-

metric magnetometer SQUID (Quantum Design).

3. Results and discussion

XRD patterns of NZF(70–30)–BT, NZF(50–50)–BT and

NZF(30–70)–BT powders, presented in Fig. 2, shows that

nickel zinc ferrite, according to JCPDS files no. 10-0325, and

barium titanate phases, according to JCPDS files no. 05-0626,

were obtained.

FT-IR spectra of calcined nickel ferrite (NF), zinc ferrite

(ZF), BT and NZF(70–30)–BT powders, recorded in the wave

number range of 400–4000 cm 1 at room temperatures, are

presented in Fig. 3. FT-IR spectra of NF and ZF display three

bands at 560, 1640 and 3400 cm 1. Strong peak at 560 cm 1

corresponds to metal ion-oxygen complexes in the tetrahedral

sites. Small peak at 1640 cm 1 was assign to the adsorbed

water or humidity. The peak at 3400 cm 1 corresponds to

stretching and banding vibration of O–H bonds [20].

Absorption band near 3500 cm 1 can be observed in FTIR

spectra of barium titanate. This peak was assigned to the

stretching mode of internal OH ions [21]. The broad bands at

590–680 cm 1 correspond to stretching of Ti–O bond [22].

Fig. 4 shows SEM images of the pure NZF(70–30), BT and

composite NZF(70–30)–BT powders. It is possible to notice

that the powders indicated the strong agglomeration with small

primary particle size (o100 nm). Small particles produced by

chemical synthesis usually tend to form the agglomerates, as it

was observed in the investigated case. That problem will be

studied more carefully in the future period, having in mind the

importance of composite materials properties. The use of

attrition milling after calcination could be one of the possible

solutions for the agglomeration reduction [23].

The FE-SEM micrographs of the obtained powders (Fig. 5)

mostly indicated the rounded shapes of barium titanate particles

with primary particle size less than 50 nm. The shape of ferrite

particles is pyramidal like. In the composite ferroelectric–ferro-

magnetic powders obtained by homogenization of individual

ferroelectric and ferromagnetic phase, two separate constituents

could be clearly noticed, the one with rounded particles that

belongs to BT and the other one with pyramidal particle shape

that belongs to ferrite, demonstrating that multifferoic composites

were obtained with a good dispersion of the nickel–zinc ferrite

spinel phase in the BT ferroelectric matrix. The average particle

size in the multiferroic composite powders is below 100 nm for

BT and 150–300 nm for ferrites.

The XRD difractograms for sintered samples of obtained

composites are presented in Fig. 6. The formation of both

phases, NZF and BT was detected (JCPDS files no. 10-0325,

JCPDS files no. 05-0626). Series of small peaks at 2θ angles of

32.2, 34.1, 37.1, 40.2, 54.9 and 63.11, according to JCPDS

files no. 84-0757, indicated barium ferrite (BaFe12O19) as a

secondary phase present in the sintered composites.

The relative contribution of the secondary phase, around 8%,

was calculated from XRD patterns of ceramics composites,

according to the most intensive peak at the 321. Therefore, it is

evident that the amount of the secondary phase is the highest in

the case of NZF(70–30)–BT. The appearance of BaFe12O19 was

noticed in a few published articles, as well [24,25]. Therefore,

from the available literature data was concluded that the presence

of small amount of this secondary phase cannot significantly affect

the magnetic properties of obtained composites. However, for

further investigation, an effort will be done to obtain pure phase

composites, in order to provide clearer information about influence

of secondary phases on the properties of ferroelectric–ferromag-

netic composites.

Fig. 6. The XRD patterns of (a) NZF(30–70)–BT, (b) NZF(50–50)–BT and (c)

NZF(70–30)–BT ceramics.

Fig. 7. (a) Raman spectra of (a) BT, (b) NZF(30–70), (c) NZF(50–50), and (d)

NZF(70–30) and (b) Raman spectra of composites (a) NZF(30–70)–BT, (b)

NZF(50–50)–BT and (c) NZF(70–30) at room temperature.
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The Raman spectra of BaTiO3 and Ni1 xZnFe2O4 ceramics

(x=0.3, 0.5 and 0.7) are given in Fig. 7a) for the comparison with

obtained composite materials. In the spectra of NZF(70–30)

ceramics the most intense Raman modes of nickel ferrite phase

are two F2g modes at 482 and 575 cm 1, one Eg mode at

335 cm 1 and one A1g mode at 702 cm 1 with a shoulder at

666 cm 1of Eg symmetry [26,27]. The most prominent modes of

the zinc ferrite phase are the F2g mode at 451 cm 1 and broad

A1g mode at around 647 cm 1 of low intensity [28,29]. With

increasing content of Zn in the Ni1 xZnxFe2O4 samples, the F2g

mode of zinc ferrite becomes more intense and the Eg mode of

nickel–ferrite at 660 cm 1 shifts to the lower frequency,

approaching the frequency of zinc–ferrite A1g mode. The other

F2g mode of nickel ferrite phase at 575 cm
 1 almost disappears in

the NZF(30–70) sample.

The Raman spectrum of the BaTiO3 tetragonal phase

presented the most prominent Raman modes are a broad band

at about 270 cm 1 [A1 (TO)], a sharp peak at !303 cm 1 [E

(TOþLO) mode], a mode at 516 cm 1[A1 (TO), E (TO)] and

a mode at around 720 cm 1 [E (LO), A1 (LO)] [30].

Fig. 8. SEM images of (a) NZF(30–70)–BT, (b) NZF(50–50)–BT, and (c) NZF(70–30)–BT ceramics.
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The Raman spectra of the sintered composites are presented in

Fig. 7b). In the Raman spectra of NZF(70–30)–BT sample,

several Raman modes of nickel ferrite suffered changes in the

position, intensity and bandwidth. The Raman mode at 482 cm 1

is asymmetrically broadened towards higher frequencies, whereas

the intensity of 575 cm 1 mode decreases. The width of the A1g

mode at 702 cm 1 increases reflecting the presence of more than

two phases. In the fitting range from 600 to 800 cm 1 for NZF

(70–30)–BT ceramics, it could be seen that this mode is well fitted

with three phases, nickel ferrite, BT phase and a secondary phase,

BaFe12O19 [31,32]. This result is in agreement with previously

discussed XRD results.

The noticeable changes were seen in the Raman spectra of

the NZF(50–50)–BT and NZF(30–70)–BT samples. In the

NZF(50–50)–BT sample, the mode at 335 cm 1 of nickel

ferrite phase was substantially broadened, whereas the mode of

BT phase at around 265 cm 1 appeared. The deformation of

the nickel ferrite mode at 482 cm 1 and its shift to higher

frequencies, due to the presence of BT phase, is obvious. With

further reduction of nickel ferrite phase in the NZF(30–70)–BT

sample, the broad Raman mode at about 500 cm 1 is

composed of F2g and [A1 (TO), E (TO)] modes of nickel zinc

ferrite and BaTiO3.

SEM images of sintered ceramic samples on the free surface

are presented in Fig. 8. Insets of the images are displaying

backscattered micrographs, demonstrating the homogenous

phase distribution in obtained composites. Grains are nano-

sized with different shapes, polygonal grains typical for nickel

zinc ferrite, rounded grains characteristic for barium titanate

and plate like grains that most likely correspond to the barium

ferrite phase. All phases possess similar grain size, around

1 mm. The densities of composites were 5.09 g/cm3 for NZF

(70–30)–BT, 5.28 g/cm3 for NZF(50–50)–BT, 5.15 g/cm3 for

NZF(30–70)–BT which corresponds to 89.6%, 93.0% and

90.8% of theoretical densities, respectively, showing the

increasing trend with Zn content up to NZF(50–50)–BT and

then with further increase of Zn the density starts to decrease.

Theoretical values of density are 6.01 g/cm3, 5.35 g/cm3,

5.36 g/cm3 and 5.33 g/cm3 for the pure BT, NZF(70–30),

NZF(50–50) and NZF(30–70) phases, respectively. Achieved

ceramics densities are rather small due to high agglomeration

and this can evidently affect the electrical (dielectric, ferro-

electric) properties. This problem can be possibly solved by a

treatment in the attrition mill, which may enable the prepara-

tion of ceramic composites with improved properties. The FE-

SEM microstructure of composites is presented in Fig. 9. It is

possible to notice two different phases: ferrites (platelike or

pyramidal grains) and barium titanate with more rounded

grains. It is important to notice that no reaction between

parent components was observed.

The impedance spectroscopy (IS) is important method to study

the electrical properties of one material, because it gives the

information about resistive and reactive components in the

material. IS was used to evaluate the contributions of various

components such as grain and grain boundary to the overall

electrical properties of NZF–BT ceramics composites. Fig. 10

shows the impedance plots for NZF(70–30)–BT, NZF(50–50)–BT,

Fig. 9. FEG microstructure of NZF(70–30)–BT composite sintered at 1200 1C

for 2 h.

Fig. 10. Complex impedance spectra of all ceramics measured at 200 1C.

Table 1

Grain resistance, grain boundary resistance, total resistance and capacitance for

all samples.

Sample From Z″ to Z0 From Z″ to f

T

(1C)

Rg

(Ω m)

Rgb

(Ω m)

Rtotal

(Ωm)

Rgb

(Ω m)

Cgb (nF/

m)

NZF(30–70)–

BT

50 155 7113 7268 4326 72.17

100 117 1296 1413 822 74.45

150 76 390 466 268 74.13

200 22 74 96 52 72.12

NZF(50–50)–

BT

50 250 54,039 54,289 30,882 109.71

100 234 9231 9465 6844 135.27

150 208 6562 6770 5380 160

200 39 1929 1968 1504 146.24

NZF(70–30)–

BT

50 585 36,480 37,065 24,590 99.63

100 430 16,401 16,831 11,850 94.63

150 57 492 549 398 85.87

200 31 207 238 172 78.4
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NZF(30–70)–BT ceramics at 200 1C. The impedance spectra were

analyzed using commercially available Z-View software. For all

samples, a one depressed semicircular arcs is present, indicating the

possible overlapping of two arcs that correspond to grain and grain

boundary contributions. The Z view software and equivalent circuit

consisted of two parallel R-CPE elements connected in series,

which were used to evaluate the grain boundary resistivity at low

frequencies and grain contribution at high frequencies. The

existence of two different phases (ferroelectric and ferromagnetic)

in one composite material can make the interpretation of impe-

dance results of these materials rather complicated. The appearance

of two semicircular arcs could be also the indication of the

presence of two different crystallographic phases. When compared

to resistivity values of pure BT and NZF phases [19,33], quite a

difference in the resistivity magnitude can be observed. BT,

ferroelectric phase, is more resistive in comparison with NZF

phase, indicating its dominant effect in the total resistivity of the

composite materials. The values of the grain, grain boundary and

total electrical resistivity of obtained ceramic composites are

presented in Table 1.

With increasing temperature, the resistance of the grain and

the grain boundary decreases for all composites (Table 1), as it

was expected. Comparing the total resistance at the same

temperature, it can be noticed that NZF(50–50)–BT possesses

the highest values. With increase of Zn content up to 50% the

resistance increases, probably because zinc leads to better

structure ordering and results in the reduction of defects. Most

likely, oxide ion vacancies Vo  were formed due to loss of

oxygen in the sintering process and present the main con-

ductive species in the obtained ceramics [19].

The temperature dependence of the resistance can be

presented by the equation [34]:

σ ¼ σ0exp "
Ea

kbT

� �

ð1Þ

where Ea, σ0 and kb are the activation energy of the carriers for

conduction, the pre-exponential factor and the Boltzmann constant,

respectively. Arrhenius plots of the grain, σg, and grain boundary

conductivity, σgb, for NZF(30–70)–BT, NZF(50–50)–BT and NZF

(70–30)–BT ceramics are presented in Fig. 11. The activation

energy can be calculated from the slope of the given diagrams. The

values of the grain and grain boundary activation energies were:

Ea(g)¼0.15 eV, Ea(gb)¼0.39 eV for NZF(30–70)–BT, Ea(g)¼

0.17 eV, Ea(gb)¼0.27 eV for NZF(50–50)–BT and Ea(g)¼

0.28 eV, Ea(gb)¼0.49 eV for NZF(70–30)–BT. Generally, the

activation energies for electron hopping are lower than for hole

Fig. 11. Arrhenius plots of grain (σg) and grain boundary (σgb) conductivity for all ceramic samples.
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hopping. In the polaron conduction, the activation energy of holes

is usually used to be greater than 0.2 eV [35]. On this basis, the

calculated activation energies indicate that the conduction in

obtained materials is a consequence of polaron hopping. The

conduction in ferrites, ferroelectrics and its composites can be

explained by polaron hopping process among the localized sites.

Hopping conduction is favored in ionic lattices in which the same

kind of cation is found in two different states [36]. Thus, in the

obtained composite materials the hopping of 3d electrons among

Fe2þ and Fe3þ as well as between Ni2þ and Ni3þ in the ferrite

phase and also Ti4þ to Ti3þ in the ferroelectric phase, could play

an important role in the conduction processes. These values for Ea
are also in agreement with the results obtained for barium

strontium titanate–nickel zinc ferrite composites in the study of

other authors [25,37]. The activation energy for the conduction

process through the grain boundaries in all measured samples was

higher compared to the values of the activation energy for the

conduction process through the grains. Therefore, the grain

boundary effect can be ascribed as the dominant effect in total

conduction of ceramic composites.

Complex modulus plots (M″–M0) at the different tempera-

tures for NZF(30–70)–BT, NZF(50–50)–BT, NZF(70–30)–BT

are shown in Fig. 12. Values of M″ and M0 were calculated

from equations M″¼ωCoZ
0 and M0

¼ωCoZ″, respectively,

where Co is equal to εoA/h and angular frequency ω is equal

to 2πf. The complex electric modulus analysis can be used to

separate the electrode polarization effect from the grain

boundary conduction process and also to determine the

conductivity relaxation times [25]. In the presented diagrams

two semicircular arcs can be noticed in NZF(70–30)–BT, NZF

(50–50)–BT and NZF(30–70)–BT composites, even though,

they were not fully resolved in the complex impedance plots.

This is also the indication of the presence of different

relaxation processes, due to contribution of grain, grain

boundary and/or different crystallographic phases.

Complex impedance plots Z″–f for all ceramic composites

are presented in Fig. 13. With increasing temperature the

positions of peaks shift toward high frequency side, which

leads to the conclusion that the dielectric relaxation is

thermally activated process [38]. A relative lowering in the

magnitude of Z″ with a shift of the peaks towards the higher

frequency arises is possibly due to the presence of space

charge polarization or accumulation at the grain boundaries

[25]. Broadening of the peaks with rise in temperature can be

Fig. 12. Modulus complex plots of (a) NZF(30–70)–BT, (b) NZF(50–50)–BT, and (c) NZF(70–30)–BT at different temperatures.
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an indication of the presence of immobile species at low

temperature and defects at higher temperatures [39]. The

corresponding capacitances and resistivities were calculated

from the maximum value of the Z″ peak and associated fmax

value, using the relationships C¼1/2πfmaxR, where R is equal

to 2Z″max [40]. The obtained values for C and R are presented

in Table 1. Obtained resistivity data were used for the

calculation of activation energies of relaxation processes at

the grain boundary and they are in accordance with Ea

obtained from the complex impedance analysis.

Magnetization results are presented in Fig. 14 and Table 2.

In pure nickel zinc ferrite, with addition of Zn, magnetization

increases because the balance between Fe3þ ions in tetrahedral

and octahedral sites, which is conditioned by migration of the

Fe3þ ions inter this sites. This leads to the weakening of A–B

exchange interaction, causing the increase of magnetization.

The change of the magnetic properties with reducing amount

of magnetic phase was expected. In composites, a dilution

effect exists, which means that BT does cause intimate change

in the magnetic properties, leading to the reduction of the

magnetic moment [41]. The saturation magnetization and

Fig. 13. Frequency dependence of imaginary parts of the impedance spectra (Z″) of (a) NZF(30–70)–BT, (b) NZF(50–50)–BT, and (c) NZF(70–30)–BT at different

temperatures.

Fig. 14. Magnetic hysteresis loops at room temperature for all composites

ceramics.

Table 2

Saturation magnetization moment, saturation fields, residual magnetization and

coercive field for yNi1"xZnxFe2O4" (1"y)BT (x¼0.3, 0.5, 0.7, y¼0.5)

composite materials.

Sample Msat (emu/g) Hsat (kOe) Mr (emu/g) Hc (Oe)

NZF (70–30)–BT 23.64 2.55 4.31 19.8

NZF (50–50)–BT 22.23 2.05 2.89 25.4

NZF (30–70)–BT 10.42 1.95 0.17 17.6
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remnant magnetization have shown a decrease with increasing

Zn content, likely due to already mentioned dilution effect. Ms,

at first slightly decreases with increase of Zn content up to

0.5 mol% and then significantly decreases with further increase

of Zn. In comparison with pure NZF phases, Ms also decreases,

due to the presence of non-magnetic barium titanate phase

[19]. The fields at which saturation occurs were around 2 kOe

for NZF(30–70)–BT and NZF(50–50)–BT and slightly higher

for NZF(70–30)–BT. The coercive field, the field required to

overcome the defects in the material, was higher for compo-

sites in the comparison with pure NZF phases, which can be

explained by the fact that the composite possesses a higher

anisotropy field than the NZF at the same applied field [35].

The coercive field was the highest for NZF(50–50)–BT

ceramic composites.

4. Conclusion

A series of nickel zinc ferrite–barium titanate with general

formula yNi1 xZnxFe2O4 (1 y)BT (x¼0.3, 0.5, 0.7, y¼0.5)

were successfully prepared by mixing of previously prepared

powders of nickel zinc ferrite and barium titanate. The composites

materials formation was confirmed by XRD and Raman spectro-

scopy for powders and ceramics, with small amount of secondary

phase. SEM analysis indicated a high level of powder agglomera-

tion and ceramic composites with different shapes grains of around

1 μm. Impedance analysis has shown that for all obtained ceramic

samples grain boundary resistance has the highest contribution to

the total resistance. The resistance was found to decrease with the

increasing temperature for all measured samples, and it can be

noticed that NZF(50–50)–BT possesses the highest values of total

resistance. The calculated activation energy indicates that the

conduction in the composite materials is a consequence of polaron

hopping. Results of the magnetic measurements show that the

magnetization in the composites ceramics is reduced in comparison

with pure nickel zinc ferrite ceramics due to the presence of barium

titanate phase. The fields at which saturation occurs were almost

the same for all investigated compositions.
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a b s t r a c t

Nanosized nickel zinc ferrite powders with general formula Ni1�xZnxFe2O4 (x¼0.0, 0.3, 0.5, 0.7, 1.0) were
synthesized by an auto-combustion method starting from metal nitrates. X-ray analysis indicated the
formation of well crystallized Ni–Zn ferrite phases, and Raman spectroscopy enabled a precise phases
identification. The change of the grain size and density with increasing Zn content was confirmed by
scanning electron microscopy. Magnetization of saturation and remnant magnetization, both, continu-
ously increase up to x¼0.3 of Zn, and then decrease for more Zn. The influence of the grain size of
investigated systems on the saturation magnetization was studied. Impedance spectroscopy measure-
ments were carried out in order to investigate the electrical resistivity of materials, showing that grain
boundaries have greater impact on total resistivity that grains.

& 2014 Elsevier B.V. All rights reserved.

1. Introduction

There is a growing interest in magnetic ferrite nanomaterials
such as NiFe2O4 and (Ni,Zn)Fe2O4, due to their applications as a
part of the sensors, catalysis, magnetic drug delivery, permanent
magnets, recording heads, antenna rods, loading coils, telecom-
munication devices, magnetic refrigeration, magnetic liquids, as a
microwave absorber etc [1,2]. In addition, the applicability of these
ferrite material increases because of their possible use as a
component in the magnetoelectric (multifferoic) devices. In recent
years there is an increasing interest for multiferroic materials in
which at least two of ferroic properties (ferrolectric, ferromagnetic
and ferroelastic) are combined [3–6]. Having in mind that ferrites
possess ferromagnetic (antiferromagnetic) properties, especially
nanostructured one, recently attracted attention in the field of
multiferroic materials. However, to ensure the applicability of
ferrites as a component in multiferroic devices, it is necessary to
pay special attention to processing methods and properties of
ferrites that are important for its functionality in multiferroic
materials.

Nickel ferrite (NiFe2O4) with an inverse spinel structure shows
ferrimagnetism, which originates from magnetic moments of anti-
parallel spins between Fe3þ ions at tetrahedral sites and Fe3þand
Ni2þ ions at octahedral sites [7]. In the Ni–Zn spinel ferrite, Zn2þ

ions occupy tetrahedral sites, causing migration of some Fe3þ ions
from tetrahedral to octahedral sites, so the structure can be
presented as (Znx

2þFe1�x
3þ )[Ni1�x

2þ Fe1þx
3þ ], where round brackets

imply tetrahedral sites, and square brackets octahedral ones [8].
The Ni–Zn ferrites are produced by numerous methods such as

solid state reaction [9], microwave-assisted solid state reaction
[10,11], sonochemical process [12], citrate precursor techniques
[13], coprecipitation [14], mechanical alloying [15], reactive milling
[16], sol–gel technique [17] and pulsed wire discharge [18]. Some
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journal homepage: www.elsevier.com/locate/jmmm
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Fig. 1. XRD patterns of: a) ZF, b) NZF (30–70) c) NZF (50–50) d) NZF (70–30) and
e) NF calcined powders.
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disadvantages of these methods are complicated procedure, high
reaction temperature, long reaction time, and use of reduction
agents, which potentially upset the environment. Recently, a
combustion synthesis method has emerged as a very popular

method for synthesis and processing of advanced ceramic materi-
als, composites and ferromagnetic nanomaterials. Higher purity of
materials prepared by the combustion process is ascribed to
expulsion of impurities as volatile species at high temperatures
typically achieved during these reactions. The improvement in
reactivity and mechanical properties is attributed to the high
defect concentration as a result of high temperatures and the
relatively rapid cooling rates following the formation of nanocrys-
talline powders [19].

In this paper, the formation of nickel and nickel zinc ferrite
nanoparticles by the auto-combustion method was reported. Com-
bustion synthesis is used as an attractive method because of short
reaction time and low costs compared to the conventional methods.
The purpose of present study is to investigate the effect of Zn content
on the morphological, structural, magnetic and electrical properties

Table 1
Crystallite sizes of all powders (DXRD), lattice parameters (a), grain size (DSEM) and
density of all ceramics.

Sample DXRD (nm) a(Å) DSEM (lm) Density (% of theor.)

NF 38.0 8.2801 0.825 73.1
NZF (70–30) 38.0 8.3160 0.957 75.4
NZF (50–50) 39.5 8.3278 1.068 78.9
NZF (30–70) 41.0 8.3955 1.216 85.1
ZF 45.0 8.4020 1.080 88.2

Fig. 2. SEM images of: a) NF, b) NZF (70–30) c) NZF (50–50) d) NZF (30–70) e) ZF powders.
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of nickel ferrite nanopowders and ceramics having in mind possible
use of ferrites as a component in the multifferoic devices.

2. Materials and methods

The nanoparticles of Ni1�xZnxFe2O4 (x¼0.0, 0.3, 0.5, 0.7, 1.0,
denoted as NF, NZF (70–30), NZF (50–50), NZF (30–70) and ZF) were
synthesized by the auto-combustion method. The raw materials
used for the synthesis were Fe(NO3)3 !9H2O (Alfa Aesar, 98.0–
101.0%), Ni(NO3)2 !6H2O (Alfa Aesar, 99.9985%), Zn(NO3)2 !6H2O
(Alfa Aesar, 99%) and C6H8O7 !H2O (Carlo Erba, 99.5–100.5%) and
NH4OH (Lach Ner, 25%). The molar ratio of iron ions, nickel ions,
citric acid was 2:1:1. Metal nitrates and citric acid solutions were
prepared by dissolving raw materials in a minimum amount of
deionized water, and after that they were mixed together in a dish.
pH value of the solution was adjusted to 7 using the ammonia
solution. After that the solution was heated and stirred at the
temperature of about 90 1C until it was transformed into a xerogel.
The dish with xerogel was transferred into the heating calotte at
200 1C when self-propagation reaction was achieved.

The formed powder was calcined at 1000 1C with a heating rate of
2 1C/min (Electron-UK oven). The powder was pressed at 196 MPa
into pellets of 8 mm in diameter. Sintering was performed at 1250 1C
for 4 h in the tubular furnace (Lenton, UK) at a heating rate of 5 1C/
min. Samples were cooled spontaneously in air atmosphere.

The phase and crystal structure analysis was carried out by an
X-ray diffraction technique (Model Phillips PW1710 diffractometer,
Co Kα radiation, 0.51/min). The average crystallite size was
calculated by Debye–Scherrer's equation using data obtained from
X-ray diffractograms. Raman spectra were collected in the back-
scattering micro-Raman configuration using a Jobin Yvon T64000
spectrometer equipped with a nitrogen-cooled CCD detector. The
argon ion (Arþ) laser line at λ¼514.5 nmwas used as an excitation
source. The measurements were performed at room temperature.
The morphology and microstructure of obtained powders and
ceramics were examined using a scanning electron microscope
(SEM Model TESCAN SM-300). The grain size was determined
using an ImageJ program. Magnetic measurements of materials
were carried out using a superconducting quantum interfero-
metric magnetometer SQUID (Quantum Design). The impedance
measurements were performed for all sintered samples using an
LCR meter (model 9593-01, Hioki Hitester). Samples were pre-
pared by coating their polished surfaces with Ag paste. The real
and imaginary parts of the complex impedance were measured in
the frequency range of 42 Hz–1 MHz at the room temperature,
which is referred as the Nyquist plot.

3. Results and discussion

3.1. Structural and microstructural properties

XRD patterns of powders calcined at 1000 1C, presented in
Fig. 1 showed that pure nickel ferrite and nickel zinc ferrite phases
were obtained. This was confirmed by the existence of the
reflections (111), (220), (311), (400), (422), (511) and (440), which
indicated the presence of the cubic spinel structure (identified
using the JCPDS files No. 10-0325) [2]. The average crystallite size,
DXRD, was calculated using the Debye–Scherrer's equation:

DXRD ¼ 0:9 λ=B cos θ ð1Þ

where λ is the wavelength of Co cathode ray tube (0.17889 nm),
θ is the angle of the Bragg diffraction, and B is the full width at half
maximum of the most intensive peak, in degrees.

Calculated crystallite sizes are presented in Table 1. It can be
seen that the size of the crystallites slightly increases when more
Ni2þ ions were replaced by Zn2þ ions. This could be explained by
a larger size of Zn2þ ions (0.83 Å) compared to Ni2þ ions (0.78 Å)
[20]. The average crystallite sizes were between 38 and 45 nm for
the investigated materials.

Fig. 2 shows SEM images of all synthesized powders. It can be
noticed that the powder particles are very small (o200 nm) with
a high tendency to form agglomerates. A high level of agglomera-
tion appears mostly in the chemically prepared nanopowders and
it is probably caused by a very small primary particles that tend to
join together [21,22].

XRD patterns of the sintered samples are shown in Fig. 3
indicating that single ferrite phase is formed at 1250 1C for 4 h
without presence of any impurities or unreacted phases. The
lattice parameters were calculated using the numerical calculation
of diffraction patterns data (Table 1). The lattice parameter a is
slightly increased (from 8.2801 Å to 8.4020 Å) with zinc content
increase. This dependence was almost linear, showing that the (Ni,
Zn)Fe2O4 system obeys Vegard's law [23]. It is evident that larger
Zn2þ ions displaces the smaller Fe3þ ions (0.67 Å) from the
tetrahedral to octahedral sites causing the elongation of the NZF
crystal lattice.

Raman spectroscopy confirmed that cubic spinel structure
belonging to the space group Oh7 (Fd3m) was obtained. Although
the full unit cell contains 56 atoms (8 molecules per unit cell) only
14 atoms are in the asymmetric unit and therefore 42 vibrational
modes are expected. Group theory predicts the following modes in

Fig. 4. Raman spectra of: a) NF, b) NZF (70–30) c) NZF (50–50) d) NZF (30–70)
e) ZF samples.

Fig. 3. XRD patterns of: a) ZF b) NZF (30–70) c) NZF (50–50) d) NZF (70–30) and
e) NF sintered at 1250 1C for 4 h.
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spinel structure [24,25]:

A1gðRÞþEgðRÞþF1gþ3F2gðRÞþ2A2uþ2Euþ4F1uðIRÞþ2F2u ð2Þ

The most intensive Raman modes of nickel ferrite were three F2g
(212, 483 and 577 cm"1), one Eg (333 cm

"1) and one A1g (702 cm
"1)

[26,27] modes, whereas for zinc ferrite the most prominent modes
were three F2g (221, 355 and 451 cm

"1), one Eg (246 cm
"1) and one

A1g (647–674 cm
"1) mode [28]. F1g, A2u, Eu and F2umodes are silent.

Fig. 4 shows the Raman spectra of all ceramic samples. The
characteristic peaks in the NF sample appeared at 213, 334, 485,
577 and 702 cm"1 with a shoulder at 660 cm"1. Raman modes of
nickel ferrite sample showed a shoulder-like feature at the lower
wavenumber side of all the Raman active bands. This doublet-like
features originate from different local structures in the octahedral

sites of nickel ferrite which are occupied either by Ni or Fe ions.
One peak corresponds to the unit cell with all Fe ions and the
other one to the unit cell with mixed Fe and Ni ions [29].

Raman spectrum of ZF displays five Raman modes at 221, 246,
355, 452, 647 cm"1. In the Raman spectra of NZF samples, with
lowering Zn content, a mode at 480 cm"1 was shifted to the value
characteristic for pure NF phase, becoming at the same time more
intense. Other NF mode at 334 cm"1 has become very intense in
the sample with the highest Ni content. The mode centered
around 650 cm"1 in NZF (30–70) sample was shifted to the lower
energies regarding the corresponding NF Raman mode (shoulder
at 660 cm"1) probably because of the mixed Fe/Ni/Zn–O bonds
formed in NZF samples [29]. The intense mode of ZF phase at
355 cm"1 was not observed in NZF samples.

Fig. 5. SEM images of: a) NF, b) NZF (70–30), c) NZF (50–50) and d) NZF (30–70) e) ZF ceramics.
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SEM images of the sintered ceramic samples at the free surface
are shown in Fig. 5. The average grain sizes of all samples are given in
Table 1. The increase of zinc content led to the increase of the average
grain size, except for ZF sample, where it was smaller than in NZF
(30–70). It can be observed that the shape of the grains in the case of
ZF is more pyramidal compared to polygonal grains of NZF. SEM

images indicated that with increase of molar fraction of Zn, the
density increases. This increase in density may be a consequence of
Zn2þ concentration that slightly promotes the grain growth and
improves densification, which was also observed in the work of
Shirsath et al. [30].

3.2. Magnetization measurements

Magnetization results showed ferromagnetic behavior of the
NF and NZF materials (Fig. 6). These curves are typical for soft
magnetic materials [31]. Saturation magnetization moment of NF
was lower than that for NZF (70–30) and NZF (50–50), but slightly
higher than that for NZF (30–70) (Table 2). With the addition of Zn
(which is nonmagnetic), the migration of Fe3þ ions from tetra-
hedral sites (A) to octahedral sites (B) take place, resulting in the
weakening of A–B exchange interaction [32]. Thus, the balance
between Fe3þ ions in those two positions is disrupted causing the
increase of magnetization

On the other hand, the increase of Zn content above x¼0.3 led to
the increase of grains contribution to grain interface, which
decreased the magnetization saturation. These values are in agree-
ment with results reported by other authors [33,34]. The fields at
which saturation occurs were almost the same for nickel based
ferrite around 1.5 kOe (Table 2). The observed values for saturation
magnetization, for NZF (70–30) and NZF (50–50) (79 and 76 emu/g),
are slightly higher than for the NZF (65–35) and NZF (50–50)
prepared by the citrate precursor method (73 and 69 emu/g) [33].
In comparison with mechano-synthesized NF, the saturation magne-
tization of obtained sample was also higher (49 vs. 24 emu/g) [35]
indicating the significant influence of the powder processing route.

There are two effects that impact the coercivity of Zn sub-
stituted NF materials. First, the presence of Zn promotes sintering
and leads to the increase of the grain size [36], which was
confirmed by SEM measurements. Larger grains tend to consist
of a greater number of domain walls. The magnetization caused by
domain wall movement requires less energy than that required by
domain rotation. As the number of domain walls increases with
grain size, caused by the addition of Zn, the contribution of wall
movement to magnetization is more expressed than that of
domain rotation. Therefore, samples having larger grains are
expected to have a low coercivity, HC [37]. Second, Zn was reported
to bring better arrangement in the ferrite crystal structure [38].
Since the domain walls pin to the defects in the structure, in order
to pass them, some amount of energy is needed. This energy is
provided by an applied magnetic field. The field required to
overcome those defects is coercive field [31]. These two effects
interact and reduce the coercive field of NZF samples. On the other
hand, coercive fields of samples with Zn are very low. However,
slight increase of coercive field with the increase of molar fraction
of Zn was observed. Thus, the clear dependence of coercive field
and Zn concentration above NZF (70–30) cannot be firmly claimed.

3.3. Impedance measurements

The impedance spectroscopy is an important method to study
the electrical properties of ferrites because it gives the information

Fig. 6. Magnetization vs magnetic field for a) NF, b) NZF (70–30), c) NZF (50–50),
d) NZF (30–70) samples.

Table 2
Saturation magnetization moment, saturation fields, residual magnetization and
coercive field for all samples.

Sample Msat (emu/g) Hsat (kOe) Mr (emu/g) Hc (Oe)

NF 49.39 1.84 2.27 15.7
NZF (70–30) 78.68 1.61 2.64 0.018
NZF (50–50) 75.72 1.53 1.41 0.72
NZF (30–70) 43.12 1.35 1.08 1.9

Fig. 7. Complex impedance plot of: a) NF b) NZF (70–30), NZF (50–50), NZF
(30–70), ZF at room temperature.

Table 3
Grain resistance, grain boundary resistance and total resistance for all samples.

Sample Rg (Ωm) Rgb (Ωm) Re (Ωm) Rtotal (Ωm)

NF 666 1364 149 2179
NZF (70–30) 242 725 / 967
NZF (50–50) 40 64 / 104
NZF (30–70) 144 220 / 364
ZF 52 314 / 366
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about resistive and reactive components in the material. Fig. 7
shows the impedance plot for ceramic samples at room tempera-
ture. The impedance measurements were analyzed using commer-
cially available Z-View software. The conduction mechanism in
ferrites was explained with exchange of electrons between the ions
of the same elements that have multiple valence states [8]. All
samples showed two semicircular arcs, one due to the influence of
the grain boundary conduction at the low frequencies, and other
one due to influence of the grain conduction at the high frequen-
cies. For NF samples the third semicircular arc was observed
corresponding to the influence of electrode. The values of the grain,
grain boundary and total electrical resistivity are given in Table 3.

The increase of zinc content leads to the decrease of total
resistance up to NZF (50–50) and then with further increase of Zn
the resistance starts to increase. The decreasing resistivity is
attributed to the decrease of the number of grain boundaries
caused by the grain size increase (induced by addition of Zn). With
further increase of zinc, resistivity starts to increase. It can be
assumed that more zinc leads to better structure ordering and
results in the reduction of defects (vacancies) which are main
conductive species in ceramics. Although the grain size increase in
all compositions, this effect of Zn on the structure ordering
dominates in NZF (30–70) and ZF and leads to an increase of total
resistance of these compounds. Generally, the resistance of
obtained ceramics was less than expected for ferrites (greater
than 104Ωm) [39] probably due to the low density.

4. Conclusion

A series of Ni–Zn ferrite with general formula Ni1�xZnxFe2O4
where x¼0.0, 0.3, 0.5, 0.7, 1.0 were prepared by the auto-
combustion method. The pure phase formation was confirmed
by XRD for powders and ceramics. Raman spectroscopy confirmed
the formation of the cubic structure. SEM analysis indicated a high
level of powder agglomeration. The size of the crystallites slightly
increases when more Ni2þ ions were replaced by Zn2þ ions.
Magnetic measurements showed that magnetization was rising
with increasing of Zn content up to 30%, and followed by a further
decrease. The fields at which saturation occurs were almost the
same for all investigated compositions. In the comparison with
NZF ceramics prepared by other synthesis methods, the value of
the saturation magnetization of ferrites obtained in this study was
enhanced. The resistance was found to decrease with the increase
in zinc content up to NZF (50–50) and then increase. For all
obtained ceramic samples grain boundary resistance has the
highest contribution to the total resistance.

Although auto-combustion method has been shown as appro-
priate for obtaining pure nanosized nickel and nickel–zinc ferrites, it
would be necessary to achieve higher density and higher resistance if
we want to get ferrites as the final product. However, since our goal
was focused on getting ferrites as ferromagnetic component for
multiferroic composite, it might be noted that very encouraging
results were achieved using the auto-combustion synthesis method.
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1. Introduction

Multiferroic materials exhibit at least two ferroic properties 

among magnetic, electric, and elastic responses. Simultaneous 

presence of at least two hysteretic responses and interac-

tion between the associated orders has spurred interest in the 

mechanisms that govern the phase transitions in multiferroics 

[1–3]. The explanation of the multiferroic order remains an 

interesting open problem of condensed matter physics. A 

pair of ferroic properties causes nonlinear and nonstandard 

responses, e.g. a material will produce electric polarization 

when exposed to an external magnetic !eld. Such responses 

make the multiferroics interesting from a practical point of 

view by allowing for novel forms of control. The most sought-

after applications of multiferroics are electrically controlled 

magnetic memories [4], and emerging spintronic devices 

based on the simultaneous use of electric polarization, based 

on the orbital order, and magnetization, based on the spin 

order [2, 5].

The properties of multiferroic materials structured at the 

nanoscale can be drastically different from the corresponding 

properties of the bulk. Integration of materials into current 

semiconductor technology requires fabrication and struc-

turing of thin !lms, leading to the interest in variation of the 

material properties with the nanoscale structure, as well as to 

the development of methods for their synthesis [6, 7]. In addi-

tion to reduced dimension, the thin !lms often show granular 

structure on the characteristic length scale of the order of 

10 nm. Details of the grain structure contribute to the variation 

of the properties of both the material and the devices.

One of the most well-known multiferroic materials is the 

bismuth ferrite (BiFeO3). It shows high critical temperatures, 

both for the ferroelectric ordering below 1104 K [8] and the 

antiferromagnetic ordering below 643 K [9]. The interest in 

BiFeO3 stems from the possibility of having all the techno-

logically desirable properties of multiferroics at and above the 

room temperature. A major obstacle for the applications of 

BiFeO3 is the existence of relatively large leakage currents 
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which severely limit the electric �elds that a material can sus-

tain. The leakage currents have been explained by the exist-

ence of charge defects, for example the oxygen and bismuth 

vacancies [10]. Attempts at minimizing the leakage currents  

in BiFeO3 thin �lms drive the interest in their electronic 

transport properties and their modi�cation either by doping  

[11–14] or by modifying the conditions of �lm growth [15, 16].

The properties of multiferroic BiFeO3 granular thin �lm 

strongly depend on the grain size. The Neel temperature was 

shown to correlate with the volume of the grains which affects 

the polar displacements of cations and changes in polarization 

[17]. The mechanical properties also depend on the grain size 

[18]. Therefore, the regions in proximity to the grain bounda-

ries may play an important role in determining the material 

properties.

We have studied a �lm of an undoped, single crystallo-

graphic phase, BiFeO3. The �lm has been produced by sol–gel 

spin coating. The �lm has shown granular structure, and we 

have probed the variation of the electronic properties on the 

spatial scale commensurate with the grain size. Our �lm did not 

have any holes and all the measured grains lied on the top of the 

�lm, and not on the substrate. The variation at probed length 

scale are therefore properties of the grain morphology and inde-

pendent of the thickness or large-scale roughness of the �lm.

In our measurements, the local electric properties of the 

�lm have varied on two characteristic length scales, cor-

responding to the sizes of grains and boundary regions. In 

scanning probe measurements, we have found mild variations 

between the interiors of different grains when probing their 

band structure. On the other hand, the differences between the 

grain interiors and the grain boundaries have been drastic. We 

have measured the local electric properties of the BiFeO3 �lm 

across the grain boundary, and have found that the boundary 

regions differ from the grain interior in the density of states, 

charge transport mechanism, and the absence of hysteresis in 

the I–V curves. Remarkably, all the measured properties have 

shown a hysteresis when measured in the grain interior, but 

there were no sings of hysteresis when probed at the boundary.

2. Experimental procedure

BiFeO3 thin �lm was prepared via the sol–gel spin coating 

method. The details of preparation are presented in the sup-

plementary material (stacks.iop.org/JPhysD/49/045309/

mmedia).

Structural characterization was carried out using x-ray dif-

fraction (XRD) with Cu–Kα radiation on a Rigaku Ultima IV 

diffractometer (2 20θ = °–60°). Raman spectroscopy was used 

to study the vibrational properties of BiFeO3 thin �lm. Micro-

Raman spectra were collected using a Jobin Yvon T64000 

spectrometer with a liquid-nitrogen-cooled CCD camera.

The morphology and phenomena at short length scales were 

recorded by atomic force microscopy (AFM). AFM imaging 

was performed using tapping mode on NT-MDT system 

Ntegra Prima and silicon NSG01 probes with the tip curvature 

radius of 6 nm. The phase lag of the cantilever oscillation was 

recorded simultaneously with the topography image.

We have investigated the electromechanical response 

of our sample by piezoresponse force microscopy (PFM). 

During PFM measurements, an AC bias with the amplitude of 

10 V and frequency of 150 kHz has been applied between the 

tip and the substrate on which the BiFeO3 �lm is grown. PFM 

measurements were done using TiN coated NSG01 probes 

with a tip curvature radius of 35 nm, a typical force constant 

of 5.1 N m−1and typical resonant frequency of 150 kHz. The 

conductive tip was scanning the surface of the sample in con-

tact mode while AC bias was applied to the tip. The AC bias 

was inducing the contraction and expansion of the sample, 

and these changes of the shape were monitored by the tip 

de!ection. This local piezoelectricity of BiFeO3 thin �lm was 

recorded in out-of-plane and in-plane polarization.

The local electrical conductivity of a BiFeO3 �lm was 

probed by conductive atomic force microscopy (C-AFM). 

During C-AFM measurements, a DC bias voltage (from  +2 

to  +6 volts) was applied between the tip and the substrate. 

Surface topography and current maps were obtained simul-

taneously by using a conducting probe in contact with the 

sample. The measurements were performed with the DCP20 

probe of a nominal curvature radius of 50–70 nm and typical 

force constant of 48 N m−1. In the same mode, the electrical 

measurements of current-voltage (I–V) characteristics were 

recorded in the bias voltage range from  −10 V to  +10 V. The 

I–V curves were measured using C-AFM at the points within 

the grain interior and at the points on the grain boundary. We 

have determined the band gap value of BiFeO3 �lm according 

to the same procedure as in references [20–22]. Thus, we have 

measured the local density of states and the local band gap in 

BiFeO3 �lm using C-AFM. At each point we have repeated 

the measurements a few times, and therefore proved the repro-

ducibility. Differential conductance spectra were obtained 

by averaging and differentiating �ve current-voltage curves 

measured on an individual grain of BiFeO3 �lm. All AFM 

measurements were performed at ambient conditions (room 

temperature and air atmosphere).

3. Results and discussion

The crystallographic phase and structure of our sample have 

been determined by XRD. The XRD pattern of the BiFeO3 

thin �lm is shown in �gure 1(a). The XRD peaks of BiFeO3 

�lm with a rhombohedrally distorted BiFeO3 perovskite struc-

ture, belonging to the R3c space group have been indexed. No 

peaks originating from the secondary phase were observed. 

The absence of the impurity phase signal from XRD mea-

surement does not imply that the sample itself is ultra pure. 

However, it does imply that there are no regions of impurity 

phase of appreciable size. From the Williamson–Hall plot 

[19], we have estimated the grain size in our �lm to  ∼38 nm 

and the microstrain to  ∼0.3%, as shown in �gure 1(b). The dif-

fraction peaks corresponding to the perovskite structure have 

been clearly observed. Figure  1(c) shows the histogram of 

the grain size distribution from the AFM measurement of the 

BiFeO3 �lm. Raman spectrum of BiFeO3 �lm has con�rmed 

the rhombohedrally distorted structure without the presence 

J. Phys. D: Appl. Phys. 49 (2016) 045309
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Figure 1. (a) X-ray diffraction pattern of the BiFeO3 �lm fabricated by the sol–gel method, (b) Williamson–Hall plot for BiFeO3 �lm 
with calculated crystallite size and strain, and (c) histogram of grain size distribution of BiFeO3 �lm obtained from AFM image (see 
supplementary material (stacks.iop.org/JPhysD/49/045309/mmedia)).

Figure 2. Topography (a) and out-of-plane PFM magnitude (c), topography (b) and in-plane PFM magnitude (d), showing the polarization 
components of BiFeO3 �lm. The grains, visible on the topography images (a) and (b), correspond to the ferroelectric domain captured by 
the PFM magnitudes in (c) and (d).

J. Phys. D: Appl. Phys. 49 (2016) 045309
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of secondary phase. Raman scattering spectrum of the BiFeO3 

�lm is presented in supplementary material (stacks.iop.org/

JPhysD/49/045309/mmedia).

Ferroelectric domains occur when the minimization of the 

electrostatic and elastic energy favors an inhomogeneous dis-

tribution in a material with unsaturated bulk electric polariza-

tion. The domain shapes and sizes are governed by various 

stresses that appear in the process of thin �lm growth [23, 24].  

The granular structure of the BiFeO3 �lm is dictated by lat-

tice, morphology and thermal expansion coef�cient mis-

match between the BiFeO3 �lm and the substrate [25, 26], 

the �lm thickness, and the temperature [27]. We have meas-

ured the polarization domains in the �lm, and found that they 

change on the characteristic length scale of  ∼40 nm. We have 

measured both the out-of-plane and the in-plane polarization, 

based on normal and lateral de!ection of the AFM cantilevers 

during PFM measurements (�gures 2(c) and (d)). Therefore, 

we have identi�ed both the in-plane and out-of-plane polari-

zation components. Comparison with the sample topography, 

�gures  2(a) and (b), has shown that the domain boundaries 

coincide with the grain boundaries. Therefore, each grain in 

the �lm has been a single-domain particle. This kind of the 

domain distribution is characteristic for the small grains, while 

larger grains generically show a multi-domain structure [24]. 

In our �lm, we could not identify any multi-domain grains.

Knowledge of the charge transport mechanism is essential 

in the design of memory devices based on BiFeO3 �lm. The 

granular �lm contains rough surfaces that cause an inhomo-

geneous behavior of conductivity [28]. We have investigated 

the spatial distribution of the density of states and of the band 

gap. We have achieved high resolution by measuring the I–V 

characteristics locally using C-AFM, and by extracting the 

corresponding differential conductances.

Figure 3 shows the characteristic spectra of local differen-

tial conductance as a function of voltage. The measurements 

have been performed on interior points of different grains, far 

away from any boundaries with the neighboring grains. The 

density of states has varied slightly between the grains. The 

estimated band gap is E 3.0 0.2g = ±  eV, in agreement with 

the optical measurements [29–31]. Conduction at negative bias 

voltages corresponds to the states in the valence band, while 

the conduction at the positive bias corresponds to the states in 

the conduction band. The !at plateau around zero voltage rep-

resents the band gap. These results show that the grain interiors 

are very similar, even though the grain’s immediate surround-

ings vary. Therefore, we claim that the properties at the length 

scale of the grain size are not in!uenced by the distant regions 

of the �lm, and therefore should not depend on the �lm thick-

ness, as long as it is larger than the grain dimension.

We have observed a difference between the grain boundary 

and the grain interior in the local measurements of the cur-

rent as a function of bias voltage. In the resulting I–V curves 

the conduction has been higher at the boundary. Conduction 

through semiconductor heterostructures is well researched, 

and various transport mechanisms have been proposed and 

observed [32, 33]. In our case, the distribution of electric polar-

ization (see �gure 2), and the typical gap sizes (see �gure 3), 

suggest that the interior of the grain behaves as a semicon-

ductor of fairly large band gap, 3∼  eV. In the grain interior, 

the transport has been consistent with the tunneling through a 

barrier, either via Schottky or Fowler–Nordheim mechanism 

[32–34]. We have �tted the I–V curves in the spatial region 

of the grain interior, and in the voltage region V  >  2 V, to the 

predictions of the tunneling transport theory. Up to V 5≈  V,  

the Schottky mechanism of thermal excitations across the 

barrier explains the observed behavior. At larger voltages,  

Figure 3. Representative differential conductance spectra measured 
on interior points of three different grains on BiFeO3 �lm. Arrow 
shows the averaged band gap value. The corresponding I–V curves 
are shown in the inset in a wider voltage range, from  −4 to 4 V.

Figure 4. (a) Schottky thermionic emission plot, Jln( ) versus V1/2 

and (b) Fowler–Nordheim plot, J Vln / 2( ) versus 1/V at positive bias 
curves of the grain interior (left scale) and grain boundary (right 
scale) of the BiFeO3 �lm.

J. Phys. D: Appl. Phys. 49 (2016) 045309
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the results are consistent with the Fowler–Nordheim mecha-

nism. Figure 4(a) shows the plot of Jln( ) versus V1/2 measured 

at various points in the BiFeO3 !lm in the voltage range from 

2 to 5 V. For the leakage current governed by the tunneling, 

J Vln / 2( ) versus 1/V plot shows linearity for bias voltage well 

bellow the gap, i.e. V  <  2 V (!gure 4(b)), as we have observed 

in our !lm. At low !elds, V  <  1.5 V the grain interior has 

shown a plain Ohmic behavior (see supplementary material 

(stacks.iop.org/JPhysD/49/045309/mmedia)). As opposed to 

the grain interior, I–V curves of the grain boundary have not 

followed any standard transport model.

The local current distributions and the I–V characteristic 

of the BiFeO3 !lm have been studied by the C-AFM. Current 

maps (C-AFM images) and topography images have been 

probed in the same spatial region of the sample. In C-AFM 

images, !gure 5, the bright parts are conducting regions, while 

the dark regions are non-conducting. From the morphological 

and PFM measurements we have found that the BiFeO3 !lm 

is inhomogeneous. A difference in electric transport proper-

ties between the grain interior and its boundary can appear for 

several reasons. Due to the different crystal orientation of the 

grains and the possible strain between the grains, the polariza-

tions of neighboring grains are not equal and generically point 

in different directions. Furthermore, different polarizations 

of the neighboring grains cause strong electric !elds in the 

region of the boundary between the grains. A similar phenom-

enon was observed in HoMnO3 [35].

Our measurements have demonstrated that the local con-

duction pathways of the BiFeO3 !lm coincide with the grain 

boundaries, while the interior of the grains remain insulating 

[36], as indicated in !gure 5, and consistent with the meas-

urements on the interior points of various grains, presented 

in !gure  3. The charge transport of BiFeO3 !lm has been 

Figure 5. (a) Topography and ((b)–(f)) current maps (C-AFM images) according to bias voltages V 2, 3, 4, 5, 6=  V respectively. Bright 
regions means higher current. Notice the enhanced conductivity at grain boundaries and no conductivity regions in the grains interior. 
Bright line indicates the places between two grains where we have measured the current as a function of the position (shown in !gure 6).

Figure 6. The current pro!les of cross-sectional analysis along the 
bright solid line in !gure 5.
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investigated at different applied bias voltages, both slightly 

smaller and larger than the band gap. Topography image 

(�gure 5(a)) and the corresponding C-AFM images at bias 

voltage ranged from 2 to 6 V (�gures 5(b)–(f)) have con�rmed 

high correlation between the granular structure of the �lm and 

the shape of the conduction pathways. Under low bias volt-

ages, narrow charge transport pathways form (�gures 5(b) and 

(c)) at the places that are low in the topographic image of the 

�lm, and are barely visible. As the bias voltage increases, both 

the width of the conduction pathways and the intensity of the 

current that !ows through them increases.

The evolution of the conduction pathways with the 

increasing bias voltage is shown in �gure  6. The current 

through the �lm has been measured at the points that lie both 

near the grain boundaries and deep within the grain, along 

line that crosses the grain boundary at the right angle. The 

measurements were repeated for various bias voltages. The  

geometry is indicated by the bright solid line in �gures 5(b)–(e).  

With the increase of the bias voltage, the conduction path 

broadens. Initial broadening is slow, the currents are weak, 

and the path is narrow as long as the bias voltage is below the 

band gap. At the bias voltage of about 4 V, which is larger than 

the band gap, the path suddenly broadens dramatically, and the  

local currents increase. At such high biases, the interior of the 

grain also begins to conduct. Similar behavior was previously 

observed in doped BiFeO3 �lm [28].

In order to better understand the microscopic charge trans-

port process in the grain boundaries, we have measured the 

I–V characteristics across the grain boundary and observed the 

changes in the conduction. A pair of particularly large grains 

and the boundary between them have been chosen, so that we 

can reach a relatively high spatial resolution when compared 

to the dimensions of the grains. Figure 7 shows topography 

(a) and C-AFM image (b) under the 4 V bias with a line across 

the grain boundary and 11 points on it. The I–V characteristics 

taken at these points are shown in �gure 7(c). As a general 

trend, the grain boundaries have almost Ohmic behavior, but 

at the point in the grain interior, the I–V characteristics are 

typical of semiconductors. Figure 7(d) shows the evolution of 

the band gap across the grain boundary. We have found the 

band gap of about 3.2 eV on the grain interior, consistent with 

the measurements on other grains, see �gure 3. As the probe 

approaches the boundary, the band gap narrows down. At the 

Figure 7. (a) Topography, (b) C-AFM image with line across the grain boundary, (c) I–V characteristics for 11-points across grain 
boundary and (d) behavior of the band gap as a function of the position of the grain boundary.

Figure 8. Dramatic I–V hysteresis in the grain interior (heavy line) 
and the absence of the hysteresis in the grain boundaries (thin line) 
of the BiFeO3 �lm. In the inset, the width of the hysteresis curve 
(w) is shown as a function of the position across the grain boundary. 
Solid line in the inset is a guide to the eye.
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three points located at the grain boundary (5, 6, and 7) the 

band gap is very narrow, and the material behaves similarly 

to a conductor. The fact that we do not �nd the band gap to 

be constant across the sample suggests that, at the level of 

single grains, the �lm is not homogeneous with well-de�ned 

and constant band structure throughout the sample.

The hysteretic dependence of polarization on the external 

electric �eld is well known in bulk ferroelectric BiFeO3. The 

hysteretic phenomena are necessary for the applications of 

BiFeO3 �lms in memory devices. Reorganization of charge 

associated with the variation of electric polarization causes 

strong internal �elds in the sample, and we may expect similar 

hysteretic behavior in the quantities related to the charge trans-

port. The I–V characteristics and the phenomenon of resistive 

switching in polycrystalline thin �lms shows some signatures 

of the hysteresis [37–39]. However, the hysteresis of electric 

polarization in the electric �eld exists only in insulators, whereas 

the conductors cannot support the electric �elds in the interior. 

We have studied the local hysteresis in the I–V curves, and have 

probed both the region where the grain is insulating, i.e. the 

grain interior, and the region where the grain is conductive, i.e. 

the grain boundary. We have de�ned the hysteresis width, w, 

as the difference of voltage that produces a 10 nA current in 

forward- and backward voltage sweep, see �gure 8. The hys-

teresis width vanishes at the grain boundary, and turns on in the 

interior with the characteristic length scale of 50 nm, see inset 

of �gure 8. The measured points are presented in �gure 7(b). 

Figure 8 shows the I–V curves in the forward and backward 

sweep at the grain interior (thick line) and at the grain boundary 

(thin line). Note that the typical grain diameter is 40 nm.

The bulk BiFeO3 shows both the ferroelectric and the anti-

ferromagnetic order. Both orders are characterized by hyster-

etic response to external �elds. We have found the hysteresis 

in conductivity in the interior of the grain, but not at the grain 

boundary (see �gure 8). Another property of the grain that can 

be studied locally is the density of states. We have measured 

the local density of states across the grain boundary and have 

found, again, the hysteretic behavior within the grain interior, 

but not on the boundary. We have chosen the center of the 

band gap as a representative quantity that describes the band 

structure. The de�nition of the center of band gap is illustrated 

graphically in the supplementary material (stacks.iop.org/

JPhysD/49/045309/mmedia). In a series of C-AFM measure-

ments, we have measured the density of states in a forward- 

and backward voltage sweeps at a set of points that extends 

across the grain boundary.

Figure 9(a) shows a C-AFM image of grain boundary. 

Within this region, we have recorded 11 I–V curves through 

three different lines (see picture). Three representative lines 

(1–3) across the leakage current pathways of different widths 

are selected for detailed study of the local density of states. 

The center of "at plateau in the I–V characteristics is de�ned 

as the center of the band gap. Figures 9(b)–(d) show the poten-

tial at the band gap centers, Vc, across marked lines 1–3 in 

�gure 9(a).

The density of states is hysteretic, and the center of the band 

gap is hysteretic within the grain, but not within the boundary 

layer, see �gure 9. The motion of the center of the band gap, 

Vc, as the probe position x moves in real space across the grain 

boundary is more pronounced in the backward voltage sweeps, 

Figure 9. (a) C-AFM image with 3 lines across grain boundary and ((b)–(d)) center of band gap across lines 1, 2, and 3 in the C-AFM 
image. Solid lines are a guide to the eye.
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and less in the forward ones. The local hysteresis is manifested 

by the difference in the positions of the band gap centers as 

measured in the forward- and backward voltage sweeps while 

the position of the probe within the sample is kept �xed. 

Comparison of the Vc(x) curves from the �gures 9(b)–(d) with 

the image of conductivity obtained by C-AFM shows that the 

narrower boundary region as de�ned by conductivity (�gure 

9(a)) also implies a narrower region with the absent hysteresis 

in Vc(x) (�gures 9(b)–(d)). Note, however that the boundary 

region as would naively be de�ned from I(V) is much narrower 

than the absence of hysteresis would imply.

In thin BiFeO3 �lms, a similar shift of the band gap 

was observed at the ferroelectric domain boundaries [40]. 

Discontinuity in polarization and the consequent charge 

accumulation on the surface causes potential discontinuity 

and moves the band gap. Such a potential difference should 

enhance the electrical conductivity by causing carriers in the 

material to accumulate at the domain wall to screen the polar-

ization discontinuity [41, 42]. In our sample, the grains are 

single domains, see above, and a similar charge accumulation 

appears at the boundaries between the grains.

4. Conclusions

We have observed a difference in electrical properties between 

the grain interior and the grain boundary in BiFeO3 thin �lm 

obtained by sol–gel spin coating process. Leakage current 

was more pronounced at the grain boundaries. The onset of 

large leakage current with the increasing bias voltage happens 

as the region of large conductivity expands from the grain 

boundaries towards the grain interiors. The leakage mecha-

nism in grain interior have been identi�ed with Schottky 

and Fowler–Nordheim processes, while the leakage current 

through the grain boundaries does not appear to be dominated 

by any standard mechanism of conduction. In the measurement 

with the local probes, we have also found that the band gap 

varies slightly among the different grains, but varies strongly 

between the grain boundary and the grain interior. In the grain 

interior, we have observed hysteresis in various properties of 

the material connected to the charge transport. The shape of 

the density of states is itself hysteretic. As a consequence, the 

conductivity as a function of slowly varying voltage is also 

hysteretic. As opposed to the grain interior, no hysteresis was 

observed with the local probe at the grain boundary.
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a b s t r a c t

Polycrystalline Bi1 xPr(Ce)xFeO3 ceramics (x ¼ 0, 0.03, 0.05 and 0.10) were prepared by auto-combustion
method using urea as a fuel. The influence of Pr(Ce) doping on structural, vibrational, morphological,
dielectric and ferroelectric properties of BiFeO3 polycrystalline ceramics was investigated. From X-ray
diffraction (XRD) and scanning electron microscopy measurements it was observed that Pr(Ce) doping
generated a reduction of the crystallite (grain) size of BiFeO3 and contraction of the rhombohedral cell
due to the increased compressive strain. The changes seen in the XRD and Raman spectra of 10% Pr(Ce)-
doped samples, pointed to a probable appearance of orthorhombic (pseudotetragonal) crystal structure.
The pristine BiFeO3 exhibited rounded shape, non-saturated ferroelectric hysteresis loop. The dielectric
constant and dielectric loss have shown strong dispersion at lower frequencies, typical for conductive
BiFeO3. Dielectric and ferroelectric properties at room temperature were improved with Pr doping.
Concerning the Ce-doped samples, only the 3% Ce-doped sample exhibited a better shaped hysteresis
loop and improved dielectric properties compared to the pristine BiFeO3. With further increase of Ce
content the ferroelectric properties degraded.

© 2015 Elsevier B.V. All rights reserved.

1. Introduction

Materials which exhibit multiferroic behavior are very rare, and
usually have low magnetic ordering temperature which constrains
their application [1]. Among multiferroic materials, BiFeO3 with a
rhombohedrally distorted perovskite structure of space group R3c,
belongs to a very few known magnetoelectric materials which
exhibits both ferroelectricity and magnetic ordering at and above
room temperature (ferroelectric Curie temperature TC ~ 1100 K and
Neel temperature TN ~ 640 K) [2,3]. These features make BiFeO3
particularly applicable in the fields of microelectronics, digital
recording or magnetoelectric sensors [4,5]. BiFeO3 can be poten-
tially used in ferroelectric random access memory (FeRAM) appli-
cations [6] due to large spontaneous polarization [7e9], but of
particular interest is to investigate the possible existence of
magnetoelectric coupling in BiFeO3 and its potential application in

magnetic random access memories (MRAM) [10]. However, main
disadvantages for the application of BiFeO3 in devices is low re-
sistivity (i.e. high leakage current) which causes large dielectric
loss, poor ferroelectric loop at room temperature and small
remnant polarization due to the presence of oxygen vacancies and
secondary phases.

Doping of BiFeO3 with rare earth ions at A-site [11e15], as well
as doping with alkaline earth divalent ions such as Ca2þ, Ba2þ and
Sr2þ [16] proved to be an effective way to improve its ferroelectric
properties. In fact, A-site doping with ions of smaller radius in-
fluences the FeeOeFe bond angle, giving a more insulating char-
acter to BiFeO3 [17]. The codoping with 4f elements at A-site and 3d
elements at B-site is another effective way to reduce the leakage
current in BiFeO3 and to improve its multiferroic properties
[18e21]. In the majority of previous reports referring the rare earth
ions doping of BiFeO3, only a few studies have been devoted to the
investigation of ferroelectric properties of Pr(Ce)-doped BiFeO3
ceramics [22e26] or thin films [27e29]. It can be expected that Bi
substitutionwith Pr3þ/4þ(Ce3þ/4þ) ions will prevent Bi volatilization
and reduce the oxygen vacancy concentration, enhancing at the
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same time the insulating properties of BiFeO3. Furthermore, Pr(Ce)
doping can induce larger structural distortion and, even a structural
transformation in BiFeO3, which can have strong influence on
ferroelectric properties of these materials [29,30].

In this paper, Pr(Ce)-doped BiFeO3 ceramics were synthesized
by auto-combustion method which represents a very facile, fast
and low-cost method. A systematic study of the effect of Pr(Ce)
doping on the structural, vibrational, ferroelectric, and dielectric
properties of BiFeO3 ceramics has been reported.

2. Experimental details

Pristine and Pr(Ce)-doped BiFeO3 (Bi1 xPr(Ce)xFeO3, x ¼ 0.03,
0.05 and 0.1) polycrystalline samples were synthesized by auto-
combustion method using urea as a fuel. The fuel, besides
providing the energy for the reaction, acts as a complexant and
prevents the precipitation of metal ions in the form of hydroxides
[31]. The Bi1 xPr(Ce)xFeO3 precursor solutions were prepared
using Bi(NO3)3$6H2O (Alfa Aesar, 98.0%), Ce(NO3)3$6H2O (Acros
Organics, 99.5%), Pr(NO3)3$6H2O (SigmaeAldrich, 99.9%),
Fe(NO3)3$9H2O (Alfa Aesar, 98.0e101.0%), HNO3 (65%) and urea
(Riedel-de Haen, 99.0e100.5%) as starting materials. The iron(III),
cerium and praseodymium nitrates were dissolved in a minimal
amount of distilled water, whereas bismuth nitrate was dissolved
in a minimal amount of diluted nitric acid. The solutions were
mixed and stirred for 15 min, after which the solution of urea was
added. The molar ratio of urea to nitrates was 5:1. The obtained
suspension was stirred and heated at 80e90 "C. During the heat-
ing a small amount of the precipitate, formed after urea addition,
was dissolved and the clear solution was obtained. After a partial
water evaporation, a yellow-white precipitate was formed and the
solution was turned into gel. At the same time the self-ignition
started. The reaction was fast and had finished in a few minutes.
Large amount of gasses was released, without a flame. A black
resin, remained after the auto-combustion reaction, was dried at
150e200 "C for one hour. The dried product was then grinded in a
mortar and the obtained reddish powder was annealed at 600 "C
for two hours with a heating rate of 10 "C/min. The powders were
pressed into disks under the pressure of 300 MPa and sintered at
800 "C for 1 h in a closed dish, together with a small amount of
Bi2O3 added in order to compensate the Bi loss during the heat
treatment.

The structure and crystallinity of the Bi1 xPr(Ce)xFeO3 poly-
crystalline ceramics were investigated by X-ray diffraction (XRD)
method, using Phillips PW1710 diffractometer with Cu Ka radia-
tion. The surface morphology was studied by scanning electron
microscopy (SEM, TESCAN SM-300). SEM micrographs were
recorded on gold sputtered non-treated surfaces of ceramic
samples.

Raman spectra were recorded in backscattering configuration
using Tri Vista 557 Raman system equipped with a nitrogen-cooled
CCD detector. The l ¼ 514.5 nm line of Arþ/Krþ mixed laser was
used as an excitation source with an incident laser power less than
60 mW in order to minimize the heating effects. The ferroelectric
hysteresis loops were acquired at 1 kHz using a Radiant Precision
Multiferroic Analyzer. The dielectric properties of the samples were
examined in the frequency range from 80 Hz to 120 kHz using a
Digital Programmable LCR Bridge HM8118 (Hameg). Each sample
was placed in a closed capacitor cell housed in a Faraday cage with
an AC signal of 1.5 V applied across the cell. The disk-shaped
samples had a diameter close to the diameter of cell electrodes
(8 mm). The same capacitor cell and Digital LCR Meter 4285A (HP/
Agilent) were also used for the measurement of the dielectric
properties at frequencies from 80 kHz to 8 MHz. All measurements
were performed at room temperature.

3. Results and discussion

3.1. Structural and morphological properties

Fig. 1a shows XRD patterns of pristine BiFeO3 and Bi1 xPrxFeO3
ceramics. All diffraction peaks of the pristine BiFeO3 sample match
with the rhombohedral structure (R3c) without the presence of a
secondary phase. Polycrystalline Bi1 xPrxFeO3 samples crystallize
in a slightly distorted R3c structure. The slight lattice distortion is
manifested by a gradual shift of XRD peaks to higher 2q values with
Pr doping. The shift of XRD peaks to higher 2q values can be
ascribed to the unit cell contraction i.e. the decrease in lattice pa-
rameters due to the substitution of Bi3þ ions with smaller Pr
dopant. The unit cell parameters of pristine BiFeO3 and

Fig. 1. X-ray diffraction patterns of the a) Bi1 xPrxFeO3 and b) Bi1 xCexFeO3 samples
(0 $ x $ 0.1). The (*) and (#) designate the appearance of additional phases discussed
in the text.
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Bi1 xPrxFeO3 samples are listed in Table 1. As can be seen from
Table 1, with increasing Pr content, a reduction of both a and c

lattice parameters, i.e. a contraction of the BiFeO3 lattice, was
observed.

The doublet peaks corresponding to the (104) and (110) planes
around 2q ~ 32!, and (116) and (122) planes around 2q ~ 52!, with
doping were shifted to higher 2q values and almost merged into a
single peak for the 10% Pr-doped sample. According to the literature
data [32e34], these changes point to the beginning of partial phase
transition from a rhombohedral (R3c) to an orthorhombic (Pbnm)
structure. The enlarged 2q regions where these peaks appear are
presented in the insets of Fig. 1a. The partial structural transition
can produce a distortion of the FeO6 octahedron due to the changes
in FeeO bond length and OeFeeO bond angles, affecting the
electrical properties of BiFeO3 [33,35]. Moreover, no additional
peaks related to a secondary phase or other impurity phases have
been observed in the sintered samples, implying a good solubility
of Pr dopant in the BiFeO3 lattice.

The XRD patterns of Bi1 xCexFeO3 samples are presented in
Fig. 1b and indexed to the rhombohedral BiFeO3 structure. How-
ever, some weak diffraction peaks (marked with an asterisk) which
correspond to a mullite (Bi2Fe4O9) phase [36] appeared and became
more pronounced with increased content of Ce dopant. As in the
case of Bi1 xPrxFeO3 samples, lattice parameters (a and c) slightly
decreased (see Table 1) implying that Ce substitution leads to the
contraction of the unit cell and distortion of R3c structure. In
addition, with increasing Ce content the peak at 2q ~ 46! (marked
with #) splits into two peaks. This is particularly noticeable for the
10% Ce-doped sample. According to Liu et al. [29], these peaks can
be indexed as (200) and (002) peaks of pseudotetragonal structure.
Such a behavior suggests that in 10% Ce-doped sample partial
structural transformation from a rhombohedral to the pseudote-
tragonal phase started.

The crystallite size and strain in the Bi1 xPr(Ce)xFeO3 poly-
crystalline samples were calculated using the Williamson-Hall
(WeH) plots [37] and are presented in Table 1. The example of
WeH plots for pure and 3% Pr(Ce)-doped BiFeO3 samples are given
in Fig. S1. From Table 1, it can be seen that the average crystallite
size was reduced with doping, whereas the strain values increased
and reached the highest value for the 10% Pr(Ce)-doped samples. It
can be concluded that Pr(Ce) doping induces increased compres-
sive strain responsible for the BiFeO3 lattice contraction. The similar
contraction of the BiFeO3 lattice due to the compressive strain
(stress) has been seen in Sm-doped BiFeO3 thin films [38].
Furthermore, the increased strain in Bi1 xPr(Ce)xFeO3 samples can
produce a distortion of rhomohedral structure, which can induce
gradual structural phase transformation as in a case of Y-doped
BiFeO3 nanopowders [39].

The surface morphology of BiFeO3 and Bi1 xPr(Ce)xFeO3
(x ¼ 0.05, 0.1) samples is shown in Fig. 2. The undoped (Fig. 2a) and
Pr-doped BiFeO3 samples (Fig. 2b and c) exhibit rather dense
microstructure (82 and 78% of the theoretical density for undoped
BiFeO3 and 10% Pr-doped samples) with a clearly visible grains and

grain boundary. The morphology of Ce-doped samples (Fig. 2d and
e) is different from that of pure and Pr-doped samples. These
samples exhibit less pronounced grain boundary microstructure
with increased intergranular porosity and lower sample density
(65% of the theoretical density for 10% Ce-doped sample). SEM
images showed that in Pr(Ce)-doped samples the grain size
decreased. The grain size decrease in Pr(Ce)-doped samples can be
explained by inhibiting effect of increased Pr(Ce) dopant content on
grain growth or can be attributed to the suppressed oxygen vacancy
formation in these samples, as oxygen vacancies favorize the grain
growth during the sintering process [33]. In addition, if there is a
decrease of oxygen vacancy concentration, the reaction rate in the
solid phase is slowed down, grains remain smaller and the

Table 1

The lattice parameters, average crystallite size and strain values for Bi1 xPr(Ce)xFeO3 samples.

Samples Lattice parameter a (Å) Lattice parameter c (Å) Strain (%) Crystalite size (nm)

BiFeO3 5.617 ± 0.004 13.760 ± 0.010 0.10 ± 0.02 28.9 ± 2.2
Bi0.97Pr0.03FeO3 5.587 ± 0.005 13.686 ± 0.012 0.16 ± 0.03 22.2 ± 1.6
Bi0.95Pr0.05FeO3 5.582 ± 0.003 13.672 ± 0.007 0.18 ± 0.04 21.9 ± 1.9
Bi0.90Pr0.10FeO3 5.576 ± 0.004 13.657 ± 0.009 0.36 ± 0.05 19.3 ± 1.9
Bi0.97Ce0.03FeO3 5.597 ± 0.004 13.735 ± 0.013 0.20 ± 0.01 25.2 ± 0.9
Bi0.95Ce0.05FeO3 5.598 ± 0.005 13.736 ± 0.010 0.24 ± 0.01 24.0 ± 1.6
Bi0.90Ce0.10FeO3 5.595 ± 0.003 13.730 ± 0.011 0.32 ± 0.04 22.9 ± 2.6

Fig. 2. SEM images of the surface morphology of a) BiFeO3, b) Bi0.95Pr0.05FeO3, c)
Bi0.90Pr0.10FeO3, d) Bi0.95Ce0.05FeO3, and e) Bi0.90Ce0.10FeO3 samples.
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densification is weaker.

3.2. Raman analysis

The structural evolution of BiFeO3 structure with Pr(Ce) ion
substitution can be reflected through the Raman spectra as well.
For R3c rhombohedral structure, the group theory analysis predicts
13 Raman active modes (4 A1 and 9 doubly degenerate E modes)
[40e45], but the number of clearly seen Raman modes at room
temperature is much less than predicted [43]. The room

temperature Raman spectra of BiFeO3 and Bi1 xPr(Ce)xFeO3 sam-
ples are presented in Fig. 3.

In the Raman spectrum of BiFeO3 sample (Fig. 3a), two A1modes
at 171 and around 218 cm 1 [39] and two E modes at 75 and
265 cm 1 [43] can be clearly seen. The strong andwide Raman peak
at 136 cm 1 is composed of twomodes, E mode at 132 cm 1 and A1
mode at around 140 cm 1, which can be resolved by parallel po-
larization measurements at low temperatures [43]. The other E
phonon modes at around 330, 368, 428, 475, 520 and 599 cm 1 are
barely visible. In the Raman spectra of Bi1 xPrxFeO3 samples, the E
mode at 75 cm 1 and A1 mode at around 218 cm

 1 exhibit shift to
higher frequencies. The Raman peak at 136 cm 1 is also shifted to
higher frequencies. After deconvolution of the 136 cm 1 peak using
Lorentzian profiles, the position of the E mode remained un-
changed, whereas the A1 mode was shifted to higher frequencies
(see dashed line in Fig. 3a). The other Emodes (around 475, 520 and
599 cm 1) become more prominent with increasing Pr content. In
the Raman spectra of Bi1 xCexFeO3 samples, more pronounced
changes in the Ramanmodes position and intensity are observed in
the case of 10% Ce-doped sample.

The exact positions of the Raman modes in the 10% Pr(Ce)-
doped samples, for which the possible structural phase trans-
formation was observed, were determined using the Lorentzian fit.
In Fig. 3c are shown the deconvoluted Raman spectra of BiFeO3,
Bi0.90Pr0.10FeO3 and Bi0.90Ce0.10FeO3 samples. The obtained mode
positions are summarized in Table 2.

As can be seen from Table 2, the E and A1modes (75, 140 cm
 1)

which are related to BieO bonds, as well as the E modes (428, 520
and 599 cm 1) which are characteristic for the FeeO bonds [44,46],
are shifted to higher frequencies for both Bi0.90Pr0.10FeO3 and
Bi0.90Ce0.10FeO3 samples. The A1mode at around 218 cm

 1, which is
characteristic for BieO bonds is shifted to higher frequencies in
Bi0.90Pr0.10FeO3 sample. The blueshift of the E and A1 modes, for
which the contribution of BieO bonds dominates, is expected when
the substitution with smaller atomic mass Pr(Ce) ions at Bi-site
happens, because the Raman mode frequency is dependent on
the atomic mass (M) of the substituent according to the relation
u ~ (k/M)1/2 [22,26]. The appearance of the increased compressive
strain in BiFeO3 lattice with increased amount of Pr(Ce) dopant is
also responsible for the blueshift of the frequency of the Raman A1
and E modes, characteristic for both BieO and FeeO bonds.

The Emode at 599 cm 1, which is of low intensity in the pristine
BiFeO3 and almost invisible in Bi0.90Ce0.10FeO3, becomes very
prominent in Bi0.90Pr0.10FeO3 sample. Compared to the pristine
BiFeO3, the relative intensity ratio of A1 modes at about 140 and
171 cm 1 (I140/I171) is increased in 10% Pr(Ce)-doped samples (I140/
I171¼0.69, 1.1, and 2.1 for BiFeO3, 10% Ce and 10% Pr-doped samples,
respectively). The change of the relative intensity of these two A1

Fig. 3. Room-temperature Raman spectra of (a) Bi1 xPrxFeO3 and (b) Bi1 xCexFeO3
samples (0 " x " 0.1), together with (c) deconvoluted Raman spectra of BiFeO3,
Bi0.90Pr0.10FeO3 and Bi0.90Ce0.10FeO3 samples.

Table 2

Positions of the Raman modes for BiFeO3, Bi0.90Pr0.10FeO3, and Bi0.90Ce0.10FeO3
samples.

Raman modes (in cm 1) BiFeO3 Bi0.90Pr0.10FeO3 Bi0.90Ce0.10FeO3

E 75.4 81.2 77.4
E 132.3 132.9 132.7
A1 140.8 144.5 145.0
A1 171.2 172.7 169.6
A1 218.7 231.6 217.5
E 265.2 269.0 265.1
E 330.6 333.3 331.3
E 368.6 376.0 367.1
E 428.4 440.6 429.2
E 475.8 475.0 476.8
E 520.4 532.8 526.9
E 599.2 617.7 611.7
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modes reflects the change in BieO bonds and the stereochemical
activity of Bi lone electron pair with Pr(Ce) doping [23]. Further-
more, any changes in the position or intensity of the 140, 171 and
599 cm 1 modes are related to the changes in the ferroelectric
properties of BiFeO3 as well [22,45]. In the Raman spectrum of
Bi0.90Ce0.10FeO3 appears an additional mode (marked with an
asterisk in Fig. 3c) at around 553 cm 1. This mode can be ascribed to
the mode of Bi2Fe4O9 phase [47]. The appearance of this mode is in
accordance with the XRD pattern of Bi0.90Ce0.10FeO3 in which the
presence of a mullite phase has been seen. The changes observed in
the Raman spectra of doped samples gave a clear evidence about
the lattice distortion induced by Pr(Ce) doping.

3.3. Dielectric properties

The frequency dependence of the dielectric constant (ε0) and
loss tangent (tan d) of Bi1 xPr(Ce)xFeO3 samples are shown in
Fig. 4. It can be observed from Fig. 4a that the dielectric constant of
the pristine BiFeO3 at low frequencies has the highest value
(ε0 ¼ 159) and shows a strong dispersion in the low-frequency
region. Such a behavior is characteristic for the presence of oxy-
gen or bismuth vacancies, which are responsible for the appear-
ance of charge carriers at grain boundaries or interfaces (i.e. the
local space charge), and an increased conductivity in BiFeO3 [48].
The contribution of the local space charge to the dielectric con-
stant usually manifests as a strong dispersion at low frequencies.
The presence of oxygen vacancies also increases the probability of
a hopping conduction mechanism between Fe2þ and Fe3þ ions,
which can be reflected through an increased value of the dielectric
constant [48].

The dielectric constant of Pr(Ce)-doped samples significantly
decreases and exhibits much smaller dispersion at low fre-
quencies (Fig. 4a). The overall decrease of the dielectric constant
can be attributed to a reduced conductivity and a decreased space
charge relaxation at the interface [49], but can also originate from
the contraction of the unit cell volume when Bi ions are
substituted with smaller Pr(Ce) ions. The unit cell contraction can
result in a decreased polarization because of less free volume for
the displacement of Fe3þ ions in FeO6 octahedra. The dielectric
constant of Bi1 xPrxFeO3 samples exhibits relatively small
(x ¼ 0.03, 0.05) or almost no dielectric dispersion (x ¼ 0.1). Such a
behavior can be explained by the fact that the incorporation of
Pr3þ/4þ ions into the BiFeO3 lattice reduces the oxygen vacancy
concentration and conductivity of BiFeO3 [49, 29]. Ce-doped
samples (x ¼ 0.03, 0.05) have lower value of dielectric constant

than Pr-doped ones and show almost no frequency dispersion.
The value of dielectric constant and its dispersion increases for the
Bi0.90Ce0.10FeO3 sample. The increase of dielectric constant can
originate from the increased oxygen vacancy concentration and
the appearance of local space charges at the grain boundaries or
interfaces [48,49]. The change of the dielectric constant with
frequency in BiFeO3 and Bi1 xPr(Ce)xFeO3 samples can be well
explained by the MaxwelleWagner relaxation effect which refers
to the interfacial polarization [48,49].

The loss tangent (tan d) shows a similar variation with fre-
quency as the dielectric constant. At low frequencies, the loss
tangent of the undoped BiFeO3 sample shows a higher value, due
to the increased defect concentration and conductivity and shows
a broad relaxation peak in the intermediate frequency range
(10 kHze1 MHz). The broad relaxation peaks are usually caused by
inhomogenous grain conductivity [49]. The tan d curves show
dispersive characteristics in the low-frequency region for Pr-
doped samples, with much less pronounced relaxation peaks. At
frequencies higher than 10 kHz, the value of tan d is reduced and is
significantly lower than in the pristine BiFeO3, due to reduced
oxygen vacancy concentration and conductivity. The Ce-doped
samples with lower content of Ce (x ¼ 0.03, 0.05) have low value
of tan d over the whole frequency range. The tan d becomes much
higher in the case of Bi0.90Ce0.10FeO3 sample, pointing to increased
conductivity of Bi0.90Ce0.10FeO3 sample.

3.4. Ferroelectric properties

The ferroelectric hysteresis (PeE) loops for Bi1 xPr(Ce)xFeO3
samples are presented in Fig. 5. In the inset of Fig. 5b is given PeE
loop of the pristine BiFeO3.

The BiFeO3 exhibited a rounded shape i.e. a non-saturated
(lossy) PeE loop, and was not able to withstand applied electric
field stronger than 2 kV, which is typical for a conductive BiFeO3
material. The ferroelectric performances of pristine BiFeO3 are
consistent with the dielectric measurements. The ferroelectric
loops of the Pr(Ce)-doped samples (Fig. 5a and b), exhibited less
pronounced leakage effect than for the pristine BiFeO3, but were
still non-saturated. This is an expected behavior, since the incor-
poration of Pr3þ/4þ(Ce3þ/4þ) ions in the BiFeO3 lattice should sup-
press the formation of bismuth and oxygen vacancies. With
increasing Pr content, the maximal polarization (PM) and the
remnant polarization (PR) have increased and reached the values of
0.4 and 0.35 mC/cm2 for Bi0.90Pr0.10FeO3. The PM and PR values are
comparable with the previously reported data on BiFeO3 ceramics

Fig. 4. Room temperature (a) dielectric constant (ε0) and (b) loss tangent (tan d) of Bi1 xPr(Ce)xFeO3 samples (0 $ x $ 0.1) as a function of frequency.
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doped with similar content of Pr [24,49]. However, the breakdown
electric field for Pr-doped samples is still as low as in the case of the
pristine BiFeO3.

Initial Ce doping increases the ability of BiFeO3 to withstand
higher electric fields [50], in our case up to 100 kV/cm. This
enhancement can be attributed to a decrease of oxygen vacancy
concentration, as the substitution of Bi ions with higher valence
Ce4þ ions would suppress the formation of oxygen vacancies and
consequently reduce the leakage current. The polarization has the
highest value of about 0.56 mC/cm2 in the 3% Ce-doped sample, and
the PR value is about 0.1 mC/cm2. With further increase of Ce con-
tent, the values of PM, PR and coercive field decreased and the
samples exhibited a poor PeE loop. This result suggests that the
ferroelectric properties were degraded with further increase of Ce
content.

Several reasons can be responsible for the lower values of PR in
Pr(Ce)-doped samples. The contraction of BiFeO3 unit cell with
Pr(Ce) doping, i.e. the partial phase transition from rhombohedral
to orthorhombic (pseudotetragonal) phase can reduce the remnant
polarization, as the direction of the spontaneous polarization can
be changed [51,29]. Another reason can be found in lowering of the
crystal anisotropy and a decrease of Curie temperature with rare
earth ion doping [52,53].

Therefore, we can conclude that Pr(Ce) doping causes a

distortion of R3c structure and in 10% Pr(Ce) doped samples, there
is an indication that partial structural phase transformation from
rhombohedral to orthorhombic (pseudotetragonal) phase started.
Pr doping suppresses the formation of oxygen vacancies,
decreasing the conductivity of Pr-doped BiFeO3 samples. In the case
of Ce-doped samples, improved dielectric and ferroelectric prop-
erties exhibited the sample with 3% of Ce. Further increase of Ce
content caused the deterioration of ferroelectric properties and in
the 10% Ce-doped sample both the dielectric and ferroelectric
properties of BiFeO3 ceramics were degraded. The reduction of
ferroelectric polarization for Bi0.95Ce0.05FeO3 sample can originate
from the presence of impurity Bi2Fe4O9 phase which increases the
conductivity of BiFeO3. Further, deterioration of dielectric and
ferroelectric properties for Bi0.90Ce0.10FeO3 can originate from
lower percentage of Ce4þ ions in this sample (see Fig. S2
Supplementary material) and increasing content of Bi2Fe4O9
phase. On the other hand, the increased Ce content can decrease
the stereochemical activity of Bi ions and can lead to the partial
transition from ferroelectric to paraelectric phase, like in La-doped
BiFeO3 [54].

4. Conclusion

In summary, polycrystalline Bi1!xPr(Ce)xFeO3 ceramics (x ¼ 0,
0.03, 0.05 and 0.10) were prepared by auto-combustion method.
SEM and XRD analysis have shown that the crystallite and grain
sizes slightly decreased in Pr(Ce)-doped samples, whereas the
compressive strain increased. XRD and Raman spectra of 10%
Pr(Ce)-doped samples pointed to probable appearance of ortho-
rhombic (pseudotetragonal) phase. The presence of secondary
phase was evident only in Ce-doped samples. The pristine BiFeO3
showed lossy PeE loop, large dispersion of dielectric constant and
tan d at low frequencies, and a broad relaxation peak in tan d in the
intermediate frequency range. The dielectric properties were
improved by the Pr substitution, i.e. the dielectric constant had
lower values than in the pristine BiFeO3 and exhibited smaller or
almost no dispersion in the investigated frequency range, whereas
with increasing Pr content the loss tangent decreased and had low
values at higher frequencies. Pr-doped samples exhibited better
shaped ferroelectric loops with much less pronounced leakage ef-
fect. The remnant and maximal polarization increased with
increased Pr doping. Such an improvement in dielectric and
ferroelectric properties can be attributed to decreased interfacial
polarization and reduced conductivity of BiFeO3 ceramic samples.
Regarding the Ce-doped samples, the best dielectric and ferro-
electric properties were observed in the 3% Ce-doped sample,
whereas with further increase of Ce dopant up to 10% these prop-
erties were degraded. The reduced polarization and increased
dielectric loss may be attributed to the appearance of conducting
Bi2Fe4O9 phase and decreased stereochemical activity of Bi-sites by
Ce doping due to the possible appearance of the pseudotetragonal
phase.
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Fig. 5. Room-temperature PeE hysteresis loops for (a) Bi1!xPrxFeO3 and (b) Bi1!xCexFeO3
samples (0.03 # x # 0.1). In the inset is presented PeE hysteresis loop for the pristine
BiFeO3.
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A B S T R A C T

We have studied Ho-doped BiFeO3 nanopowders (Bi1−xHoxFeO3, x = 0–0.15), prepared via sol-gel method, in

order to analyse the effect of substitution-driven structural transition on dielectric and ferroelectric properties of

bismuth ferrite. X-ray diffraction and Raman study demonstrated that an increased Ho concentration (x ≥ 0.1)

has induced gradual phase transition from rhombohedral to orthorhombic phase. The frequency dependent

permittivity of Bi1−xHoxFeO3 nanopowders was analysed within a model which incorporates Debye-like di-

electric response and dc and ac conductivity contributions based on universal dielectric response. It was shown

that influence of leakage current and grain boundary/interface effects on dielectric and ferroelectric properties

was substantially reduced in biphasic Bi1−xHoxFeO3 (x > 0.1) samples. The electrical performance of

Bi0.85Ho0.15FeO3 sample, for which orthorhombic phase prevailed, was significantly improved and

Bi0.85Ho0.15FeO3 has sustained strong applied electric fields (up to 100 kV/cm) without breakdown. Under

strong external fields, the polarization exhibited strong frequency dependence. The low-frequency remnant

polarization and coercive field of Bi0.85Ho0.15FeO3 were significantly enhanced. It was proposed that defect

dipolar polarization substantially contributed to the intrinsic polarization of Bi0.85Ho0.15FeO3 under strong

electric fields at low frequencies.

1. Introduction

Multiferroics, materials which simultaneously exhibit at least two

ferroic properties among electric, magnetic, and elastic responses, are

quite rare. They are of great interest for both fundamental physics and

potential applications. Among multiferroic materials, bismuth ferrite

(BiFeO3) possesses unique property, i.e. exhibits multiferroic behavior

at room temperature. Having high ferroelectric (TC ~ 1100 K) and

antiferromagnetic (TN ~ 640 K) transition temperatures, BiFeO3 is a

promising material for the applications in spintronic devices, elec-

trically controlled magnetic memories and functional sensors [1,2].

Nevertheless, problems of low resistivity and sinterability and appear-

ance of secondary phases present a serious obstacle for the application

of BiFeO3 (BFO) in devices. BFO suffers from high leakage current

which causes large dielectric loss and degradation of the ferroelectric

properties. The main cause of leakage is disorder, usually in the form of

charge defects, like oxygen or bismuth vacancies and secondary phases.

Attempts at minimizing the leakage current density through doping

with rare earth ions at Bi sites, have led to improvement of electric and

magnetic properties of BFO [3–6]. These studies have demonstrated

that substitution of Bi sites with rare-earth ions effectively controls the

volatility of Bi3+ ions and the amount of defects, while suppressing the

secondary phase appearance.

Despite a significant body of work dealing with rare-earth doped

BFO [3,4,7–10], BFO doped with Ho is less investigated. There are

several studies dealing with the influence of Ho doping on leakage

current, and on magnetic or ferroelectric properties of BFO, for which

BFO is either phase stabilized [11–16] or exhibits biphasic character

with increased Ho doping [17–20]. Among these studies, only Song and

coauthors [20] showed that dielectric constant was significantly in-

creased with small amount of Ho substitution (x = 0.05, 0.10) for

which BFO retained rhombohedral structure and then decreased when

the orthorhombic phase appeared with higher doping (x = 0.15, 0.20).

They also deduced that the dielectric loss of doped samples behaves in a

complicated manner, probably influenced by the conductivity of ma-

terial. Song and coauthors did not analyse the reasons of obtaining

http://dx.doi.org/10.1016/j.ceramint.2017.09.038
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colossal dielectric constant, nor assumed that quite often these phe-

nomena can be explained by Maxwell-Wagner-type contributions of

depletion layers at the interface between sample and contacts or at

grain boundaries. Furthermore, it is quite reasonable to assume that

various polarization mechanisms can appear in biphasic BFO and in-

fluence the dielectric and ferroelectric properties of BFO. To the best of

our knowledge, influence of structural phase transformation caused by

Ho doping on polarization mechanisms, which can exert a strong in-

fluence on the dielectric and ferroelectric properties of BFO, has not

been studied.

Herein, we investigated how the structural phase transformation

induced by Ho doping influenced the dielectric and ferroelectric

properties of Bi1−xHoxFeO3 nanopowders. Detailed analysis of the

frequency dependent permittivity, using combined model which in-

corporated Debay-like dielectric relaxation, as well as dc and ac con-

ductivity contributions, was performed. This analysis enabled us to

estimate the influence of leakage current and grain boundary/interface

effects on the dielectric and ferroelectric properties of single phase and

biphasic Bi1−xHoxFeO3 nanopowders. Origin of improved electric per-

formances of biphasic Bi1−xHoxFeO3 nanostructures, for which or-

thorhombic phase prevailed, was discussed in detail. These results may

provide new insight into modified electrical properties of BiFeO3 by Ho

doping, which can be important for potential applications.

2. Experimental procedure

2.1. Materials synthesis

Bi1−xHoxFeO3 (x = 0, 0.05, 0.07, 0.10, 0.12, and 0.15) powders

were synthesized by a sol-gel method. The stoichiometric amounts of

bismuth nitrate (Bi(NO3)3·6H2O), iron nitrate (Fe(NO3)3·9H2O), and

holmium nitrate (Ho(NO3)3·5H2O) were used. 2-Methoxyethanol and

acetic acid (CH3COOH) were mixed and stirred for 30 min, before

adding the nitrates. Obtained solutions were stirred and heated at 80 °C.

After a partial liquid evaporation, the solutions have turned into brown

gels. The gels were dried for 45 min at 150 °C. Dried samples were

calcinated at 650 °C for 6 h. The pristine and doped samples were

named according to the Ho content as BFO, BHFO5, BHFO7, BHFO10,

BHFO12 and BHFO15.

2.2. Materials characterization

The phase composition and crystal structure of Bi1−xHoxFeO3

samples were analysed using X-ray diffractometer Rigaku Ultima IV

with nickel filtered Cu Kα radiation in the 2θ range of 10–80° with the

step of 0.02° and the scanning rate of 0.5°/min. XRD pattern analysis

was performed using Powder Cell programme (http://powdercell-for-

windows.software.informer.com/2.4/) [21]. The TCH pseudo-Voigt

profile function gave the best fit to the experimental data. The surface

morphology was studied by scanning electron microscopy (SEM,

TESCAN SM-300). The micro-Raman spectra were measured at room

temperature using a Jobin Yvon T64000 spectrometer equipped with a

nitrogen-cooled CCD detector. The λ = 532 nm line of solid state

Nd:YAG laser was used as an excitation source with an incident laser

power less than 40 mW in order to minimize the heating effects. The

dielectric properties of the samples were examined in the frequency

range of 80 Hz to 8 MHz. The Digital Programmable LCR Bridge

HM8118 (Hameg) was used in the range 80 Hz–120 kHz, and the Di-

gital LCR Meter 4285 A (HP/Agilent) was used in the range

80 kHz–8 MHz. Each sample was placed in a closed capacitor cell

housed in a Faraday cage with an AC signal of 1.5 V applied across the

cell. The disk-shaped samples had a diameter close to the diameter of

the cell electrodes (8 mm). Standard bipolar measurements in the fre-

quency range 1 Hz–1 kHz were performed on Precision Multiferroic

Test System (Radiant Technologies, Inc.), using a triangular electric

field waveform. All measurements were performed at room tempera-

ture.

3. Results and discussion

Fig. 1(a) shows XRD patterns of the Bi1−xHoxFeO3 (0≤x≤0.15)

samples. The XRD pattern of pristine BFO matches the rhombohedral

R3c structure with a presence of weak diffraction peaks which corre-

spond to the orthorhombic Bi2Fe4O9 secondary phase of Pbam space

group (Nο 55, ICSD #20067). XRD spectra of the BHFO5 and BHFO7

samples maintain R3c structure. No secondary peaks were detected in

BHFO5 sample, whereas the traces of secondary phase were observed in

the BHFO7 sample. Addition of Ho dopant induced a gradual broad-

ening of XRD peaks and their shifts towards higher angles. These

changes suggest structural distortion of BFO lattice and can be attrib-

uted to the unit cell contraction due to the substitution of Bi3+ ions

with smaller Ho3+ dopant. Significant changes with increased Ho

concentration were observed in doublet (104) and (110) diffraction

peaks at 2θ ~ 32°. These peaks were shifted towards larger 2θ values,

and in the samples with higher Ho content (x > 0.07) they gradually

merged into a single broad peak (BHFO15 sample). In addition, the

(006), (116) and (202) diffraction peaks of R3c phase became weak and

disappeared in the samples with higher Ho concentration (x > 0.1). In

the spectra of BHFO12 and BHFO15 samples, a new single peak ap-

peared at 2θ ~ 38°, whereas additional peak at 2θ ~ 25° was found in

BHFO15 sample.

Such changes have already been seen in the XRD spectra of doped

Fig. 1. a) X-ray diffraction patterns and b) volume phase fraction analysis of the Bi1−xHoxFeO3 (0≤x≤0.15) samples.
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BiFeO3 nanoparticles [17,22], ceramics [23–25] and films [26], and

were ascribed to the presence of orthorhombic phase. All these notable

changes in the XRD spectra indicate structural phase transformation

from rhombohedral to orthorhombic phase in the samples doped with

higher Ho content (x = 0.10, 0.12 and 0.15). Bi2Fe4O9 phase is still

present in the BHFO10 sample, but with further increase of Ho doping

(BFHO12 and BFHO15 samples) the secondary Bi2Fe4O9 phase is

completely suppressed. Furthermore, the absence of diffraction peaks

which correspond to Ho oxides, even at higher concentrations, implies

that Ho ions have entered substitutionally into BFO lattice.

The measured XRD patterns were further refined using PowderCell

programme in order to calculate the structural parameters and estimate

the volume fraction of each phase. The best fits of the measured data

were obtained using rhombohedral R3c structure for BHFO5 and

BHFO7 samples. The orthorhombic phase appeared in BHFO10 samples

and with further Ho doping this phase becomes dominant in BHFO15

sample. Unit cell parameters and the estimated volume fractions of

different phases are presented in Table 1 for pristine and Ho-doped BFO

samples. The decreasing trend in lattice constants and the unit cell

contraction of R3c phase confirm that Bi3+ ions are substituted with

smaller Ho3+ ions. A similar behavior has been reported in Tb-doped

BiFeO3 [10] as well as in rare-earth doped BiFeO3 ceramics [27,28].

The slight increase of R3c phase lattice parameters in BHFO10 and

BHFO12 samples can be ascribed to increased strain at phase boundary

between rhombohedral and orthorhombic crystal structure. Levin et al.

have also found abrupt expansion of the R3c unit cell volume at the

rhombohedral-orthorombic phase transition in Nd-substituted BiFeO3

[29]. The results of quantitative phase analysis of the Bi1−xHoxFeO3

samples are presented in Fig. 1(b).

The influence of structural changes on surface morphology of BFO is

illustrated in Fig. 2, where the SEM images of pristine and BHFO15

samples are shown for comparison. Changes in the surface morphology

are clearly visible. Certain amount of intergranular porosity and non-

uniformity of particles can be observed in the BFO sample, including

very small spherical particles and big clumps. With incorporation of

Ho3+ ions in BFO, the particles became more uniform and compact,

whereas the particle size was reduced, as seen in 10% Ho-doped BFO

[30]. In the enlarged images (Fig. 2c and d) it can be seen that pure and

Ho-doped BFO samples consist of small particles and large irregularly

shaped agglomerates.

Changes of Bi1−xHoxFeO3 crystal structure are reflected in the

changes of BiFeO3 vibrational properties, i.e. through the changes in

intensity, position, and width of the Raman modes. Fig. 3 shows the

room-temperature Raman spectra of Bi1−xHoxFeO3 samples. Raman

spectrum of undoped BiFeO3 was deconvoluted using Lorentzian pro-

files and all 13 Raman active modes (4A1+9E) of the rhombohedral

BiFeO3 [31] are observed. The most prominent Raman modes for R3c

structure (marked as E-1, A1-1, A1-2, and A1-3) are positioned at 75,

140, 171, and 218 cm−1, respectively and are related to Bi–O bonds.

The A1-4 mode at 430 cm−1 and eight E modes at 124, 274, 344, 369,

468, 520, 550 and 598 cm−1 with quite weak scattering intensity are

related to Fe–O bonds.

Raman spectroscopy is sensitive to atomic displacements. The A1-1,

A1-2 and A1-3 modes are blue-shifted due to the substitution of Bi3+

ions with smaller Ho3+ ions. Modes E-1, A1-1, A1-2 and A1-3 became

broader and of reduced intensity, whereas higher frequency E modes

(E-4, E-5) have almost disappeared. The peak broadening and reduced

intensities of Raman modes imply the distortion of rhombohedral

structure with incorporation of Ho. With increasing Ho concentration (x

≥ 0.1), further changes in the Raman spectra are the result of decreased

stereochemical activity of Bi lone electron pair. The intensities of A1

and E modes are drastically reduced in BHFO10 and BHFO12 samples.

These modes are barely visible in the Raman spectra of BHFO15

sample. Moreover, in BHFO12 sample three new modes approximately

at 300, 400, and 510 cm−1, are observed. Reduced intensities of

phonon modes, characteristic for rhombohedral phase, and the pre-

sence of additional modes suggest the appearance of new crystalline

phase. In the Raman spectrum of BFHO15 sample which is significantly

different from the spectrum of pristine BFO, the most prominent modes

are at ~ 300, 400, and 510 cm−1. These modes are characteristic for

orthorhombic perovskite LaMnO3 and YMnO3 structures [32] and are

also observed in doped BFO powders [17]. All notable changes in the

Raman spectra of BHFO12 and BHFO15 samples are consistent with the

results of XRD analysis, confirming a structural transformation from

rhombohedral to orthorhombic paraelectric phase. Hence, Raman

spectroscopy is powerful tool for detecting changes of Bi–O covalent

bonds during the phase transition.

Fig. 4(a) and (b) illustrate the frequency dependence of real (ε′) and

imaginary (ε″) part of the complex permittivity ε of Bi1−xHoxFeO3

samples. In the lower frequency range, both ε′ and ε″ decrease with

increasing frequency and become nearly constant at higher frequencies.

Among the samples with R3c structure, BHFO5 sample has shown

pronounced dispersion at lower frequencies and higher values of ε′ and

ε″ than BFO. The BHFO7 sample displayed almost no dispersion over

the whole frequency range. Among the samples with higher Ho content

in which orthorombic phase appears, BHFO10 sample displayed more

dispersive characteristic than BHFO12 and BHFO15 samples for which

permittivity dispersions were negligible.

BFO nanostructures in the form of nanopowders or thin films

usually suffer from large leakage current due to the presence of oxygen

vacancies, Fe2+ ions or some other impurities. The inhomogeneity of

BFO microstructure and composition originates from the regions with

Table 1

The lattice parameters (Å), volume of the unit cell (Å3) and volume phase fraction (vol%).

Phase BFO BHFO5 BHFO7 BHFO10 BHFO12 BHFO15

BiFeO3 rhombohedral R3c a = 5.5722 a = 5.5636 a = 5.5575 a = 5.5651 a = 5.5675 a = 5.5441
c = 13.8511 c = 13.8216 c = 13.8145 c = 13.8143 c = 13.8542 c = 13.8127
V = 372.45 V = 370.51 V = 369.51 V = 370.51 V = 371.91 V = 367.68
71.75% 100.00% 87.86% 53.72% 55.27% 31.45%

Bi2Fe4O9 orthorhombic Pbam a = 7.9477 / a = 7.9769 a = 7.9501 / /
b = 8.4582 b = 8.5299 b = 8.4580
c = 6.0050 c = 5.9448 c = 5.9976
V = 403.68 V = 404.50 V = 403.29
28.25% 12.14% 25.36%

BiFeO3 orthorhombic Pnma / / / a = 5.5830 a = 5.5993 a = 5.5907
b = 7.8825 b = 7.8679 b = 7.8129
c = 5.4192 c = 5.4540 c = 5.4297
V = 238.49 V = 240.27 V = 237.17
20.92% 44.73% 68.55%

Rp 5.81 6.27 5.94 4.86 6.18 5.42
Rwp 7.44 7.92 7.60 6.14 7.92 6.91
Rexp 0.11 0.12 0.09 0.06 0.07 0.09
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different conductivity, for example bulk and grain boundaries or from
depletion layers formed at the interface of the electrode/sample sur-
face. In addition to the dipolar or orientational polarization which oc-
curs in the frequency range of 103–106 Hz, the grain boundary or in-
terface effects give rise to the Maxwell-Wagner polarization which can
substantially contribute to the permittivity and its dispersion at lower
frequencies [3].

The dielectric relaxation processes in pure and Ho-doped BFO na-
nopowders were analysed within a model which includes Cole-Cole
empirical expression, dc and ac conductivity terms. This model de-
scribes dielectric relaxation processes due to dipole relaxation, and the
contributions from leakage current and grain boundary/interface ef-
fects. The advantages of this model for analyzing the dielectric prop-
erties of pristine BiFeO3 films have been shown by Li and coworkers
[33]. The total complex permittivity is of the form [33,34]:
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The first term in Eq. (1) corresponds to the Cole-Cole formula,
where εs and ∞ε are static and high frequency dielectric permittivity, τ is

the relaxation time, andα, taking the value between 0 and 1, describes
the distribution of relaxation times. For an ideal Debye relaxation α=
0. For α<0 the loss peaks are broader and deviate in shape from the
symmetric Debye peak [35]. The frequency-independent dc con-
ductivity contributes only to the imaginary part of permittivity (ε″)
through the term σ ωε/DC 0, whilst the frequency-dependent ac con-
ductivity represented by UDR ansatz [34,35], influences both ε′ and ε″

through terms −( )σ ε tan ω( / )
πs s

0 0 2
1 and −σ ε ω( / ) s

0 0
1, where σ0 is a pre-

power term and s is a frequency exponent which takes values between 0
and 1.

The fits of ε′(ω) and ε″(ω), based on Eq. (1), are presented with solid
lines on Figs. 4(a) and 4(b) and the values of fit parameters for
Bi1−xHoxFeO3 samples are summarized in Table 2. The values of σDC

and σ0 for Bi1−xHoxFeO3 samples, based on the fitting results, are
presented in Fig. 4(d). BFO sample has relatively high σDC value of
6.1·10−9 Ω−1 cm−1, whereas the value of σ0 is an order of magnitude
lower. These values are comparable with reported data [15,33,36]. It
can be concluded that the permittivity of BFO sample is dominated by
the leakage current contribution, whereas the ac dependent mechan-
isms are less prominent. Among the Ho-doped samples with R3c

1μm 100nm

1μm 100nm

b)

a) c)

d)

Fig. 2. SEM images of a) BiFeO3 and b) Bi0.85Ho0.15FeO3 samples. High-magnification SEM images of the c) BiFeO3 and d) Bi0.85Ho0.15FeO3 samples.
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structure, the highest dc and ac conductivity exhibits the BFHO5
sample, meaning that leakage current and grain boundary or interface
effects can be a cause of permittivity dispersion and its higher value at
lower frequencies. This finding offers an explanation for the collosal
dielectric constant of Ho doped samples found by Song et al. [20]. The
σDC and σ0 values of BHFO7 sample are much lower than in BFO and
BHFO5 samples. Despite the fact that the amount of secondary phase in
BFHO7 is almost the same as in pristine BFO and having in mind that
BFHO5 sample is phase pure, it seems that BHFO5 and BFO samples are
more conductive than BHFO7 sample. This fact can explain the flat
frequency dependence of ε′(ω) and ε″(ω) (Figs. 4(a) and (b)) of BHFO7
sample and imply that the presence of secondary phase has no great
influence on the BFO conductivity, but defects in the form of oxygen
vacancies and grain boundary or interface effects play a major role in
the conductivity of BHFO5 and BFO samples. A significant increase of
σDC value, which is almost twice as large as in pristine BFO and BHFO5
samples, was found in a case of BHFO10. Although it is expected that
increased Ho doping reduces the leakage current due to the suppressed
concentration of oxygen and bismuth vacancies, this sample seems to be
more leaky than the pristine BFO. The σDC value, higher than in all the
other samples, and pronounced dispersion of ε″(ω) implies that the
leakage current affects the dielectric properties of BHFO10 to a great
extent.

The changes in dielectric properties of BHFO10 sample can be re-
lated to the appearance of orthorhombic phase, because the dielectric
properties are dependent on the sample structure and therefore can be
modified near the phase transformation boundary [3]. The dc and ac
conductivities were significantly reduced in BHFO12 sample, whereas
BHFO15 sample, for which orthorhombic phase prevails, had an order
of magnitude lower dc conductivity (5.7·10−10 Ω−1 cm−1) than the
BFO (6.1·10−9 Ω−1 cm−1). Therefore, we argue that higher Ho content
reduces the leakage current, and weakens the ac conductivity con-
tribution to the dielectric response. The frequency dependence of di-
electric loss (tan δ) of Bi1−xHoxFeO3 samples is presented in Fig. 4(c).

The dielectric loss follows a trend similar to the permittivity in the
frequency range of 100 Hz to 8 MHz, i.e. it decreases with increasing
frequency. The BFO, BHFO5 and BHFO10 samples have higher tan δ

value than other Ho-doped samples with pronounced dispersion at
lower frequencies. There is an indication of dielectric relaxation peak in
conductive BFO and BHFO10 samples at frequency of 5 kHz, which can
be ascribed to the carrier hopping process between Fe2+ and Fe3+ ions
inside the particles [37] or to the hopping along the Fe2+-VO

• -Fe3+

chain [38]. This peak is slightly shifted to lower frequency in BHFO5
sample. This low frequency relaxation can be attributed to the grain
boundary conduction [39]. Reduced tan δ values and the absence of
relaxation peaks in BHFO7, BHFO12 and BHFO15 samples point at an
increased resistivity of these samples.

Polarization-electric field (P-E) hysteresis loops of Bi1−xHoxFeO3
samples, measured at frequency of 100 Hz, are presented in Fig. 5(a).
The BFO sample has an unsaturated P-E loop due to non negligible
contribution of leakage current (σDC = 6.1·10−9 Ω−1 cm−1). The
maximal polarization, remnant polarization (Pr), and coercive field (Ec)
reached the highest values in BFO sample and decreased with Ho-
doping. The BHFO5 sample has a pinched P-E loop, characteristic for
leaky materials. The permittivity analysis has shown that BHFO5 is less
resistive than BFO and that grain boundary effects and leakage current
dominate its dielectric properties. Therefore, the degraded ferroelectric
properties can be attributed to the presence of oxygen vacancies and
valence fluctuations of Fe ions (between Fe3+ and Fe2+), because the
appearance of oxygen vacancies and Fe2+ ions, especially at grain
boundaries, is unfavorable for the polarization switching. The study of
dielectric properties has shown that BHFO7 is more resistive than BFO
and BHFO5. This fact explains slightly improved P-E loop compared to
BHFO5 sample, but still lower Pr and Ec values than in BFO can origi-
nate from a decrease in stereochemical activity of Bi lone electron pair
with increase of Ho content. P-E loops of the BHFO10, BHFO12 and
BHFO15 samples are very similar to the P-E loops of BHFO5 sample.
The degraded ferroelectricity of BHFO10 mainly originates from the
contribution of dc conductivity (σDC) which is the highest among all
analysed samples (see Fig. 4(d) and Table 2). Although BHFO12 and
BHFO15 samples are more resistive than BFO and all the other Ho-
doped samples, their ferroelectric properties are degraded because of
the possible appearance of paraelectric phase regions in highly Ho
doped BFO. This is supported by the changes noticed in the Raman
spectra of these samples. Near the ferroelectric-paraelectric phase
transition, the intensities of the Raman modes characteristic for Bi–O
bonds [28] were reduced in BHFO12 sample and have almost dis-
appeared in BHFO15 sample.

Furthermore, the presence of orthorhombic phase increases the
breakdown field strength of Bi1−xHoxFeO3 samples (inset of Fig. 5(a)).
The breakdown in BFO and Bi1−xHoxFeO3 samples with rhombohedral
structure (x< 0.1) happens at the applied electric fields of around
20 kV/cm. The BHFO10 and BHFO12 samples, in which rhombohedral
and orthorhombic phase coexist, withstand applied fields that are ap-
proximately twice as high. The BHFO15 sample in which orthorhombic
phase prevails, withstands even higher electric fields (> 50 kV/cm)
without breakdown (marked with arrow on the inset). The reason can
be found in reduced dc conductivity of BHFO15 and in increasing
number of Ho–O bonds with large bond energy, almost two times larger
than the Bi–O bond [15]. Knowing that BHFO15 sample withstands
high external fields without breakdown, the P-E loops of BHFO15
sample were measured at different testing frequencies from 2 Hz to
100 Hz under the applied field of 50 kV/cm, as shown in Fig. 5(b). It is
obvious that P-E loops exhibit frequency-dependent behavior by
showing rapid increase of Pr, Ec and maximal polarization at lower
frequencies. Frequency dependence of the 2Pr for BHFO15 sample is
presented in the top-left inset of Fig. 5(b), from which it is clear that 2Pr
has the highest value of 0.21 μC/cm2 at 2 Hz and rapidly decreases to
0.07 μC/cm2 at 20 Hz. The P-E loops of BHFO15 measured in a high
amplitude electric field of 100 kV/cm and at low frequencies of 1 Hz

Fig. 3. Room-temperature Raman spectra of the Bi1−xHoxFeO3 (0≤x≤0.15) samples
together with the deconvoluted Raman spectrum of pristine BiFeO3.

B. Stojadinović et al.



and 2 Hz are presented in the right-bottom inset of Fig. 5(b). The 2Pr
value is larger by a factor of two than the one obtained at the same
frequency in the field of 50 kV/cm. Such a behavior can be explained by
the effect of external field on the reorientation of defect dipoles and
their role in domain wall switching in BFO. The presence of mobile,
single defects (like ′′′VBi ,VO

• orVO
••) or defect complexes (oxygen vacancy-

cation associated dipoles) in BFO plays an important role in the domain
wall pinning. It leads to the deterioration of polarization-switching
properties by suppression of intrinsic polarization and increase of
leakage current. The ferroelectric domain depinning can be achieved by
applying high electric field or can be favoured at elevated temperatures
and a secondary re-oxidation annealing [40–43]. On the other hand, in
high electric fields the defect complexes can orient along the direction
of spontaneous polarization and follow the domain switching, enhan-
cing polarization properties of BFO [42–45]. Inherent defect dipoles are
expected not to switch during fast field cycling, since their reorientation
takes more time than the domain switching process. Therefore, the
influence of defect dipole polarization on the overall polarization can
be seen in high fields at low frequencies, as defect complexes can keep
up with reversal of the field and contribute to the bulk ferroelectric

polarization [40,44]. It is plausible to suppose that inherent defect
complexes like ′ −′′V VBi O

••, ′ −+Fe V
Fe O

•
2 or ′ −+Fe V

Fe O
••

2 form during the
crystallization process in Bi1−xHoxFeO3 samples. Among all
Bi1−xHoxFeO3 samples, only BHFO15 sample has supported high ex-
ternal field of 50 kV/cm which can induce defect dipole reorientation.
By applying strong external field at low frequencies, defect dipoles can
orient along the direction of spontaneous polarization following the
domain switching. With increasing of the field strength to 100 kV/cm
and by lowering the frequency to 1 Hz, the effect of defect dipolar
polarization was more pronounced. Therefore, the reorientation of in-
ternal defect complexes under high external field gives rise to the en-
hancement of intrinsic polarization of BHFO15 sample.

4. Conclusions

In summary, the phase transformation from rhombohedral to or-
thorhombic phase induced by increased Ho substitution, affected to a
great extent the dielectric and ferroelectric properties of Bi1−xHoxFeO3
nanopowders. The frequency dependent permittivity was analysed
using combined model which incorporated Debye-like dielectric

Fig. 4. Room-temperature (a) real (ε′) and (b) imaginary (ε″) part of the complex permittivity. Full lines present the corresponding fits applying the combined model (Eq. 1), (c) loss
tangent (tan δ) and (d) the dependence of σDC and σ0 values on Ho content for Bi1−xHoxFeO3 samples.

Table 2

The fitting parameters for Bi1−xHoxFeO3 samples obtained from combined model.

Parameter BFO BHFO5 BHFO7 BHFO10 BHFO12 BHFO15

α 0.55 0.69 0.65 0.69 0.60 0.67
τ(s) 5.3·10−6 2.2·10−6 5.2·10−5 1.2·10−5 5.6·10−5 3.2·10−5

s 0.79 0.66 0.80 0.85 0.78 0.75
σ0(Ω

−1 cm−1) 5.0·10−10 1.8·10−9 1.1·10−10 5.6·10−10 2.5·10−10 7.2·10−10

σDC(Ω
−1 cm−1) 6.1·10−9 7.6·10−9 3.6·10−9 1.3·10−8 7.7·10−10 5.7·10−10

B. Stojadinović et al.



response and dc and ac conductivity contributions. It was shown that
not only dc conductivity, but also grain boundary and interfacial effects
were much reduced in biphasic Bi1−xHoxFeO3 (x> 0.1) samples. The
dominant presence of orthorhombic phase in Bi0.85Ho0.15FeO3 sample
has stabilized the perovskite structure of BFO, significantly increased
the breakdown field and improved BFO electrical performances. In high
external electric fields (50 kV/cm and 100 kV/cm), P-E loops of
Bi0.85Ho0.15FeO3 sample manifested strong frequency dependence and
abrupt increase of remnant polarization and coercive field at low fre-
quencies. It was proposed that defect dipoles were oriented along the
direction of spontaneous polarization, following the domain switching,
and were therefore a primary cause of the enhanced polarization
properties of Bi0.85Ho0.15FeO3 sample. Although it is well established
opinion that appearance of orthorhombic paraelectric phase degrades
ferroelectricity of BFO, our study contributes to better understanding of
polarization mechanisms in biphasic bismuth ferrite.
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Abstract

Nanosized Mg-doped ceria powders were obtained by self-propagating room temperature reaction without us-
ing surfactants or templates. X-ray diffraction analysis and field emission scanning microscopy results showed
that the doped samples are solid solutions with fluorite-type structure and spherical morphology. Raman spec-
tra revealed an increase in the amount of oxygen vacancies with the increase of Mg concentration. This in-
creasing results in a narrowing of the bandgap of CeO2. The photocatalytic performances of the Mg-doped
ceria solid solutions were evaluated by decomposing an organic dye, crystal violet under UV irradiation. The
Mg-doped ceria solid solutions exhibit significantly better photocatalytic activity than the pure CeO2 and com-
mercial TiO2. The higher first rate constant of the Mg-doped samples demonstrated that they are much more

efficient than TiO2 and CeO2 under UV light. Mg2+ dopant ions and oxygen vacancies play a significant role
in the enhancement of photocatalytic performances of the Mg-doped ceria.

Keywords: ceria, solid solution, oxygen vacancies, UV light illumination, nanocatalysis

I. Introduction

Nano ceria (CeO2) has been extensively studied as an
active or supporting catalytic material due to its superior
oxygen storage-and-release properties [1]. Since ceria is
a good electron acceptor, it can provide lattice oxygen in
chemical reactions because of lower formation energy
for oxygen vacancy [2–4]. Also, CeO2 promotes the
chemical activity of the material by facilitating electron
transfer from suitable adspecies into an oxide surface
[5,6]. A higher catalytic activity is related to the type,
size, and distribution of oxygen vacancies. It is demon-
strated that surface defects were more readily formed
in CeO2 nanostructures with special morphology, such
as cubes, nanobelts, nanowires and nanotubes. There-
fore, for the design of ceria based materials with high
oxygen storage and transport capacity, it is important to
know how to increase the number of structural defects

∗Corresponding authors: tel/fax: +381 11 3408 224
e-mail: mato@vinca.rs

(oxygen vacancies) and to maintain at the same time a
fluorite-type crystal structure. This can be done either by
the promotion of Ce4+ reduction into Ce3+ or by doping
with transition or rare-earth elements [7]. CeO2 is not
generally considered as a photocatalytic material due
to its wide band gap and specific 4f electron configura-
tion. Despite the fact that little work was carried out in
the field of photocatalytic applications of CeO2 [8–10]
recent studies demonstrated that improvement of ceria
photocatalytic properties can be done by proper choice
of dopant elements and their incorporated amounts [11]
or by creating surface defects as the most reacting sites
which can enhance the visible light activity of nanos-
tructured ceria [12]. In addition, the preparation meth-
ods have also a significant influence on the ceria struc-
ture (homogeneity, morphology, grain size, crystal de-
fects etc.) and its optical and photocatalytic properties.
Therefore, tuning the band gap energy and tailoring the
reactivity of ceria-based catalysts is still a challenging
task.
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In this work the Mg-doped ceria nonpowdered solid
solutions (Ce1-xMgxO2-δ, 0 ≤ x ≤ 0.4) were prepared
by facile and cost-effective self-propagating room tem-
perature reaction (SPRT). The influence of Mg content
on structural, optical and photocatalytic properties was
examined. The evaluation of photocatalytic activity of
synthesized catalysts has been carried out by degrada-
tion of crystal violet as a model pollutant. The mecha-
nism for the band gap narrowing of Mg-doped ceria and
the enhancement of the photocatalytic performances are
also proposed.

II. Materials and methods

The solid solutions of magnesium-doped samples
were prepared by a SPRT method using metal nitrates
and sodium hydroxide as the starting materials. This
technique gives the possibility of producing very fine
powders with very precise stoichiometry in accordance
with the tailored compositions [13–16]. Preparation of
Ce1-xMgxO2-δ powders was performed by hand mixing
chemicals according to:

2 [(1−x)Ce(NO3)3 · 6 H2O + xMg(NO3)2 · 6 H2O] + 6 NaOH +

+ ( 1
2 −δ)O2 −−−→ 2 Ce1−xMgxO2−δ + 6 NaNO3 + 15 H2O (1)

The compositions of the reacting mixtures were calcu-
lated according to the nominal composition of the final
reaction product. Compositions of Ce1-xMgxO2-δ were
synthesized with x ranging from 0.0 to 0.4. The de-
scribed reaction belongs to a group of double exchange
reactions and develops spontaneously after being initi-
ated, terminating extremely rapidly. After the mixture of
reactants (Ce(NO3)3·6 H2O, Aldrich, Mg(NO3)2·6 H2O,
Aldrich) was mechanically activated (by hand mixing
instead by heating) the reaction took place at room tem-
perature and terminated very quickly. The obtained mix-
tures of reaction products according to Eq. (1) were sub-
jected to a centrifuge treatment to eliminate NaNO3 and
drying at 80 °C.

After drying, the composition of the solid solutions
was identified by means of powder XRD on a Rigaku
IV, XRD diffractometer with CuKα radiation at room
temperature. The average crystallite size was measured
from the 111 XRD peak using the Scherrer formula. The
values of the unit cell parameters of all the analysed
powders are calculated on the basis of the equation:

4 sin2 θ

λ2
=

1

d2
hkl

=
h2 + k2 + l2

a2
(2)

where θ is the Bragov angle, hkl are Miller indices, λ is
the wavelength (1.54184 Å), and a is parameter of the
unit cell of the crystal [17].

SEM analysis using Zeiss DSM 982 Gemini scan-
ning electron microscope proved that the obtained pow-
ders were in the nanometric size range. The room-
temperature Raman spectra were obtained using a U-

1000 (Jobin-Ivon) double monochromator in back scat-
tering geometry. The Raman spectra were excited by
the 514 nm line of an Ar+/Kr+ ion laser operating at
low incident power (∼20 mW) in order to avoid sample
heating. The measurements of UV-Vis absorption spec-
tra of the samples were carried out on a Specord M40
Carl Zeiss spectrophotometer in a spectral range 200–
600 nm, at room temperature.

The specific surface area and the pore size distri-
bution (PSD) of the doped CeO2 samples were anal-
ysed using the Surfer (Thermo Fisher Scientific, USA).
PSD was estimated by applying BJH method [18] to the
desorption branch of isotherms and mesopore surface
and micropore volume were estimated using the t-plot
method [19].

Photocatalytic activity of the synthesized Mg-doped
samples was evaluated by the degradation of crystal vi-
olet (CV) under UV light irradiation. The photochem-
ical reactor consisted of UV lamp (Roth Co., 16 W,
2.5 mW/cm2, λmax = 366 nm) positioned annularly to
the 50 ml quartz flask. The acidity of solutions was not
additionally adjusted and pH values were in the range
from 6.7 to 7.0. The rates of photocatalytic degrada-
tions of CV were followed at initial concentration of
0.01 mmol/dm3. The amount of used catalyst was 30 ±
2 mg. CV photolysis test was performed prior to photo-
catalytic measurements and no significant dye degrada-
tion was observed. The prepared Ce1-xMgxO2-δ samples
were immersed into CV solution and the solution was
continuously stirred and kept in the dark for 1 h to es-
tablish adsorption-desorption equilibrium before being
irradiated. Photocatalytic activity of the Ce1-xMgxO2-δ
solid solutions were compared to commercial standard
TiO2 sample - Degussa P25 (having specific surface
area, S BET , of 56 m2/g, pore volume of 0.25 cm3/g, av-
erage pore size of 17.5 nm, crystallite size of 21 nm and
the following phase composition: anatase, 81 vol.% and
rutile, 19 vol.%) and the undoped CeO2 sample.

The reaction rate constant (k) was determined assum-
ing quasi first order kinetics using the following equa-
tion:

ln
C0

Ct

= k · t (3)

where C0 is the initial dye concentration, Ct is the con-
centration at time t. The slope of the ln(C0/Ct) versus
time plot gives the value for the rate constant k.

III. Results

3.1. Characterization of Mg-doped ceria

XRD spectra of the Ce1-xMgxO2-δ samples, presented
in Fig. 1, revealed that the obtained powders are a single
phase with the fluorite crystal structure. Main diffraction
peaks in each sample were significantly broadened indi-
cating small crystallite size and/or strain. New peak is
observed for the sample doped with 40 at.% of Mg, in-
dicating that the limit of Mg solubility in ceria crystal
lattice is in the range from 30 to 40 at.%. This high sol-
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Figure 1. X-ray diffraction patterns of synthesized of
Ce1-xMgxO2-δ nanopowders (* - brucite phase)

Figure 2. Lattice parameter (a0) Ce1-xMgxO2-δ samples as a
function of Mg content

ubility may be attributed to the nanometric nature of the
obtained powders. Excess of Mg is very reactive and in
contact with moisture make a brucite phase Mg(OH)2,
marked with asterisks in Fig. 1. XRD spectra exhibit
very diffuse diffraction lines with increasing Mg con-
tent, which makes difficult to indicate precisely some
atomic planes (hkl: 200, 220, 311, 420).

Calculation of cell parameters (Fig. 2) based on X-ray
results, shows the linear dependence of unit cell param-
eter versus concentration of Mg2+ ions. With increas-
ing of Mg2+ ion concentration the cubic ceria lattice
shrinks. According to Shannon’s compilation [19], the
ionic radii of Ce4+ and Mg2+ for coordination number
(CN) 8, are 0.97 and 0.89 Å, respectively. Thus, doping
with a smaller sized Mg2+ ion and increasing of dopant
concentration, will lead to the contraction of the ceria
lattice. Also, lattice parameter (a0) of doped ceria versus
Mg2+ content, obeys Vegard’s law, implying that Mg2+

substitutionally entered into ceria lattice. The crystallite

size, calculated on the basis of XRD data, for all pow-
ders is less than 5 nm.

Room-temperature Raman spectra of the Mg-doped
ceria are presented in Fig. 3, whereas in the inset is
given the Raman spectrum of the undoped CeO2. Room-
temperature Raman spectrum of the undoped CeO2
sample shows the strong peak at ∼455 cm-1 correspond-
ing to the triply degenerate F2g mode characteristic for
the fluorite cubic CeO2 structure. The red shift of this
mode compared to its bulk counterpart (464 cm-1) and
pronounced asymmetry on the low-energy side orig-
inates from the phonon confinement, strain and the
presence of defects [20,21]. In the sample doped with
10 at.% of Mg, F2g mode is shifted to ∼457 cm-1, due to
the substitutional incorporation of Mg, as ion of smaller
ionic radius, into ceria lattice. With further increasing
of Mg content, F2g mode shifts to higher energies and in
the 40 at.% Mg doped sample, this mode is positioned
at ∼460 cm-1.

Another mode of lower intensity, positioned at
∼600 cm-1, is characteristic for nanometric ceria and is
attributed to the presence of intrinsic oxygen vacancies
[20,22], due to the partial reduction of Ce4+ to Ce3+.
This mode is also presented in the Mg-doped samples.
From the Lorentzian fit procedure (insets in Fig. 3), it

Figure 3. Room temperature Raman spectra of Mg-doped
samples (insets present Raman spectrum of undoped CeO2

and Lorentzian fits of intrinsic vacancy mode)
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Figure 4. Typical FESEM images of 20 at.% Mg-doped ceria
sample

Figure 5. (A/λ)2 plots for Mg-doped samples (inset presents
absorption spectra of doped samples)

Figure 6. N2 adsorption (solid symbols)/desorption (open
symbols) isotherms and the pore size distribution (inset)

of Mg-doped samples

was obtained that intensity of this mode increases with
an increase of Mg content, pointing at increased intrin-
sic oxygen vacancy concentration [22]. In the spectra of
the sample with 40 at.% Mg, new broad, low intensity
mode around 270 cm-1 is observed. This mode (marked
with asterisks in Fig. 3) can be ascribed to the Eg mode
of Mg(OH)2 (brucite) phase, which is in good agree-
ment with XRD measurement [23]. It is evident from
the Raman spectra of the sample with 40 at.% Mg that
limits of Mg solubility in ceria crystal lattice is less than
40 at.%.

The as-prepared ceria powders consist of rounded
particles with size less than 10 nm, roughly estimated
(Fig. 4). The particles are linked in the form of black-
berry, which together form cauliflower morphology.
There is no difference of morphology and particle size
between the Mg-doped ceria samples. It seems that var-
ious doping concentration has no influence on the mi-
crostructure of the powders.

The optical band gap of the undoped CeO2, which
corresponds to the O 2p −−−→ Ce 4f0 transition, was pre-
viously determined to be around 3.6 eV [24]. From the
absorption spectra of the solid solutions Ce1-xMgxO2-δ
(x = 0.1, 0.2, 0.3 and 0.4), presented in the inset of
Fig. 5, the band gap energies of the Mg-doped samples
were obtained using Tauc law for direct transition and
applying absorption spectrum fitting method [25]. The
plots of (A/λ)2 vs. 1/λ are presented in Fig. 5, where
A is the absorbance and λ is the wavelength. The lin-
ear extrapolation of (A/λ)2 to zero gives a wavelength
λg which corresponds to the optical band gap. The band
gap values can be obtained using well known relation
Eg = 1240/λg. The estimated direct band gap values
(Eg) for Ce1-xMgxO2-δ samples are given in Fig. 5. It
can be seen that with Mg doping up to 30 at.% band gap
values decreased from 2.88 to 2.75 eV due to the forma-
tion of defect (localized) levels inside the gap with Mg
doping [26]. In the sample with 40 at.% of Mg dopant
the Eg is slightly increased to 2.94 eV. Such an increase
can be a consequence of the presence of Mg(OH)2 phase
which has higher band gap value than CeO2 [27] or to
the Burstein-Moss effect caused by increased electron
concentration and lifting of the Fermi-level because of
increased Mg content and oxygen vacancies concentra-
tion [28].

Nitrogen adsorption/desorption isotherms for the
Mg-doped samples, are shown in Fig. 6. According to
the IUPAC classification [29] isotherms of samples are
of type IV and with a hysteresis loop which is asso-
ciated with mesoporous materials. In all samples, the
shape of hysteresis loop is of type H3. Isotherms re-
vealing type H3 hysteresis do not exhibit any limiting
adsorption at high P/P0, which is observed with non-
rigid aggregates of plate-like particles giving rise to slit-
shaped pores [30]. Specific surface areas calculated by
BET equation, S BET , are listed in Table 1. S BET val-
ues for all Mg-doped samples are comparable (between
110–120 m2/g), i.e. the amount of dopant does not have
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Table 1. Porous properties of Ce1-xMgxO2-δ nanopowders

Sample
S BET S meso S mic Vmic rm

[m2/g] [m2/g] [m2/g] [cm3/g] [nm]
CeO2 70 45 25 0.013 -

Ce0.9Mg0.1O2 114 104 10 0.003 3.7
Ce0.8Mg0.2O2 110 110 0 0 4.3
Ce0.7Mg0.3O2 120 120 0 0 5.2
Ce0.6Mg0.4O2 113 113 0 0 4.4

Figure 7. t-plots of Mg-doped samples

an essential influence on the overall specific surface area
of the doped nanopowders. On the contrary, the undoped
ceria sample has significantly smaller specific surface
area than the doped ones. Therefore, the Mg doping
increases the porosity of ceria. Pore size distribution
(PSD) of samples possesses sharp PSD peak with most
of the pore radius between 2–20 nm (inset of Fig. 6) im-
plying that the samples are mesoporous. Values of mean
pore radius, for all samples, are presented in Table 1.

The t-plot, obtained on the basis of the standard nitro-
gen adsorption isotherm, is shown in Fig. 7. The straight
line in the medium t-plot region gives a mesoporous sur-
face area including the contribution of the external sur-
face, S meso, determined by its slope, and the micropore
volume, Vmic, which is given by the intercept. The cal-
culated porosity parameters (S meso, S mic, Vmic) are given
in Table 1. t-plot analysis confirmed that all samples
are mesoporous, although a small amount of microp-
ores (pore radius below 2 nm) was detected in the sam-
ple with 10 at.% of Mg and undoped ceria.

3.2. Photocatalytic performance of Mg-doped ceria

The influence of the dopant concentration on the pho-
tocatalytic activity of the Mg-doped ceria nanopowders
has been studied through the photocatalytic removal of
organic dye crystal violet (CV) under UV light irradia-
tion. The kinetics of degradation of CV is represented
in Fig. 8. As can be seen from Fig. 8, the pure ceria
has shown modest photocatalytic activity. With increas-
ing Mg content, the degradation of CV became signif-
icant. The samples with higher Mg content (>10 at.%
Mg) have shown even better photocatalytic activity than

Figure 8. Photocatalytic degradation of CV in the presence
of Ce1-xMgxO2-δ nanopowders and TiO2 (insert represents

photocatalytic efficiency after 24 h)

the commercial TiO2 Degussa P25, which is known as
one of the most efficient photocatalysts for dye degrada-
tion.

The reaction kinetics from Fig. 8, follows the first
order and the degradation rate constants for 30 and
40 at.% Mg-doped samples, together with TiO2 and
CeO2 as reference samples, are summarized in Table 2.
It can be seen that the degradation rate constant for the
Ce0.7Mg0.3O2-δ and Ce0.6Mg0.4O2-δ samples are higher
than reference samples, implying that higher concentra-
tion of Mg in CeO2 lattice improves the photocatalytic
efficiency of ceria.

Table 2. The pseudo-first rate constants for CV after
exposition time of 8 h

Sample k [h-1] R2

Ce0.7Mg0.3O2-δ 0.081 0.980

Ce0.6Mg0.4O2-δ 0.078 0.998

CeO2 0.026 0.982

TiO2 0.056 0.910

After 24 h the photocatalytic activity of the solid so-
lutions with concentrations of 20 and 40 at.% of Mg
respectively, are the same as a TiO2 standard, whereas
the Ce0.7Mg0.3O2-δ sample exhibited higher activity (in-
set of Fig. 8). Such high photocatalytic activity of the
Ce0.7Mg0.3O2-δ sample can be attributed to its large spe-
cific surface area, the largest one among all the studied
nanopowders, regular mesoporosity and favourable av-
erage pore size. A slightly lower photocatalytic activity
of the ceria sample with 40 at.% Mg can be explained
by the appearance of secondary brucite phase.

In Fig. 9 an illustration of the proposed mechanism
of photocatalytic reactions is given. Upon UV light il-
lumination photogenerated electrons and holes can be
trapped by dopant ions, i.e. Mg2+ ions can be electron
acceptors and/or hole donors. Reduction of the band
gap of the Mg-doped samples implies that Mg2+ ions
introduce states into the band gap of CeO2. In such a
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B. Matović et al. / Processing and Application of Ceramics 11 [4] (2017) 304–310

Figure 9. Illustration of the photocatalytic mechanism at
Mg-doped CeO2 interface under the UV light irradiation

way, Mg doping could be effective in delay of electron-
hole recombination process, increasing the lifetime of
the charge separation. The trapped electrons can be sub-
sequently scavenged by molecular oxygen, which is ad-
sorbed on the CeO2 surface, to generate the superox-
ide radical (O2

–•). Superoxide radicals in contact with
H2O molecules form OH– ions and finally OH• radicals,
which attack the dye in aqueous solution leading to its
degradation. Due to high oxidative potential, the posi-
tive holes act as good oxidizing agents for dye degra-
dation. The trapped holes can directly attack the dye or
can interact with OH– or water molecules present on the
surface of the catalyst forming hydroxyl radicals (OH•).

Ceria nanoparticles are prone to the formation of oxy-
gen vacancies (VO) which promote the formation of
Ce3+ ions in the grain boundary region [30]. In order
to attain charge neutrality with Mg doping, oxygen va-
cancies will be created in the ceria lattice. This fact is
confirmed from Raman measurements. VO as defects
can also introduce localized state below the conduction
band of CeO2 [24] reducing the band gap. Furthermore,
a high concentration of surface donor defects (VO and
Ce3+) can serve as charge carrier traps and adsorption
sites which transfer charge to adsorbed species like O2
or H2O on ceria surface. In such a way, oxygen va-
cancies can delay the electron-hole recombination pro-
cess and support the charge carrier transfer to the ceria
surface, improving the photocatalytic efficiency of ce-
ria. Theoretical and experimental results on TiO2 and
ZnO have shown that excess electrons localized on the
oxygen vacancy states affect surface adsorption and in-
crease photocatalytic activity of TiO2 and ZnO [31,32].
Therefore, it is reasonable to assume that besides Mg2+

ions as trapping centres, oxygen vacancies have a strong
impact on the increased photocatalytic activity of Mg-
doped ceria.

IV. Conclusions

Mg-doped ceria nanopowders (Ce1-xMgxO2-δ, 0 ≤

x ≤ 0.4) have been successfully fabricated via self-
propagating room temperature reaction without any sur-
factant or template. The obtained samples are of fluo-
rite cubic structure, composed of rounded particles with

size less than 10 nm with the higher specific surface
area than the pure CeO2. Substitutional doping with
lower valence Mg2+ ions promotes the formation of
oxygen vacancies in ceria lattice, the amount of which
increases with an increase of dopant concentration. The
increased dopant concentration results in an effective
red shift of the band gap value of the Ce1-xMgxO2-δ sam-
ples due to the formation of localized states inside the
ceria gap. Only the sample with 40 at.% of Mg exhib-
ited slight blueshift of the band gap due to the appear-
ance of brucite phase. The photocatalytic activity of the
Mg-doped CeO2 for degradation of azodye crystal violet
was examined under UV light irradiation. It was found
that the samples with Mg content higher than 10 at.%
have much better photocatalytic performances than the
undoped CeO2 and commercial Degussa P25. Localized
electronic states of Mg2+ ions and oxygen vacancies can
capture photogenerated charge carriers delaying recom-
bination process, but can also serve as active sites on
ceria surface to transfer charge to adsorbed species like
O2 or H2O forming reactive radicals.
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A B S T R A C T

Bismuth ferrite (BiFeO3) is one of the most studied multiferroic system with a large number of published

articles. This is mainly because BiFeO3 material possesses both ferromagnetic and ferroelectric properties

observed at room temperature, which opens great possibility for industrial and technological applications. Well-

crystallized single-crystal BiFeO3 nanopowder has been successfully synthesized with the hydrothermal method.

The phase composition of the synthesized samples was determined by the x-ray diffraction (XRD) analysis, and

the results showed that synthesized material crystallizes in the space group R3c as α-BiFeO3 phase, which was

confirmed by the previous experiments. In addition, a structure prediction has been performed and 11

additional BiFeO3 modifications have been proposed. In the next phase, an ab initio optimization of predicted

structures has been performed and the structure of the γ-form has been elucidated. Furthermore, electronic and

magnetic properties of BiFeO3 were investigated using combination of experimental and theoretical methods.

Spectroscopic Ellipsometry has been used to study electronic properties of BiFeO3, while magnetic behavior of

synthesized material was investigated by SQUID. Finally, theoretical studies were performed using a full

potential linearized augmented plane-waves plus local orbital (FP(L)APW+lo) method, based on density

functional theory (DFT).

1. Introduction

In the recent years multiferroics have been an intriguing study field

due to their well-known magnetoelectric phenomena that offer a wide

range of potentially new applications including spintronics, new data-

storage media and multiple-state memories [1–5]. In the past years,

bismuth ferrite (BiFeO3) was one of the most studied multiferroic

system with a large number of published articles for this is unique

nature of BiFeO3 having both (anti) ferromagnetic and ferroelectric

properties, observed at room temperature [1–5].

Single phase BiFeO3 has received special attention due to its

ferroelectric transition temperature of 1100 K and an antiferromag-

netic Néel temperature up to 640 K [1–5]. The preparation of pure

single-phased BiFeO3 is the main issue caused by the narrow interval of

its thermal stability and formation of secondary phases, such as

Bi25FeO40 and Bi2Fe4O9 [6,7]. According to the phase diagram of

Bi2O3–Fe2O3, BiFeO3 is an incongruently melting compound [8,9] and

the kinetics of phase formation in the Bi2O3–Fe2O3 system can easily

lead to the appearance of above-mentioned impurities during the solid

state reaction route [6,7]. It has also been reported that successful

syntheses of single phase of BiFeO3 essentially may be dependent on

the purity (99.9995%) of the starting materials [7,8]. To overcome

these difficulties the other methods have been developed, such as

ferrioxalate precursor method [9], sol–gel process [10], co-precipita-

tion [11,12], spark plasma sintering [13] and hydrothermal method

[14,15].

At standard conditions, the experimentally known modification of

bismuth ferrite crystallizes in the perovskite structure type (α-BiFeO3)

with rhombohedral space group R3c (no. 161). [16–18]. A very

important structural parameter of the perovskite is the rotation angle

of the oxygen octahedron and this angle would be 0° for a cubic

perovskite with perfectly matched ionic sizes [2]. Using a Goldschmidt

tolerance (Gt) factor, [19] it is possible to calculate how well the ions fit

into a perovskite unit cell. For BiFeO3 compound Gt =0.88 using the

ionic radii of Shannon [20], where Bi+3 is in sixfold coordination (with

the 8-fold coordination Gt, decreases) and Fe+3 is in sixfold coordina-
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tion with high spin. It is known from the literature that when Gt < 1,

the oxygen octahedron must buckle in order to fit into a smaller cell [2].

Other important structural issues of BiFeO3 are the anion-cation

distances, angles and coordination polyhedra. There are two cations in

bismuth ferrite, Bi3+ occupying A site, where the polarization is mostly

caused by the lone pair (6s2 orbital), while the magnetization comes

from the B site (Fe3+) [1,2]. Therefore, the α-BiFeO3 modification is

shown in Fig. 1, where Bi3+ has sixfold coordination with truncated

prisms which are corner connected (Fig. 1a), while Fe3+ has same

sixfold coordination, but with corner connected distorted octahedrons

of oxygen (Fig. 1b). Finally, a very important structural issue is Fe–O–

Fe angle, because it determines the magnetic ordering temperature and

the conductivity, and in α-BiFeO3 this angle is measured to be between

154 and 156° [17–21].
It has also been established that residual porosity location, micro-

structure, size, grain growth habit and grain boundary geometry of the
sintered specimen are very important factors in determining the
electrical as well as magnetic properties of BiFeO3 [1–6,18–21].
However, among the large number of published papers on bismuth
ferrite there are still some open questions e.g. synthesis of a pure single
phase of BiFeO3 at equlibrium or (meta)stability of non-equlibrium
phases and their influence on materials properties [1–4].

2. Materials and methods

2.1. Synthesis and characterization of BiFeO3 nanopowders

The preparation of pure single-phased BiFeO3 is one of the main
issues of this compound caused by the narrow interval of its thermal
stability and formation of secondary phases [6,7]. However, in the past
years many synthesis and characterizations of single crystals and
nanopowders have been performed by the same authors [22–24].
The chemical compounds used in this work were bismuth nitrate
(Bi(NO3)3x5H2O), iron nitrate (Fe(NO3)3x9H2O), and potassium hy-
droxide (KOH) and all the chemicals were of analytical grade. The
applied synthesis route was proposed by Han [25]. The equi-molar
mixtures of Bi(NO3)3x5H2O and Fe(NO3)3x9H2O were dissolved in
40 mL of KOH. The molar ratio of the alkali mineralizer was adjusted
by dissolving certain amounts of KOH pellets into distilled water.

The mixture was stirred vigorously for 30 min and transferred into
autoclave. The KOH concentration was set to 8 M. The hydrothermal
treatments were conducted under autogenous pressure with tempera-
ture of 200 °C for 6 h. The produced powders were collected at the
bottom of the autoclave after cooling to room temperature. The
products were washed at least five times by repeated cycles of
centrifugation in distilled water, and dispersed in ethanol by sonicating
for 45 min. Subsequently, powders were obtained by evaporating

ethanol in a mortar heated at 60 °C.
The structure of obtained powder was determined by X-ray powder

diffraction on a Rigaku ULTIMA IV XRPD diffractometer with Cu Kα1,2

radiations, at room temperature. Data for structural refinement were
taken in the 2θ range 20–80°, with a step width of 0.02° 2θ and 5 s per
step. The refinement was performed with the FullProf [26] computer
program which adopts the Rietveld calculation method. In the present
approach the grain size broadening was represented by a Lorentzian
function, and strain broadening by a Gaussian function.

2.2. Computational details

Our general approach to the crystal structure prediction and
optimization of structure candidates has been given in detail elsewhere
[27–29]. Only the main steps of the method will be outlined and
specific information will be provided. The Structure Prediction
Diagnostic Software (SPuDS) [30] has been used to produce new
structure candidates of BiFeO3 perovskites. The SPuDS program has
been developed to predict the crystal structures of perovskites, includ-
ing those distorted by tilting of symmetric octahedra or caused by
Jahn-Teller distortions [29–31]. The stability of the perovskite struc-
tures is determined by comparing the calculated bond valence sums
and the ideal formal valences. This quantity is known as the global
instability index (GII) and it is calculated according to the chemical
composition in the 11 different Glazer tilt systems for a single B-site
cation [32].

Theoretical determination and identification of the predicted struc-
tures was performed using the KPLOT program [33]. The symmetry of
the predicted structures was analyzed with the algorithms SFND
(“Symmetry FiNDer” [34]) and RGS („Raum Gruppen Sucher“ or space
group seeker [35]). Duplicate structures are removed using the CMPZ-
algorithm [36] and the CCL algorithm has been used in investigation of
nanosized structures [37].

The structural optimizations were performed using a full-potential
linearized augmented plane waves plus local orbital (FP(L)APW+lo)
method [38], and implemented in Wien2k [39], a program package
based on density functional theory (DFT). General calculation para-
meters were kept the same in all calculations, in order to compare the
stability of various crystal phases. The radii of the muffin-tin, non-
overlapping spheres centered at the atomic nucleus, Rmt, were set to
2.07 Bohr for Bi, 1.75 bohr for Fe and 1.6 bohr for O. The parameter
that determines the number of basis functions used, RmtKmax, was set
to 8.5, and the cutoff energy between the core and valence states was
−7 Ry. Inside the muffin-tin spheres the wave functions were expanded
into spherical harmonics up to lmax=10, and charge density was
Fourier expanded up to Gmax=20 Ry.

The Brillouin zone integration was achieved using tetrahedron

Fig. 1. Visualization of the synthesized and calculated α-BiFeO3 structure: (a) sixfold coordination (CN=6) of the Bi atom by O atom; (b) sixfold coordination (CN=6) of the Fe atom by
O atom.
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method, and the number of k points was tested with respect to total
energy in each case to ensure that convergence criteria were fulfilled.
The volume of unit cell was optimized, and the investigated structures
were relaxed until the forces acting on all atoms were less than 1 mRy/
bohr. Magnetic structure of BiFeO3 was addressed by the use of spin-
unrestricted calculations. The exchange and correlation effects were
included within the generalized gradient approximation (GGA), while
“Hubbard-U” scheme with Ueff=3.8 eV was used for a better treatment
of localized Fe d orbitals [40]. The core states were treated fully
relativistic, while the valence states were treated within the scalar
relativistic approximation. Self-consistency was achieved by demand-
ing that the convergence of the integrated charge difference between
the two successive iterations was less than 10−5 electrons. Taking into
account all convergence criteria, differences in total energy between
various phases were calculated with precision higher than 0.001 Ry.

The investigated structures were visualized using KPLOT [33] and
VESTA [41] software. A detailed summary of computational details is
presented in the Supporting information, Table S1.

2.3. Electrical and magnetic measurements

The ellipsometric measurements were performed at incidence angle
θi=65°, in the UV–vis spectral range, using high resolution variable
angle spectroscopic ellipsometer (SOPRA GES5E-IRSE) of the rotating
polarizer type. Magnetic measurements were performed by using
Quantum Design MPMS XL-5 SQUID magnetometer. DC magnetiza-
tion measurements were carried out as a function of temperature
(T=5–300 K) in the magnetic field of 100 Oe. Magnetization vs.

magnetic field strength measurements were performed at temperatures
5 and 300 K in the fields up to 50 kOe. Summary of parameters used
for experimental measurements (XRD, electrical and magnetic mea-
surements) are presented in the Supporting information, Table S2.

3. Results and discussion

3.1. Structural properties of BiFeO3 compound

3.1.1. X-Ray Powder Diffraction (XRPD) and Rietveld refinement of

BiFeO3

After synthesizing BiFeO3 nanopowders data reported by Palewicz
[21] were used as starting structural model for Rietveld refinement.
The resulting x-ray powder pattern after refinement is shown in Fig. 2.

It was found out that all reflection can be indexed to a pure
rhombohedral BiFeO3 crystal phase which crystallize in R3c (no. 161)

space group. However it may be seen that in representation of cell
parameters and atom positions represented in Table 1, hexagonal
setting have been used. Refined structure and microstructural para-
meters show that crystal size is in the nanometric range at about
30 nm. Reasonable values of R factors (Table 1) are an indication of
good refinement and obtained results were in good agreement with
previous research, where this equilibrium phase was named α- BiFeO3

structure [1–4,16–18,21].

3.1.2. Structure prediction of BiFeO3 perovskites

Beside experimentally observed α-BiFeO3 perovskite structure (see
Fig. 2 and Table 1), SPuDS software was used to obtain 11 additional
perovskite-related structure candidates marked from BiFeO3-(1) to
BiFeO3-(11), in different space groups and sorted according to their
global instability index (GII) values (see Table 2). Based on the GII

criterion, the most stable BiFeO3 perovskite structure closest to the
experimentally observed one is BiFeO3-(1) in the space group R3c, with
GII=0.00047 (see Table 2). As the number of the structure candidates
increases, their stability decreases, and the most unstable structure is

Fig. 2. XRD pattern after structural refinement procedure using Rietveld’s method. Red
circles denotes experimental pattern, and black line represent calculated pattern. A
difference (observed-calculated) plot is shown beneath with the blue line. (For
interpretation of the references to color in this figure legend, the reader is referred to
the web version of this article.)

Table 1
Space group, cell parameters and atomic positions of α-BiFeO3 refined structure and
microstructural parameters after X-Ray Powder Diffraction (XRPD) and Rietveld
refinement. In addition, Bi3+ and Fe3+ coordination number (CN), Bi–O and Fe–O
distances has been presented.

Structure parameter Value

Space group R3c (no. 161)
Cell parameters a=b=5.5870 (7) Å

c=13.8898 (2) Å
α=β=90°, γ=120°

Crystallite size (nm) 29.3
Strain (%) 0.25
Goodness of refinement Rwp=7.08

Rp=5.5
Rexp=5.55
χ2=1.6273

Element x y z Occupancy Temperature
factor

Bi 0.0000 0.0000 0.0000 1.000 1.024
Fe 0.0000 0.0000 0.221(4) 1.000 0.658
O 0.447(3) 0.018(3) 0.953(6) 1.000 1.042

Modification Space
group

Distance
Bi–O

Bi3+ CN
and mean
distance

Distance
Fe–O

Fe3+ CN
and mean
distance

α-BiFeO3 R3c 3×2.339
(1)

6 3×1.967(1) 6

3×2.433
(2)

2.386 (2) 3×2.0937
(1)

2.0302(2)

Table 2
Calculated values of the global instability index (GII) and tilt system for 11 BiFeO3
modifications using SPuDS software.

Name Space group Tilt system GII (a.u.)

BiFeO3-(1) R-3c a−a−a− 0.00047
BiFeO3-(2) Pnma a−b+a− 0.01123
BiFeO3-(3) Imma a°b−b− 0.01592
BiFeO3-(4) P4/mbm a°a°c− 0.09595
BiFeO3-(5) I4/mcm a°a°c− 0.09595
BiFeO3-(6) P42/nmc a+a+c− 0.09783
BiFeO3-(7) C2/c a−b−b− 0.15273
BiFeO3-(8) Cmcm a+b°c− 0.17060
BiFeO3-(9) Im-3 a+a+a+ 0.24293
BiFeO3-(10) I4/mmm a°b+b+ 0.27773
BiFeO3-(11) Pm-3m a°a°a° 0.74669
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the cubic Pm3m perovskite BiFeO3-(11) with GII=0.47669 (see
Table 2). A summary of all predicted structure candidates is presented
in the Supporting information (Table S3).

According to the literature data, at approximately 825 °C there is a
first-order phase transition from α-BiFeO3 modification to a high-
temperature β-BiFeO3 phase [2,4,42]. Although, there is disagreement
about the exact symmetry of the β-BiFeO3 modification [2,44–49], it
was observed that at high temperatures this α-β phase transition
changes the properties of BiFeO3 from ferroelectric to paraelectric
compound. In order to further investigate this effect the first part of our
research was focused on structural properties of BiFeO3.

Recent experimental [47–49] and theoretical results [50] show high
temperature rhombohedral modification of BiFeO3 in the space group
R3c (no. 167). This recently discovered structure corresponds to our
BiFeO3-(1) predicted modification (see Table 2 and Supporting in-
formation). At similar temperatures and with influence of high
pressure (up to 10 GPa) another candidate for a β-BiFeO3 phase has
been observed in the experiment [18,43,51] and ab initio calculations
[52–55] showing orthorhombic space group Pnma (no. 62). This
particular structure corresponds to our BiFeO3-(2) modification. An
alternative orthorhombic structure BiFeO3-(3) is next in the line
according to GII ranking (see Table 2) showing Imma space group
(no. 74), and has never been reported before.

Furthermore, alternative tetragonal phases of BiFeO3 have been
previously observed [45,56] and calculated [52,57] at high tempera-
tures. Our structure prediction also favors tetragonal phase in BiFeO3

compound, and four tetragonal modifications have been shown:
BiFeO3-(4) in space group P4/mbm (no. 127), BiFeO3-(5) in space
group I4/mcm (no. 140), BiFeO3-(6) in space group P42/nmc (no.
137), and BiFeO3-(10) in space group I4/mmm (no. 139) (see Table 2
and Supporting information). The first three have the same GII index,
while BiFeO3-(10) has much higher values and therefore is more
unstable.

In the same temperature range, additional monoclinic
[18,45,46,58–60] and rhombohedral [47–50,58,61] structures in
different space groups have been reported. Our study also show the
formation of additional monoclinic BiFeO3-(9) modification in the
space group C2/c (no. 15) and orthorhombic BiFeO3-(8) in the space
group Cmcm (no. 63) (see Table 2 and Supporting information).
However, their GII indexes show that these structures are quite
unstable at equilibrium conditions indicating the low possibility of
observing these structures at low temperatures and/or low pressures.

At high temperatures above 930 °C, a cubic γ-BiFeO3 phase has
been observed [51,62] and calculated in the previous research [40,52].
This γ-BiFeO3 structure corresponds to our BiFeO3-(11) modification
showing space group Pm3m (no. 221). Alternative cubic structure could
exist in the space groups Im3 (no. 204) (see Table 2) or Fm3m (no.
225).[52]. However, BiFeO3 is highly unstable at the high temperatures
of the β-γ transition region and it rapidly decomposes into more stable
phases Bi2Fe4O9 or Fe2O3[1–6]. Therefore, there are still many open
questions regarding γ-BiFeO3 phase, as well as other BiFeO3 modifica-
tions, observed in the transition regions at high temperatures and/or
pressures. In order to address some of these questions ab initio

calculations have been performed in this study.

3.1.3. Ab initio structure optimization

The set of structure candidates generated using the procedures
described above, as well as equilibrium structure from experimental
synthesis, were submitted to the ab initio local optimization. These
local optimizations were performed using full potential linearized
augmented plane-waves plus local orbital (FP(L)APW+lo) method
based on density functional theory (DFT). The exchange and correla-
tion effects were included within the generalized gradient approxima-
tion (GGA+U). A summary of our results is shown in Tables 3 and 4,
where the structural parameters and total energies of all optimized
structures on ab initio level are presented.

As a starting point for the study of the electronic structure, the
structural parameters of the synthesized α-BiFeO3 phase were opti-
mized on ab initio level (see Figs. 1, 2 and Table 1). Obtained values
amounted to a=b=5.55 Å and c=13.84 Å, which is in good agreement
with our experimental results from the Rietveld refinement and
previous experiments [1–4,16–18,21].

Although, the BiFeO3-(1) in the space group R-3c is the closest
structure to equilibrium α-BiFeO3 according to GII index, the index
value is close to 0, which indicates unstable structure that will be easily
converted to equilibrium α-BiFeO3 structure and may not be found to
exist as a separate minimum. This is later confirmed in our ab initio

calculations, which are in agreement with previous calculations [29].
The reason for this particular discrepancy is found in the SPuDS
software which does not penalize Bi–O and O–O distances that are too
short [63], resulting in a GII value unrealistically low. Therefore, the
next in line was considered, which is BiFeO3-(2) in the Pnma space
group and with GII=0.01123. Our BiFeO3-(2) structure was success-
fully compared to previous experimental [18,43,51] and theoretical
findings [52–55] of β-BiFeO3 structure using CMPZ algorithm [36]
implemented in the KPLOT software [33] (see Fig. 3).

The BiFeO3-(2) structure can be described by edge and corner
connected dodecahedrons of oxygen around bismuth, with eightfold
coordination (CN=8) of the Bi3+ cation by O2− anion, and corner
connected tilted octahedrons of oxygen around iron, with sixfold
coordination (CN=6) of the Fe3+ cation by O2− anion. It is known that
at approximately 825 °C there is a first-order phase transition from α-
BiFeO3 modification to a high-temperature β-BiFeO3 phase, and this
rhombohedral to orthorombic phase transition is common in perovs-
kites [2,4,43,63]. There are some literature results describing α→β

phase transition and magnetic properties of BiFeO3 compound with Fe
octahedron tilting [1,2]. However, it is important to point Bi3+

coordination changing from six fold in α-BiFeO3 to eight fold in β-
BiFeO3 modification, which can largely influence polarization of
BiFeO3 compound (see Supporting information, Table S4) [1,2].

With further increase of temperature above 930 °C, a cubic γ-
BiFeO3 phase has been observed in the experiment [51,62], which we
have successfully compared to our BiFeO3-(11) predicted structure,
and optimized on ab initio level. Refined structure parameters of cubic
γ-BiFeO3 phase are published in Table 3 for the first time to our
knowledge. The γ-BiFeO3 structure can be described by face sharing
cuboctahedrons of oxygen around bismuth, with 12-fold coordination
(CN=12) of the Bi3+ cation by O2− anion, and corner connected perfect
octahedra of oxygen around iron, with six fold coordination (CN=6) of
the Fe3+ cation by O2− anion (see Fig. 4). It is also known from the
literature that the distortions away from the ideal perovskite cubic
structure occur according to various tilt systems, resulting in a change
of symmetry (see Table 2) [29,63,64]. Therefore, according to these
results as one of the probable high temperature and/or pressure
transition route of BiFeO3 from rhombohedral α-BiFeO3 (CN=6) over
intermediate orthorhombic β-BiFeO3 (CN=8) to cubic γ-BiFeO3

(CN=12) may be proposed Fig. 4.
In addition, our structure prediction favors tetragonal phase in

BiFeO3 compound and alternative tetragonal phases of BiFeO3 have
been previously observed [45,56] and calculated [52,57] at high
temperatures. BiFeO3-(4) in space group P4/mbm (no. 127) has been
optimized on ab initio level and results are shown in Tables 3, 4 and
Fig. 5. This is the first report of this kind of tetragonal phase of BiFeO3

to be proposed to our knowledge. The BiFeO3-(4) is a very good
candidate energetically (see Table 4) located between β and γ phases,
and structurally, with 8 fold coordination of bismuth by oxygen atom
(see Table S4 in the Supporting information) similar to the β phase,
and tetragonal symmetry, closer to the cubic γ phase. Thus, it might be
considered that tetragonal BiFeO3-(4) modification can be good
candidate along β→γ phase transition in BiFeO3. On the other hand,
other tetragonal candidates are less realistic, e.g. BiFeO3-(6) modifica-
tion increases Fe coordination number to 10 (CN=10).
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Finally, GII ranking from BVC calculations has been compared with
ab initio energy ranking using GGA calculations (see Supporting
information, Table S5). We note that predicted structures optimized

using GGA method had great overlap with GII ranking which is in
agreement with previous theoretical studies [29]. The existence of
predicted BiFeO3 structures has been further confirmed by high
precision GGA+U corrected method as shown in Table 3. It may be
seen that α→β phase transition is accompanied by a sudden volume
contraction (see Table 3), which has been observed in the literature
[51,62]. The transition is also accompanied by a peak in the dielectric
constant [2,62] which has been taken as an indication of a ferro-
electric–paraelectric transition [2]. However, volume expansion was
detected at β→γ phase transition (see Table 3), which has not been
reported before. The decrease of cation-anion mean distance should be
point out if second coordination polyhedron (see Supporting informa-
tion, Table S4) was considered. Total energies and stability of predicted
BiFeO3 structures compared to equilibrium α-BiFeO3 (AFM) phase has
been shown in Table 4. Again, it is clear that GII stability ranking of

Table 3
Structural data of the most favorable BiFeO3 perovskite modifications before and after ab inito optimization using GGA+U method.

Modification, space group and
Wyckoff position

Cell parameters (Å), unit-cell volume
(Å3) and fractional coordinatesa

Cell parameters (Å), unit-cell volume (Å3) and
fractional coordinates optimized with FP (L)APW
+lo

Birch–Murnaghan EOS
bulk moduli (GP)

α-BiFeO3 a=5.5870, c=13.8898 a=5.550 c=13.840 B0=112.61
R3c(161) V=375.47 V0=369.192, Vp=61.53 BP=6.56
Bi 6a 0 0 0 0 0 0
Fe 6a 0 0 0.2208 0 0 0.7755
O 18b 0.4474 0.0175 0.9528 0.08363 0.31631 0.37511
β-BiFeO3 a=5.6008, b=7.7667, a=5.662, b=7.852, B0=140.88
Pnma(62) c=5.395 c=5.455 BP=3.778

V=234.720 V0=242.519, Vp=60.63
Bi 4c 0.5595 1/4 0.5205 0.5551 1/4 0.0119
Fe 4b 1/2 0 0 1/2 0 1/2
O1 4c −0.0180 1/4 0.4016 0.9761 1/4 0.9099
O2 8d 0.2957 0.0492 0.7008 0.2976 0.0452 0.2049
BiFeO3-(4) a=5.3610, c=4.0309 a=5.4212, c=4.11635 B0=148.86
P4/mbm(127) V=115.851 V0=120.577, Vp=60.29 BP=2.530
Bi 2c 0 1/2 1/2 0 1/2 1/2
Fe 2a 0 0 0 0 0 0
O1 2b 0 0 1/2 0 0 1/2
O2 4g 0.1596 0.6596 0 0.18917 0.68917 0
γ-BiFeO3 a=4.0309 a=3.9538 B0=162.96

Pm3
−

m(221) V=65.496 V0=61.808, Vp=61.81 BP=4.112

Bi 1b 1/2 1/2 1/2 1/2 1/2 1/2
Fe 1a 0 0 0 0 0 0
O 3d 0 0 1/2 0 0 1/2

a In the first column are the results of the experimental synthesis, while others represent predicted structures using SpuDS software.

Table 4
Ground-state energy and stability compared to α-BiFeO3 (AFM) phase calculated using
GGA+U method. The total energies (E0) per formula unit shown in second column are in
Rydberg (Ry), while energy difference show in third column is converted to electronvolts
(eV).

Modification E0/f.u. (Ry) E0-E0 (BiFeO3-eq) (eV)

α-BiFeO3 (AFM) −46160.15377 0
β-BiFeO3 −46160.12874 +0.34055
BiFeO3-(4) −46160.09749 +0.76573
γ-BiFeO3 −46160.05814 +1.30111

Fig. 3. Visualization of the calculated β-BiFeO3 structure: (a) eight fold coordination (CN=8) of the Bi3+ cation by O2− anion; (b) six fold coordination (CN=6) of the Fe3+ cation by O2−

anion.
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predicted BiFeO3 structures overlap with ab initio total energy ranking
at GGA and GGA+U level of calculation.

3.2. Electronic and magnetic properties of BiFeO3

3.2.1. Spectroscopic ellipsometry

The pseudo-dielectric function 〈ε〉 represents an expectation value
obtained directly from the measurements of ellipsometric anglesΨ and
Δ. Assuming the two-phase model approximation (air/BiFeO3 nano-
particles), the pseudo-dielectric function spectra was calculated directly
from the complex reflectance ratio ρ=tan (ψ) eiΔ using the Eq. [1]:
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Measurement of pseudo-dielectric function enables direct determi-
nation of the extinction coefficient k of the bismuth ferrite powder
which is shown in the inset of Fig. 6. Literature data showed that the
bismuth ferrite has the band gap value around 2.77 eV [63]. In order to
obtain the band gap energy Tauc Law was used and the plot of (αE)2 vs
E is presented in Fig. 6, where α is the absorption coefficient (α=4πk/λ)
and E is the photon energy. The linear extrapolation of (αE)2 to zero
gives a band gap value at 2.71 eV, as shown in Fig. 6., which is in good
agreement with the data obtained from the literature [63].

Fig. 4. Visualization of the calculated cubic γ- BiFeO3 structure: (a) twelve fold coordination (CN=12) of the Bi atom by O atom; (b) six fold coordination (CN=6) of the Fe atom by O
atom.

Fig. 5. Visualization of the calculated BiFeO3-4 structure: (a) eightfold coordination (CN=8) of the Bi atom by O atom; (b) sixfold coordination (CN=6) of the Fe atom by O atom.

Fig. 6. Tauc plots vs. photon energy E for direct band gap (Eg) transition together with a
linear extrapolation of (αE)2. Inset shows the complex extinction coefficient (n, k) of the
bismuth ferrite powder obtained from spectroscopic ellipsometry.

M. Čebela et al. Ceramics International 43 (2017) 1256–1264

1261



3.2.2. Magnetic properties investigation using SQUID

Temperature dependence of DC magnetization for BiFeO3 mea-
sured in the magnetic field of 100 Oe is depicted in Fig. 7. Two
measurement procedures are applied: on heating after zero-field cool-
ing (ZFC), as well as on cooling in the magnetic field (FC). It can be
seen that system at about TN=220 K shows pronounced maximum
which can be assigned to the phase transition from antiferromagnetic
to the paramagnetic state (Néel temperature). This temperature is due

to nanometric dimensions of the particles significantly lower than those

reported for bulk samples (TN=651 K) [64]. Below Néel temperature

ZFC and FC curves are splitting, and magnetization for both branches,

increases with the temperature decrease. The same behavior was also

observed for the samples obtained by different synthesis procedures

[65,66], and can be explained due to a small presence of paramagnetic

Fe3+ ions. These ions probably belong to the small amount of Bi25FeO39

phase which is formed during BiFeO3 synthesis. At T=50 K, ZFC

branch shows cusp which represents transition to super-spin glass

state. Similar transition was also observed for doped and undoped

BiFeO3 nanopowders [67].

M(H) dependence recorded at 5 K and 300 K is shown in the Fig. 8.

M(H) curve recorded at 5 K shows weak hysteresis behavior, without

reaching saturation up to 5 T, is a sign of antiferromagnetic ordering.

However, the small coercive field of about 300 Oe (see Fig. 8 inset)

speaks in favor of weak ferromagnetic ordering. It is well known that

this arrangement occurs when the particle diameter is less than the

period of the long-range cycloidal spiral (62 nm) which is characteristic

structure for this compound [65,68]. At the room temperature M(H)

curve is linear and M(5 T)=0.36 emu/g (0.02 µB/f.u.) which is in

accordance with the literature data for the BiFeO3 nanoparticles of

the similar diameter size [65].

3.2.3. Calculations on ab initio level

Previous studies reported that the calculated electronic ground

state strongly depends on the nature of magnetic ordering, even when

spin-polarization was introduced into the calculations [40,50].

Electronic structure of α-BiFeO3 is studied by observing the behavior

of its spin-up and spin-down density of states (DOS) around the Fermi

level. Fig. 9 presents total DOS, as well as DOS decomposed according

to individual Bi and O atoms, in addition to Fe d electron states for the

ferromagnetic BiFeO3. Density of states is presented for both spin-up

and spin-down states, and by convention Fermi level is set to 0 eV.

Total density of states shows the effect of spin-polarization in the

region of occupied states, mainly from −8 to 0 eV, but also in the region

of unoccupied states, from 0.5 to 5 eV. When total DOS is decomposed

according to individual atoms of studied compound, it is evident that

the spin-polarization is expressed primarily in Fe. This was expected,

considering the magnetic nature of this atom. In order to address this,

d electron states of Fe are extracted and presented in the same Figure.

Two pronounced peaks of spin-up and spin-down d states are present

in the region from −8 eV to −6 eV, and from 0.5 to 5 eV, respectively. It

should also be indicated that Bi states are located in the band about

10 eV below the Fermi level, while O states are broader and found

overlapping with the Fe d states.

In addition to studying the density of states, magnetic moment per

Fe atom was also calculated. It amounts to 3.98 μB, which is in good

agreement with experimental value for the cubic ferromagnetic phase,

3.75(2) μB [69].

In Fig. 10, total DOS, as well as DOS decomposed according to

individual Bi, O and Fe atoms are presented for the BiFeO3 obtained in

spin-polarized calculations by imposing opposite orientations of mag-

netic moments on Fe atoms and therefore resulting zero magnetic

moment of the unit cell, which is in agreement with magnetic

measurements presented in previous chapter.

Bi states are located in the band about 10 eV below the Fermi level,

similar to Fig. 9, while O states are broader and found overlapping with

the Fe states. Calculated band gap is 2.1 eV using DFT-GGA, which is in

good agreement with our electronic spectroscopy, concerning that

calculated value is strongly dependent on the value of effective

potential used in calculations and size of the measured particles, which

is in agreement with other experimental and theoretical results. [1–

6,40,50,70].

Furthermore, based on the Bader's theory of atoms in molecules

[71], charge transfer in the studied compound is calculated. The values
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Fig. 7. Temperature dependence of BiFeO3 magnetization.
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Inset: Details of M(H) behavior at 5 K.

Fig. 9. Spin-polarized total and partial density of states for the ferromagnetic BiFeO3;

spin-up states shown as positive and spin-down states shown as negative.
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of Bader’s charges are equal to the difference in the number of electrons

of given atom and number of electrons in the atomic basin belonging to

that atom in the studied compound. For the studied α-BiFeO3

modification, obtained values of the Bader’s charge were 1.86 for Fe

and Bi, and −1.24 for O. This result indicates that the equal charge

transfer occurred from both Fe and Bi metals to O atom, and is in

agreement with general trend that Bader’s charge follows electronega-

tivity of the atoms [72].

4. Conclusions

Nanosized bismuth ferrite powder has a potential application in the

production of lead free piezoelectric materials for actuators as well as

magnetoelectric sensors. Here we show simple, low-costing and

energy-saving hydrothermal method, which has advantages over the

conventional methods. BiFeO3 powders were synthesized using

Bi(NO3)3·5H2O and Fe(NO3)3·9H2O as starting material and 8 M

KOH as mineralizer. It was detected that all reflections can be indexed

to a pure rhombohedral α-BiFeO3 crystal phase which crystallizes in

R3c (no. 161) space group. Refined structure and microstructural

parameters show that the crystal size is in the nanometric range at

about 30 nm. The structure prediction method has been used and 11

additional perovskite-related structure candidates in different space

groups were obtained. After ab initio optimization equilibrium α-

BiFeO3 modification was confirmed by experimental results. Besides,

β-BiFeO3 and γ-BiFeO3 modification at elevated temperatures and/or

pressures were identified as well as their respective transition route.

Calculations proved to be in good agreement with previous experi-

mental and theoretical results.

In addition, a novel tetragonal BiFeO3–4 phase which has never

been reported before, was identified in this study. Finally, electro-

magnetic properties of BiFeO3 were investigated using combination of

experimental and theoretical methods. Temperature dependence of

magnetization shows antiferromagnetic-paramagnetic phase transition

at TN=220 K, while below this temperature weak ferromagnetic order-

ing is detected. The results of this study offer an overall conclusion that

the local magnetic properties of pure BiFeO3 nanoparticles mainly

depend on the particle size and their diverse morphology due to the

different preparation methods and annealing temperatures. DFT

calculations on electronic and magnetic properties of BiFeO3 show

good agreement with respective measurements studied here, previous

experimental and theoretical work.
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Abstract

Pure and La3þ doped titanium dioxide (TiO2) nanopowders were obtained by sol–gel and hydrothermal methods. A precursor was titanium

tetrachloride and concentrations of dopants were 0.5 and 1.0 mol%. Procedures of both methods were the same, up to the last part of synthesis

(the transformation from the mother liquor to oxide nanopowders), in order to find the influence of applied methods on the properties of

nanopowders. XRD results have shown that all synthesized nanopowders were in the anatase phase. It was seen from DSC measurements that

anatase to rutile phase transition took place at a higher temperature with a higher concentration of dopant (La3þ ). The samples obtained by the

sol–gel method had a higher temperature of phase transition than related samples obtained by the hydrothermal method. Nanopowder properties

have been related to the photocatalytic activity, tested in degradation of the pharmaceutical alprazolam.

& 2014 Elsevier Ltd and Techna Group S.r.l. All rights reserved.

Keywords: A. Powders: chemical preparation; B. Porosity; C. Optical properties; D. TiO2

1. Introduction

Advanced Oxidation Processes (AOPs) have been devel-

oped to remove the contaminants of drinking water and

industrial effluents [1,2]. Among them, heterogeneous photo-

catalysis using TiO2 is regarded as a promising method for the

purification and treatment of both contaminated air and water

[3,4] due to its performance such as low cost, non-toxicity,

chemical stability, availability and the strong oxidizing power

of its photogenerated holes. The size of the titanium dioxide

particles is an important factor affecting the photocatalytic

activity of this catalyst [5,6]. Therefore, it is not surprising that

much research has been focused upon the reduction of the

particle size. Nano-semiconductor materials doped with rare-

earth elements have the ability of strong adsorption, good

thermal stabilization, electron-type conductivity and high

photocatalytic activity [7–9].

TiO2 can be produced by many different methods and

among them we are particularly interested for “wet” methods

where the most representative are sol–gel and hydrothermal

methods. Because of that, in this work pure and La-doped

TiO2 nanoparticles were prepared by sol–gel and hydrothermal

methods. The content of La3þ in our investigation was 0.5 and

1 mol%, as these concentrations have been established as the

most appropriate in photocatalytic applications [9,10].

www.elsevier.com/locate/ceramint

http://dx.doi.org/10.1016/j.ceramint.2014.05.060
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In recent years, pharmaceuticals have been present in the

aquatic environment as a consequence of their use in very high

quantities throughout the world. Pharmaceuticals are large

group of organic compounds which can enter the water system

by means of direct disposal and excretion. They may be present

in surface water at low concentration levels, depending on the

efficiency of wastewater treatments. Despite these low concentra-

tions, the ubiquity of pharmaceuticals in the aquatic environment

together, with their persistent biological activities explains the

concern over this specific group of water contaminants [11–13].

Until now, a large diversity of pharmaceuticals has been found in

the environment: analgesics, antibiotics, antiepileptics, β-blockers,

blood–lipid regulators, antidepressants, anxiolytics, sedatives, con-

traceptives, etc. [14].

Alprazolam (8-chloro-1-methyl-6-phenyl-4H-[1,2,4]triazole[4,3,-

α]-[1,4]-benzodiazepine, CAS no. 28981-97-7, C17H13ClN4,

Mr=308.765) is a short-acting anxiolytic, which belongs to the

benzodiazepine class of psychoactive drugs. It has unique clinical

and neurochemical spectrum of action among benzodiazepine full

agonists [15,16]. Alprazolam acts on the brain and central nervous

system to produce a calming effect [17] and it is mainly used to

treat anxiety disorders or anxiety associated to symptoms of

depression [18]. The extensive use of alprazolam is a consequence

of its antidepressant effect, its synergic action as an anxiolytic in

combination with antidepressants in patients with advanced cancer,

in the treatment of pathologies that imply anxiety disorders of

chronic intensity as the social phobia and other psychosocial

pathologies [16].

Since pharmaceuticals are being introduced into the envir-

onment on a continuous basis and its continuous input and

persistence to the water system may result in a potential risk

for aquatic and terrestrial organisms, special attention has

recently been paid to the degradation of pharmaceuticals as a

means of water decontamination. The aim of this work is to

estimate the efficiency of pure and La3þ doped anatase

nanopowders, synthesized by two different routes, in photo-

catalytic degradation of alprazolam, as well as to investigate

the variations in anatase structure with La3þ doping.

2. Experimental details

2.1. Synthesis

All chemicals are used without further purifications.

2.2. Sol–gel method (SG)

TiCl4 (99.0%, pure, Merck) was used as a precursor. An

appropriate amount of TiCl4 was dissolved in distilled water

under vigorous stirring on an ice-bath. To obtain the hydrogel

the aqueous solution of NH4OH (29% Carlo Erba), was added

under careful control of the pH value of the solution to achieve

the alkaline conditions (pH 9). After aging in mother liquor

for 5 h the hydrogel was filtered and washed out with distilled

water until the complete removal of chloride ions (the common

analytical procedure with AgNO3). Afterwards the obtained

hydrogel was converted to its ethanol–gel by anhydrous

ethanol. Alcogel was placed in a vessel, dried at 280 1C and

calcined at a temperature of 550 1C for 4 h.

2.3. Hydrothermal method (HT)

The whole procedure was the same as the sol–gel process

until the hydrogel was obtained (including the aging in mother

liquor for 5 h). Then hydrogel was placed in a steel pressure

vessel (autoclave) under a controlled temperature. The reaction

of hydrothermal synthesis was carried out at 200 1C for 24 h.

After that, the vessel contains were filtered and washed with

distilled water until complete removal of chloride ions. The

last step to obtain TiO2 nanoparticles was drying at 105.5 1C

for 72 h.

2.4. Characterization methods

Samples of pure and La3þ -doped TiO2 obtained by both

methods were analyzed by XRD using a Stoe Stadi MP

diffractometer (CuKα1 radiation, primary beam Ge monochro-

mator, linear PSD detector, Bragg–Brentano geometry). Data

were collected at every 0.011 in the 10–901 2θ angular range,

using a counting time of 80 s/step. The Fullprof computer

program was used. The Williamson–Hall Method [19] was

applied for determination of the average microstrain and the

mean crystallite sizes.

Composition/quality of TiO2 has been analyzed on SEM

(JEOL JSM-6460LV, with the operating voltage of 20 keV)

equipped with an EDS (INCAx-sight) detector and “INAx-

stream” pulse processor (Oxford Instruments).

Non-contact atomic force microscopy (NC-AFM) measure-

ments were carried out using Omicron B002645 SPM probe

VT AFM 25.

The TG/DSC analysis of samples consisted in pure and

La-doped TiO2 (anatase) synthesized by sol–gel method and

hydrothermal method was carried out on an SDT Q600

instrument (TA Instruments) up to 1100 1C in N2 atmosphere

(flow rate: 100 cm3 min!1; heating rate: 10 1C min!1). The

pure indium and sapphire were used for the calibration of

temperature and DSC signal, respectively.

The porous structure of anatase samples has been evaluated

from adsorption/desorption isotherms of N2 measured on TiO2

samples, at !196 1C, using the gravimetric McBain method.

The main parameters of the porosity such as specific surface

area and pore volume have been estimated by the Brunauer–

Emmett–Teller (BET) method and αs-plot [20]. The pore size

distribution has been estimated from hysteresis sorption data

by the Barret–Joyner–Halenda (BJH) method [21].

Raman scattering measurements of TiO2 samples was

performed in the backscattering geometry at room temperature

in the air using a Jobin-Yvon T64000 triple spectrometer,

equipped with a confocal microscope and a nitrogen-cooled

charge coupled device detector. The spectra were excited by

514.5 nm line of Arþ /Krþ ion laser with output power less

than 5 mW to avoid local heating due to laser irradiation.
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2.5. Measurements of photocatalytic activity

The photocatalytic activity of the nanopowders was eval-

uated in the process of the degradation of the solution of

alprazolam (Sigma-Aldrich). The photocatalytic degradation

was carried out in a cell described previously [22]. A 125 W

high-pressure mercury lamp (Philips, HPL-N, emission bands

in the UV region at 304, 314, 335 and 366 nm, with maximum

emission at 366 nm), together with an appropriate concave

mirror, was used as the radiation source. Experiments were

carried out using 20 cm3 of 0.03 mmol dm�3 of alprazolam

solution and the photocatalyst loading was 1.0 mg cm�3. The

aqueous suspension was sonicated (50 Hz) in the dark for

15 min before illumination, to uniformly disperse the photo-

catalyst particles and attain adsorption equilibrium. The

suspension thus obtained was thermostated at 2570.5 1C in

a stream of O2 (3.0 cm3 min�1), and then irradiated. During

irradiation, the mixture was stirred at a constant rate under

continuous O2 flow. In order to determine the reproducibility

of the results, at least duplicated runs were carried out for each

condition for averaging the results, and the reproducibility of

kinetic measurements was 3–10%.

For the UFLC–DAD kinetic studies of alprazolam photo-

degradation, aliquots of 0.50 cm3 were taken from the reaction

mixture at the beginning of the experiment and at regular time

intervals. Aliquot sampling caused a maximum volume varia-

tion of ca. 10% in the reaction mixture. The suspensions

containing photocatalyst were filtered through a Millipore

(Milex-GV, 0.22 μm) membrane filter. After that, a 10-μl

sample was injected and analyzed on UFLC-Shimadzu

equipped with an Eclypse XDB-C18 column (150 mm 

4.6 mm i.d., particle size 5 μm, 25 1C). The UV/vis DAD

detector was set at 222 nm (wavelength of alprazolam max-

imum absorption). The mobile phase (flow rate 1 cm3 min�1)

was a mixture of acetonitrile (99.8%, J. T. Baker) and water

(40:60, v/v), the water being acidified with 0.1% H3PO4 (85%,

Sigma-Aldrich).

3. Results and discussion

3.1. Synthesis

In the sol–gel synthesis experimental parameters were the

same as in our previous experiments [23] except the duration

of calcination of 4 h. It was found that using the duration of 4 h

to synthesize TiO2 nanoparticles (anatase phase) have the best

photocatalytic properties in photodegradation of metoprolol

[22] within samples with various durations of calcination (from

1 to 7 h) and our samples have mentioned set-up of experi-

mental parameters.

In the hydrothermal synthesis experimental parameters were

temperature of 200 1C (as in [24,25], although Ti-butoxide was

the precursor, and the duration was 24 h (as in [26]). The

charge from the vessel in autoclave was the same as in the case

of sol–gel synthesis before the processes of drying and

calcination due to reveal a influence of type of synthesis on

a properties of obtained TiO2 nanoparticles.

3.2. X-ray diffraction

The XRD patterns of pure TiO2 and doped with La3þ doped

nanopowders, synthesized by sol–gel and hydrothermal

Fig. 1. XRD patterns of pure TiO2 and La-doped TiO2 nanopowders synthesized by sol–gel (a) and hydrothermal (b) methods. Characteristic diffractions of anatase

phase given in parentheses.
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method are presented in Fig. 1. The diffraction peaks present in

all samples coincide to the anatase TiO2 structure (JCPDS card

21-1272, space group I41/amd), which is clearly indicated by

the main anatase reflection at 2θ�251. Their positions are

slightly shifted, indicating a change in lattice parameters in

comparison to the bulk values for anatase (a0¼0.37852 nm,

c0¼0.95139 nm), as shown in Table 1.

The average crystallite size of anatase nanoparticles, esti-

mated by the Williamson–Hall method, is slightly greater in

samples obtained by the hydrothermal method than those

obtained by the sol–gel method, as listed in Table 1. The

crystallite size in the range from 15 to 19 nm has been

estimated from all diffraction patterns. Significant difference

in microstrain has not been found in pure TiO2 samples

synthesized by both methods. Similarly, for both samples

doped with 0.5% La3þ , corresponding values of microstrain

were close, whereas much smaller microstrain (0.08%) has

been detected in the sample doped with 1% La3þ obtained by

the hydrothermal method in comparison to the sample synthe-

sized by the sol–gel method (0.86%).

3.3. TG/DSC analysis

The TG analysis of pure, 0.5 mol% La3þ doped TiO2 and

1 mol% La3þ doped TiO2 nanopowders, obtained by SG and

HT method has been performed. After heating the sample,

from the room temperature up to 1100 1C, the total mass loss

for both pure TiO2 was 3.5%, while for the 0.5 mol% La doped

TiO2 and 1 mol% La doped TiO2 synthesized either using SG

or HT method total weight loss was around 5%. Unlike pure

TiO2, the doped samples have a slightly larger mass loss. It

could be found that there are two main stages for all samples,

where the first step occurs from room temperature up to 200 1C

for pure TiO2 and for doped samples up to 180 1C. For this

step the rate of mass loss is around 2.5% and it could be

ascribed to the release of some adsorbed water. The second

step occurs up to 450 1C and it ranges from 1% for pure up to

1.3% for all doped samples and it could mainly resulted from

the combustion decomposition of some organic matters.

In Fig. 2 DSC curves containing two broad exothermic

peaks in general are presented. According to these curves, a

wide peak at about 100 1C could be found, corresponding to

the earlier mentioned desorption of water, as well as one

highly overlapped releasing thermal peak with maxima around

350 1C, corresponding to the combustion decomposition of the

organic matters. The interval from �800 1C to 1000 1C has

exhibited an obvious decalescence phenomena, possibly

resulting from the phase transition from anatase to rutile

[27]. Independently, in samples obtained both by SG or HT

methods, the increasing of temperature of anatase to rutile the

phase transition with increased La3þ concentration has been

observed.

It can be concluded from the DSC curves of pure (undoped)

TiO2 nanopowders that the temperature of anatase to rutile

phase transitions in these samples are almost the same,

regardless of the process of synthesis. Also, the DSC peaks

maxima are shifted towards higher temperatures with increas-

ing concentration of La3þ in the samples synthesized by both

methods. Samples obtained by the SG treatment (Fig. 3a) show

higher increasing of temperature of anatase to rutile phase

transition with increasing La3þ concentration, than samples

obtained by the HT treatment (Fig. 3b). This phenomenon is

directly related to the conditions of synthesis and the stoichio-

metric composition of the product, due to ability of La dopant

to greatly inhibit anatase to rutile phase transition [28].

Generally, the temperature of the phase transition can be

varied as a function of the preparation condition of the

hydroxide gel (in our case, mother liquor). Namely, it has

been found by studying XRD data of TiO2 obtained by the

sol–gel method that several weak peaks from the rutile phase

appear in the sample calcined at 600 1C [29].

Table 1

Crystallite size, lattice parameters, and average strain of pure and La3þ doped

TiO2 (anatase) obtained by sol–gel and hydrothermal methods.

Crystallite size

(nm)

Lattice parameters (nm) Strain

(%)
a (¼b) c

SG

Pure TiO2 16 0.3788 (6) 0.9526 (4) 0.12

0.5 mol% La 15 0.3795 (7) 0.9518 (9) 0.29

1 mol% La 15 0.3786 (5) 0.9462 (1) 0.86

HT

Pure TiO2 19 0.3796 (8) 0.9530 (0) 0.13

0.5 mol% La 17 0.3794 (4) 0.9536 (2) 0.24

1 mol% La 18 0.3791 (6) 0.9501 (6) 0.08

Fig. 2. DSC curves of pure and La-doped TiO2 synthesized using sol–gel (a)

and hydrothermal (b) methods.
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3.4. Atomic force microscopy

The NC-AFM images of pure and 0.5 mol% La-doped TiO2

samples synthesized by SG method are shown in Figs. 3(a)

and (b), respectively. In Fig. 3(c) the image of 0.5 mol% La-

doped TiO2 nanopowder synthesized by the HT method is

presented. It can be observed from these images that samples

consist of small, spherical nanoparticles (�15–20 nm), as well

Fig. 3. The AFM images of (a) pure and (b) 0.5 wt% La doped TiO2 synthesized by SG method, and (b) HT-synthesized TiO2, nanopowder doped with 0.5 wt% La.

Table 2

EDS results for some TiO2 nanopowders synthesized by SG and HT methods.

TiO2 sample O (wt%) Ti (wt%) La (wt%) Total (wt%)

Sol–gel method

Pure 43.28 56.72 0.00 100.00

0.5% La 47.99 52.01 0.00 100.00

1% La 43.56 55.97 0.47 100.00

Hydrothermal method

Pure 43.16 56.84 0.00 100.00

0.5% La 43.02 56.98 0.00 100.00

1% La 43.03 56.17 0.80 100.00

Fig. 4. The SEM images corresponding to EDS results of (a) pure, (b) 0.5 wt La doped and (c) 1 wt% La doped SG synthesized TiO2 nanopowders; (d) pure,

(e) 0.5 wt La doped and (f) 1 wt% La doped HT synthesized TiO2 nanopowders.

A. Golubović et al. / Ceramics International 40 (2014) 13409–13418 13413



as greater agglomerated particles, with slightly smaller parti-

cles in the SG synthesized doped sample. These results are in

good agreement with size estimation obtained by XRD

analysis (Table 1).

3.5. SEM-EDS

The chemical composition of pure and La-doped nanopow-

ders synthesized by SG and HT methods has been estimated by

the EDS method (Table 2). The micrographs of all synthesized

samples are shown in Fig. 4, whereas the EDS spectra,

collected from corresponding framed areas, are presented in

Fig. 5. The oxygen weight percent is similar in SG and HT

synthesized nanopowders (�43 wt%), and above the value in

stoichiometric TiO2 (40 wt%). The La content has been

detected in the samples doped with 1 wt% of La: 0.47 wt%

in the SG synthesized sample, and 0.80 wt% in the HT

synthesized sample. In the samples doped with 0.5 wt% of

La, synthesized by both methods, the content of La could not

be detected.

3.6. BET

In order to study the effects of synthesis method and La-doping

on the pore structure and adsorption abilities of TiO2 nanopowders,

BET nitrogen sorption measurements have been carried out. The

parameters of porosity, determined from the αs-plots [20] obtained

from the standard nitrogen adsorption isotherms have shown that

the samples are fully mesoporous. In Fig. 6 the pore size

distributions for pure and La-doped TiO2 nanopowders synthesized

by sol–gel and hydrothermal methods, obtained by the BJH model

Fig. 5. The EDS spectra of (a) pure, (b) 0.5 wt% La doped and (c) 1 wt% La doped SG synthesized TiO2 nanopowders; (d) pure, (e) 0.5 wt% La doped and (f) 1 wt% La

doped HT synthesized TiO2 nanopowders.

Fig. 6. The pore size distribution for pure and La-doped TiO2 nanopowders synthesized by sol–gel (a) and hydrothermal (b) methods, obtained by BJH.

Corresponding adsorption/desorption isotherm curves given in the insets.
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[21], are shown, together with corresponding adsorption/desorption

curves, given in the insets.

The pore parameters of the samples have been influenced by

the synthesis method and the level of La-doping: in Table 3 the

values of specific surface area (SBET) and pore volume (Vp) for

sol–gel and hydrothermally synthesized nanopowders,

obtained by the BET method, are listed for comparison.

Namely, in the sol–gel synthesized samples, the specific

surface area is increasing with the increase of La content,

from 60 m2 g�1 in pure TiO2 to  80 m2 g�1 in La-doped

samples (see Table 3). In hydrothermally synthesized samples

SBET values are lower than in the sol–gel synthesized samples.

In those samples, SBET is also increasing, from 49 m2 g�1 in

pure TiO2 nanopowder to 51 and 58 m2 g�1 in samples doped

with 0.5 and 1 mol%, respectively (Table 3). Similar values

of specific surface area have been obtained by the BJH

method [21].

The mean diameters of mesopores, calculated from both

BET and BJH (DBET, DBJH, respectively) for the samples

obtained by both synthesis routes are also listed in Table 3. It

may be noticed from these data that larger pore diameters have

been registered in the hydrothermally synthesized sample.

3.7. Raman scattering measurements

The structure of synthesized pure and La-doped TiO2

nanopowder samples have been analyzed by Raman

Table 3

The porous properties of pure and La-doped TiO2 nanopowders synthesized by sol–gel and hydrothermal methods: specific surface area (SBET, SBJH), pore volume

(Vp), and mean pore diameters (DBET, DBJH) obtained from BET and BJH methods.

Sol–gel method Hydrothermal method

Pure TiO2 0.5% La 1% La Pure TiO2 0.5% La 1% La

SBET (m2 g�1)¼Smeso 60 80 81 49 51 58

Vp (cm3 g�1) 0.133 0.222 0.161 0.241 0.194 0.203

DBET (nm) 5.7 7.2 5.1 12.6 9.8 9.0

SBJH (m2 g�1) 62 82 81 51 50 59

DBJH (nm) 5.4 7.1 5.2 12.5 9.9 8.5

Fig. 7. The Raman spectrum of pure and La-doped TiO2 nanopowders, synthesized by sol–gel (a) and hydrothermal (b) methods, with anatase modes denoted.

Insets: the spectral region of 220–380 cm�1 with characteristic brookite modes.
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spectroscopy, to reveal the influence of synthesis method and

La-doping on measured Raman spectra. The most intensive

Raman features in all spectra (Fig. 7) have been assigned to

anatase [30]: Eg(1) (�143 cm 1), Eg(2) (�199 cm 1), B1g

(�399 cm 1), A1gþB1g (�518 cm 1), and Eg(3) (�639

cm 1). Greater intensity of anatase modes, measured in the

HT samples, points to better crystallinity in these samples in

comparison to the SG synthesized samples. Besides anatase

modes, some additional features of very low intensity have

been detected in the range from 220 to 380 cm 1 in the Raman

spectra of the samples synthesized by both sol–gel and

hydrothermal method, as shown in the insets of Fig. 7(a) and

(b). These features can be ascribed to the brookite phase [22]:

A1g (�247 cm 1), B3g (�287 cm 1), B1g (�322 cm 1), and

B2g (�366 cm 1). Low intensities and large linewidths of

these modes should indicate a disorder and/or partial amor-

phization of the brookite phase [22,23], which is more

pronounced in the sol–gel synthesized samples.

3.8. Photocatalysis

Influence of two different routes of synthesis and concen-

trations of La3þ on the photocatalytic activity of nanopowders

was studied in photocatalytic degradation of alprazolam under

UV light irradiation. The results are presented in Fig. 8. On the

basis of these kinetic curves, a linear dependence of ln(c/c0) on

the illumination time was obtained in the first period of

heterogeneous photocatalysis for all synthesized samples,

suggesting that the degradation reaction of the alprazolam is

pseudo-first order kinetics (the linear correlation coefficients

varied in the range 0.994–0.999), as shown in Table 4.

As can be seen, the presence of La3þ has a negative effect

on the photocatalytic efficiency of nanopowders synthesized

by the sol–gel method (Fig. 8(a), Table 4), while in the case of

hydrothermal synthesis method La3þ content practically has

no impact (within experimental error) on the efficiency of

nanopowders in photocatalytic degradation of alprazolam

(Fig. 8(b), Table 4).

When comparing photocatalytic activity of nanopowders

obtained by both methods of synthesis (Fig. 8, Table 4) it can

be concluded that the alprazolam degradation rate was some-

what higher in the case of used catalysts synthesized by the

hydrothermal method, although the crystallite size of nano-

particles in this case were a slightly greater than nanoparticles

obtained by the sol–gel method (Table 1), while the specific

surface areas were slightly lower (Table 2). However, the

catalysts synthesized by the hydrothermal method have greater

mean pore diameter (calculated by two different methods,

Table 2) than the catalyst synthesized by the sol–gel method.

These relationships confirm the crucial role of pore size

distribution in efficient photocatalytic degradation of relatively

large pollutant molecules such as alprazolam and probably this

is the reason for a slightly higher efficiency of the catalyst

synthesized by the hydrothermal method. Similar results were

obtained in the study of photocatalytic degradation of meto-

prolol by using mesoporous anatase nanopowders [22].

Fig. 8. The kinetics of photocatalytic degradation of alprazolam (c0¼0.03

mmol dm 3) in the presence of different types of catalyst (1 mg cm 3) under

UV irradiation: (a) sol–gel and (b) hydrothermally synthesizes samples of pure

and La doped TiO2 nanopowders.

Table 4

Effect of type catalyst on reaction rate constant and reaction rate of

photocatalytic degradation of alprazolam (c0¼0.03 mmol dm 3).

ka# 102

(min 1)

Rb
# 106

(mol dm 3 min 1)

rc

SG

Pure TiO2 7.04 2.28 0.9991

0.5 mol% La 4.97 1.61 0.9966

1 mol% La 5.63 1.82 0.9995

HT

Pure TiO2 7.68 2.49 0.9938

0.5 mol% La 8.22 2.66 0.9960

1 mol% La 7.80 2.53 0.9948

aReaction rate constant determined for the first 20 min of irradiation.
bReaction rate determined for the first 20 min of irradiation.
cLinear regression coefficient.
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4. Conclusion

Mesoporous TiO2 nanopowders doped with La3þ were

prepared by the sol–gel synthesis performed at 550 1C and

hydrothermal method performed at 200 1C in order to compare

structural, morphological and photocatalytic properties of

synthesized samples. According to XRD and Raman measure-

ments nanoparticles with a dominant anatase phase have been

obtained by both synthesis methods. These measurements have

shown that slightly larger crystallites, with better crystalline

structure, have been produced by HT than by the SG method.

It has been observed from DSC measurements that La-doping

shifted anatase-to-rutile phase transformation to higher tem-

peratures, giving better thermal stability to these nanomaterials

for applications in advanced technologies. Photocatalytic

activity of synthesized nanopowders has been tested in

degradation of alprazolam in water solution under UV light

irradiation. A higher degradation rate has been detected for the

catalysts synthesized by the hydrothermal method, in spite of

their slightly greater crystallite size and lower specific surface

area, in comparison to the nanoparticles obtained by the sol–

gel method. Such improvement of photocatalytic performance

of hydrothermally synthesized nanopowders may rather be

related to their better crystallinity of both TiO2 phases (anatase

and brookite), as well as greater mean pore size. Also,

La-doping have slightly degraded photocatalytic efficiency of

nanopowders obtained by the applied sol–gel route in degrada-

tion of alprazolam, whereas there was no impact of La-content

on photocatalytic performance of hydrothermally synthesized

samples.
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The influence of La-doping in the range of 0.5–6.0 mol% on structural and morphological

properties of TiO2 nanopowders synthesized by sol–gel routine has been investigated by

XRPD, AFM, EDS and BET measurements, as well as Raman spectroscopy. The XRPD and

Raman measurements have revealed the anatase phase as dominant in all nanopowders,

with crystallite size decreasing from ~15 nm in pure TiO2 to ~12 nm in La-doped samples.

The BET data suggest that all samples are fully mesoporous, with mean pore diameters in

the range of ~6–8 nm. The specific surface area and the complexity of pore structure are

greater in doped samples than in pure TiO2 sample. The spectroscopic ellipsometry has

apparently shown that the band gap has been gradually increased with the increase of La

content. The STM and STS techniques have been used successfully to evaluate the surface

morphology and electronic properties of La-doped nanopowders. All investigated proper-

ties have been related to photocatalytic activity, tested in degradation of a metoprolol

tartrate salt (0.05 mM), and induced by UV-radiation. All doped samples showed increased

photocatalytic activity compared to pure TiO2, among which the 0.65 mol% La-doped

sample appeared to be the most efficient.

© 2013 Elsevier Inc. All rights reserved.
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1. Introduction

Among the semiconductors investigated for the purpose of the

degradation of pollutants in thewater, titaniumdioxide (TiO2) is

the most preferable material for the photocatalytic processes,

due to its high photosensitivity, non-toxic nature, large band

gap and stability ([1] and the references therein). In recent

research, doping TiO2 with lanthanum (La3+) ions has been

found to improve the activity of TiO2 photocatalysts [2–4]. The

reasons for such improvement in photocatalytic activity have

been generally related to increasing surface area and pore

volume, capacity for adsorption of organic compounds, as well

as suppressing electron–hole recombination rates in La-doped

TiO2 photocatalyst during the photocatalytic reaction [2–4].

However, the variety of experimental conditions, sample

preparation and determination of photoreactivity, as well as a

lack of information on electronic structure, still make it difficult

to explain the formation mechanism of lanthanum oxides and

the changing of band gap energy with La-doping [5,6]. Namely,

most of the literature is in agreement with the fact that

La-doping is able to red shift the adsorption edges of TiO2 to

longer wavelengths, usually attributed to the La3+ replacing Ti4+

M A T E R I A L S C H A R A C T E R I Z A T I O N 8 8 ( 2 0 1 4 ) 3 0 – 4 1

⁎ Corresponding author at: Institute of Physics, University of Belgrade, Pregrevica 118, 11080 Belgrade, Serbia. Tel.: +381 113713023; fax: +381
113162190.

E-mail address: myramyra@ipb.ac.rs (M. Grujić-Brojčin).

1044-5803/$ – see front matter © 2013 Elsevier Inc. All rights reserved.
http://dx.doi.org/10.1016/j.matchar.2013.12.002

Ava i l ab l e on l i ne a t www.sc i enced i r ec t . com

ScienceDirect

www.e l sev i e r . com/ loca te /matcha r



ions in the TiO2 lattice [6,7], but some recent studies have

reported either a blue shift [8] or an absence of any shift [6]. This

may be due to different synthesis conditions, and more insight

is needed to determinewhich conditions are responsible for the

specific behavior of the adsorption edge.

The sol–gel process appears to be the most popular doping

technique since it is a low-cost, simple, and versatile method

that can be easilymanipulated. However, this process, followed

by calcination at high temperature, can allow for lanthanum

ions either to form oxides dispersed on the surface of the TiO2
nanoparticles, or to incorporate in the titania lattice, as a less

frequent outcome [7]. Therefore one of the goals of this research

was to estimate which form of La3+ ions is dominant in TiO2
nanopowders synthesized under the specified sol–gel synthesis

conditions.

The TiO2 mesoporous nanopowders, pure and doped with

La3+ in the range of 0.5 to 6.0 mol% have been prepared by sol–

gel routine using titanium tetrachloride (TiCl4) as a precursor

[9–11]. The effects of La-doping on the crystallite size, structure

and phase composition of the synthesized samples have been

investigated by X-ray powder diffraction (XRPD), energy-

dispersive X-ray spectroscopy (EDS), and Raman scattering

measurements.

The morphological properties have been studied by atomic

force microscopy (AFM) and the Brunauer–Emmett–Teller (BET)

measurements. The BET data have been analyzed by BJH

(Barrett–Joyner–Halenda) and CPSM (corrugated pore structure

model) methods to estimate the specific surface area and pore

size distribution. Also, the pore structure tortuosity factor, as a

feature of primary importance in catalysis, has been calculated

by CPSM to obtain the information on the connectivity among

the pores, which is essential to describe transport dynamics in

porous media, and consequently determine the time of the

catalytic reaction [12,13].

The electronic properties of nanopowders have been

studied by scanning tunneling spectroscopy (STS) and spec-

troscopic ellipsometry (SE), to reveal the influence of doping

on band gap energy and the energies of electronic transitions.

Experimentally observed structural, morphological and

surface modifications of TiO2 nanoparticles induced by

La-doping have been related to the photocatalytic activity

under ultraviolet (UV) irradiation. The efficiency of La-doped

TiO2 nanopowders have been tested in photocatalytic degra-

dation of metoprolol tartrate salt, and compared to the

performance of pure nanopowder under the same condi-

tions [10,11,14]. Metoprolol tartrate salt (1-[4-(2-methoxyethyl)

phenoxy]-3-(propan-2-ylamino)propan-2-ol tartrate (2:1), CAS

no. 56392-17-7, (C15H25NO3)2 C4H6O6, Mr = 684.81, MET) is

commonly used as selective β1-blocker in treatment of

cardiovascular diseases. Its continuous input and persistence

in the aqueous system, even in trace concentrations, may

result in an emerging environmental pollution [15].

2. Experimental Details

2.1. Synthesis

Anatase nanoparticles have been prepared by using a sol–gel

procedurewithTiCl4 (99.0%pure,Merck) as a titaniumprecursor.

The 5 ml of TiCl4wasdissolved in 150 ml of distilledwater under

vigorous stirring on the ice-bath. In order to obtain the hydrogel,

the aqueous solution of ammonium hydroxide (29%, Carlo Erba)

has been added under careful control of the pH value of

the solution (9.3). After aging in the mother liquor for 5 h,

as-prepared hydrogel has been filtered and washed out with

distilledwater until complete removal of chloride ions. Obtained

hydrogel has been converted to alcogel by repeated exchange

with anhydrous ethanol for several times. To convert into

nanoparticles, the alcogel was placed in a vessel, dried at

280 °C and calcined at a temperature of 550 °C for 7 h [9]. Also,

an appropriate amountof LaCl3∙7H2O (Merck)hadbeendissolved

in water prior to the hydrolysis of TiCl4, to obtain La-doped TiO2

nanoparticles. The pure TiO2 nanopowder and those doped with

0.5, 0.65, 1, 2, 3, 4, 5, and 6 mol% of La are labeled as TL(0), TL(0.5),

TL(0.65) and from TL(1) to TL(6), respectively.

2.2. Characterization Methods

Powder X-ray diffraction has been used for the identification of

crystallinephases, quantitativephase analysis andestimationof

crystallite size and strain. The XRPD patterns for pure titanium

dioxide nanopowder and those doped with 0.65 and 1 mol% of

lanthanum ions have been collected on a Philips diffractometer

(PW1710) employing Cu Kα1,2, in the scanning range of 2θ

between 20 and 80° with the step size of 0.06° and the counting

time of 41 s/step. The patterns of the samples doped with higher

La concentration have been collected in the same range by using

a Stoe Stadi MP diffractometer (Cu Kα1 radiation, primary beam

Ge monochromator, linear PSD detector, Bragg–Brentano geom-

etry), at every 0.01°, with a counting time of 80 s/step. The

Fullprof computer program was used for the structure refine-

ments, quantitative phase analysis and estimation of average

crystallite sizes and strains [16]. For size-strain analysis the

instrumental resolution function was obtained by parameteriz-

ing the profiles of the diffraction pattern of a LaB6 (NIST

SRM660a) standard specimen.

Composition/quality of TiO2 has been analyzed on a SEM

(JEOL JSM-6460LV, with the operating voltage of 20 keV)

equippedwith an EDS (INCAx-sight) detector and “INAx-stream”

pulse processor (Oxford Instruments).

Non-contact atomic force microscopy (NC-AFM) measure-

ments were carried out using an Omicron B002645 SPM probe

VT AFM 25.

The porous structure of catalysts has been evaluated from

adsorption/desorption isotherms of N2 measured on TiO2

samples, at −196 °C, using the gravimetric McBain method.

The main parameters of the porosity such as specific surface

area and pore volume have been estimated by BET method

and αs-plot ([17] and references therein). The pore size

distributions have been estimated from experimental nitro-

gen sorption data by BJH and CPSM methods [11,18].

The Raman scattering measurements of TiO2 samples were

performed in the backscattering geometry at room tempera-

ture in the air using a Jobin-Yvon T64000 triple spectrometer,

equipped with a confocal microscope and a nitrogen-cooled

charge coupled device detector. The spectra have been excited

by a 514.5 nm line of Ar+/Kr+ ion laser with an output power

of less than 5 mW to avoid local heating due to laser

irradiation.
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The ellipsometric spectra of the TiO2 nanopowders were

measured using a SOPRA GES-5 variable angle ellipsometer in

rotating polarizer configuration. The data were collected at

room temperature, in the range from 1.5 to 6.5 eV with a

resolution of 0.02 eV, for the incidence angle of 65°. Bulk

calculations have been used to analyze the ellipsometric

spectra and determine the dielectric functions of synthesized

anatasenanopowders frommeasured SE data. The critical point

(CP) method [19–21] has been applied to identify and evaluate

the energy of the electronic transitions in nanopowders.

Scanning tunnelingmicroscopyand spectroscopy (STM/STS)

were employed to study the formation of La2O3 on an anatase

nanoparticle surface. The measurements were performed at

room temperature using the Omicron VT UHV system. Topog-

raphy images were taken at several bias voltages in the range of

2.0–2.3 V and set-point currents with typical value of 200 pA, or

less. Spectroscopic data were acquired at various locations of

the tungsten tip above chosen nanoparticles in the range of

±4 V. The data represent an average of 100 measurements

performed consecutively.

2.3. Measurements of Photocatalytic Activity

The photocatalytic activity of the TiO2 powders doped with

different amounts of Lawas evaluated by the degradation of the

solution of metoprolol tartrate salt (≥99%, Sigma-Aldrich). The

photocatalytic degradation was carried out as described in our

previous research [10,11]. The initial MET concentration was

0.05 mM and the TiO2 loading was 1.0 mg ml−1. All experiments

were performed at the natural pH. Kinetics of the MET

photodegradation was monitored with liquid chromatography

with diode array detection (LC–DAD) at 225 nm (wavelength of

METmaximumabsorption) [10]. Theuse of the gradientmode to

follow the degradation kinetics ofMETwas necessary in order to

separate the peaks originating fromMETand intermediates, and

shorten the time of the LC–DAD analysis. In order to determine

the reproducibility of the results, at least duplicated runs were

carried out for each condition for averaging the results, and

reproducibility of kinetic measurements were 3–10%.

3. Experimental Results

3.1. X-ray Powder Diffraction

The XRPD patterns of pure and some La-doped TiO2 nano-

powders, are shown in Fig. 1. The most intensive diffraction

peaks can be ascribed to the anatase crystal structure (JCPDS

card 78-2486). Structure refinements have been performed by

Rietveld method, and the lattice parameters, unit cell volume,

average crystallite size and average strain in anatase are

summarized in Table 1. The value of the anatase parameter a

varies around its reference value (a0 = 0.378479(3) nm), whereas

the value of the c parameter is slightly smaller than the

reference one (c0 = 0.951237(1) nm). The unit cell volume of all

samples is also smaller in comparison to the reference value,

except in the pure TiO2. The structural refinement has revealed

that the anatase crystallite size of doped samples is decreased

from ~15 nm in pure TL(0) to ~12 nm in La-doped samples,

whereas the strain is slightly increased with doping (Table 1).

The presence of a low intensity diffraction peak at 2θ ≈ 30.8°

(denoted by “B” in Fig. 1), observed in all XRPD patterns, points

to the brookite phase (JCPDS card 29-1360). The average

crystallite size, the average strain, and the content of brookite

phase have been also summarized in Table 1. The small

crystallite size (down to 2 nm in TL(0.65)), as well as large

values of the average strain in brookite phase indicate that this

phase is highly disordered in all the samples. Therefore any

attempt to obtain reliable unit cell parameters of brookite

during the Rietveld refinement has failed. It also can be seen

fromTable 1 that brookite content, estimated from quantitative

phase analysis, is greater in doped samples. A relatively large

error in estimation of brookite content (defined as triple value of

standard deviation, Table 1) is a consequence of the very low

crystallinity of this phase followed by wide brookite diffraction

peaks. Also, the lower intensity of brookite diffraction peaks in

comparison to those of anatase, as well as a number of anatase

and brookite reflections at very close values of diffraction angle,

convoluting to one diffraction maximum, make the estimation

of brookite presence evenmore complicated.

Moreover, very broad peaks at around 13.0, 29.5, 33.0 and

44.0° (as could be noticed from the pattern of the sample

TL(0.65) shown in theupper inset of Fig. 1),whichprobablypoint

to the presence of amorphous TiO2 phase, as well as low signal

intensity and great noise (samples TL(2), TL(3) and TL(5)), are

Fig. 1 – XRPD patterns of pure and selected La-doped TiO2

nanopowders, with characteristic reflections of anatase

phase given in the parentheses. The enlarged parts of

diffractograms of the samples TL(0.65) and pure TiO2 are

shown in the insets. Characteristic reflections of brookite

and La2O3 are denoted by “B” and “L”, respectively.
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confirming that the crystallinity of synthesized materials is of

extremely low degree. It seems that La-doping induces addi-

tional disorder in both anatase and brookite phases.

The diffraction peaks at ~31.7 and 45.5°, characteristic for

crystalline La2O3, have been found only in the pattern of the

sample doped with 0.65 mol% La (the upper inset in Fig. 1).

However, it does not exclude the presence of La-oxide in the

amorphous phase in the samples doped with higher La

concentration.

3.2. Atomic Force Microscopy

The NC-AFM images of pure, 1 mol% and 6 mol% La-doped TiO2

samples are shown in Fig. 2. Note that images (a) and (c) are

Table 1 – The results of the Rietveld analyses (the unit cell parameters and unit cell volume of anatase, average crystallite
size and average strain in anatase and brookite phase and content of brookite phase) for pure and La-doped TiO2 (the values
in parentheses represent estimated standard deviations).

Sample Anatase Brookite

a
(nm)

c
(nm)

V
(10−3 nm3)

Crystallite size
(nm)

Strain
(×10−3)

Content
(%)

Crystallite size
(nm)

Strain
(10−3)

TL(0) 0.37884(1) 0.94980(5) 136.31(1) 15 3 10(2) 58 17

TL(0.65) 0.37895(2) 0.9485(1) 136.21(2) 12 4 42(5) 2 29

TL(1) 0.37880(2) 0.94780(1) 136.01(2) 10 5 24(3) 26 22

TL(2) 0.37853(2) 0.94908(9) 135.99(2) 12 8 21(1) 12 8

TL(3) 0.37823(6) 0.9471(3) 135.49(5) 12 8 21(4) 12 8

TL(5) 0.37874(3) 0.9485(1) 136.06(2) 12 8 22(2) 12 8

Reference values: a0 = 0.378479(3) nm, c0 = 0.951237(1) nm, and V0 = 136.26(1) (10−3 nm3).

Fig. 2 – NC-AFM images of pure (a) and La-doped TiO2 samples: 1 mol% La (b), 6 mol% La (c) and close-up image of the sample

with 6 mol% La (d).
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taken from the pure and 6 mol% La doped nanopowders,

respectively, pressed into the pellets, whereas the image (b) is

recorded on nanopowder TL(1), previously dispersed in ethanol,

deposited on freshly cleaved HOPG (highly oriented prolific

graphite). From these images we can observe that samples

consist of very small nanocrystals (up to 20 nm) and greater

agglomerated particles. However, in the close-up image of the

sample with 6 mol% La, as the most interesting, one could

observe a granular structure (up to 2 nm) covering the surface of

some nanoparticles.

3.3. EDS

The chemical composition of pure and some La-doped nano-

powders has been estimated by EDS method (Table 2). The

micrographs of chosen samples (pure TL(0) and doped TL(0.65),

TL(1) and TL(6)) are shown in Fig. 3(a), whereas the EDS spectra

of pure and maximally doped sample are presented in Fig. 3(b).

The oxygen weight percent in pure TiO2 nanopowder sample is

close to stoichiometric TiO2 (40 wt.%), whereas the percent of

oxygen is higher in the La-doped samples. The final molar La/Ti

ratio calculated from EDS data is lower than at the beginning of

the synthesis process. It is estimated at around 63% of the

starting value, except in the case of the sample doped with

Table 2 – EDS results for pure and some La-doped TiO2

nanopowders.

Sample La
(mol%)

EDS data

O
(wt.%)

Ti
(wt.%)

La
(wt.%)

Total
(wt.%)

TL(0) 0 39.46 60.54 0 100

TL(0.65) 0.65 42.91 57.09 0 100

TL(1) 1 49.71 49.44 0.85 100

TL(2) 2 44.59 53.45 1.96 100

TL(6) 6 41.71 52.39 5.91 100

Fig. 3 – (a) The SEM images of pure TL(0) and some La-doped nanopowders TL(0.65), TL(1) and TL(6); (b) EDS spectra of pure TiO2,

TL(0), and nanopowder doped with the highest percent of La, TL(6).
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0.65 wt.% of La, where such low content of La could not be

detected by EDS method.

3.4. BET

To investigate the effects of lanthanum doping on the pore

structure and adsorption abilities of TiO2 nanopowders, the

nitrogen sorption isotherm measurements have been carried

out. The parameters of porosity, determined from the αs-plots

[17] obtained from the standardnitrogen adsorption isotherms

suggest that the samples are fully mesoporous. The specific

surface area (SBET) and pore volume (Vp) obtained by BET

method, andmesopore diameter calculated fromboth BET and

BJH (DBET , DBJH , respectively) for chosen samples are listed in

Table 3. The values of SBET in La-doped samples (~80 m2 g−1)

are higher than those in pure nanopowder (58 m2 g−1). Mean

pore diameters, obtained from BET results as DBET ¼ 4Vp=SBET

are in good agreement with the diameters obtained by BJH

method.

The pore size distribution (PSD) is estimated from the

desorption branch of the hysteresis isotherm loops by usually

usedBJHmethod [18]. Themeanpore diameters obtained by BJH

method, listed in Table 3, are comparable to the corresponding

diameters obtained by BET method. The CPSM method [12,22]

for PSD evaluation has been also applied. In this method the

pore structure is considered as a statistically large number of

independent, nonintersected corrugated pores, made of a series

of NS cylindrical segments of equal length, with randomly

distributed diameters of mesopores [11,12,22]. The pore volume

distributions obtained by CPSM are shown in Fig. 4 (thick lines).

Note that the distributions calculated by this method are

somewhat wider than those obtained by BJH, although corre-

sponding mean pore diameters are in good agreement (Table 3).

The CPSM fitting parameter NS, mentioned above, is also listed

in Table 3: higher values of NS have been obtained for doped

samples, which can be associated with a more complex pore

structure in doped samples [12]. As a result of CPSM, the pore

tortuosity factor τ is also estimated (Table 3), as a measure of

diffusion through porous media based on nitrogen sorption

hysteresis data [11,12]. The dependence of tortuosity factor on

the La-content in doped samples shows the same tendency as

NS: higher values of τ are obtained for doped samples, with the

maximum in the sample TL(0.65) (τ = 5.3), pointing to the most

complex pore structure consisting of interconnected pore

segments with different diameters in this sample.

3.5. Raman Scattering

The Raman spectra of all synthesized nanopowders are domi-

nated by anatase Raman modes [11,23]: Eg(1) (~143 cm−1), Eg(2)
(~199 cm−1), B1g (~399 cm−1), A1g + B1g (~518 cm−1), and Eg(3)
(~639 cm−1), as can be seen from the spectrum of TiO2

nanopowder doped with 0.65 mol% La shown in Fig. 5. The Eg(1)
Raman mode is shifted and broadened in all synthesized

nanopowders in comparison with corresponding bulk value

[10,11]. By applying the phonon confinementmodel [24] on those

experimental results, the anatase crystallite size has been

estimated as ~12 nm in samples with 1–4 mol% of La, and

~15 nm in the other doped samples, as well as pure TiO2

nanopowder, which is in good accordance with XRPD results.

The broadening of the experimental Raman modes, which

exceed the values ascribed to the phonon confinement effect

only, also suggests thepresenceof defects andnonstoichiometry

[11,24,25].

Additional Raman features, detected in the spectra of all

samples, in the range from 210 to 380 cm−1 (shown enlarged in

Fig. 7), can be ascribed to the brookite phase:A1g (~247 cm−1),B3g

(~288 cm−1), B1g (~322 cm−1), and B2g (~366 cm−1) [10,11,25]. Low

intensities and large linewidths of these modes indicate great

disorder and partial amorphization of brookite in all the

samples [10,11,25].

Table 3 – The porous properties of TiO2 samples (TL(0),
TL(0.65), TL(1), and TL(2)): specific surface area (SBET), pore
volume (Vp), mean pore diameters obtained from different
methods (DBET ,DBJH,DCPSM), CPSM fitting parameter NS and
predicted tortuosity factor τ.

Sample

TL(0) TL(0.65) TL(1) TL(2)

SBET (m2 g−1) 58 79 84 78

Vp (cm3 g−1) 0.160 0.185 0.258 0.215

SBJH (m2 g−1) 58.2 79.4 83.8 78.1

DBET (nm) 7.1 6.0 7.9 7.1

DBJH (nm) 7.1 6.3 7.7 7.5

DCPSM (nm) 8.1 6.9 7.7 7.5

NS 8 13 12 11

τ 4.1 5.3 4.4 4.6

Fig. 4 – The pore size distribution for pure TiO2 and some

La-doped nanopowders obtained by BJH (symbols with thin

dashed lines) and CPSM (thick lines) methods.
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The Raman spectra of pure and representative La-doped TiO2

nanopowders (TL(0.65), TL(1) and TL(2)) in the C\H and O\H

spectral region (2300–4000 cm−1) are shown in Fig. 6. Few broad

features have been noticed in this region. According to many

other vibrational studies, carried out to determine the character-

istics of water molecules and hydroxyl groups adsorbed on

anatase surfaces ([26] and references therein), broad Raman

structure in the frequency range of 2800–3800 cm−1 can be

assigned to O\H stretching vibration of water molecules

adsorbed on the surface of the particles and condensed in

the pores of TiO2 nanopowders [10,27], whereas the peak at

~2940 cm−1 canbe assigned to the stretchingmodecharacteristic

for CH\ species [10,28]. Moreover, a low intensity peak located at

~3700 cm−1 is noticed in the samples doped with low La content

(TL(0.65) and TL(1)). This peak is assigned to the O\H stretching

mode of isolated (free) hydroxyls [10,26], and can be related to the

ability of the anatase samples to form the surface O\H groups

with the important influence on their catalytic activity [10,29].

3.6. Spectroscopic Ellipsometry

The optical band gap energyhas been estimated bymeansof the

extinction coefficient k, obtained fromSEdata of pure anddoped

TiO2 nanopowders, by using a so-called two phase model. In a

case of large band gap semiconductors, in a small energy range

in the vicinity of the optical band gap energy Eg, the absorption

coefficient α is assumed to follow the well-known dependence

αhν ≈ Α(hν − Eg)
γ
, where A is a sample-dependent constant

parameter, γ is a constant equal to 1/2 and 2 for direct and

indirect allowed transitions, respectively, and hν is the photon

energy. Then, Eg can be graphically estimated by a linear fit of

the high energy tail of (αhν)1/γ [30]. The absorption coefficient

has been evaluated from the extinction coefficient k of pure

and doped anatase nanopowders, as α = 4πk / λ, where λ is the

wavelength of incident light. In the literature, both direct and

indirect band to band transitions of nanocrystalline anatase

titania are reported (1[30] and references therein). To establish

the type of electronic transition of the synthesized samples, the

absorption coefficient data were fitted to the equation for both

indirect and direct band gap transitions. Fig. 7(a) shows the

(αhν)1/2 plots versus the photon energy hν for an indirect

transition, whereas the (αhν)2 plots for a direct transition are

given in Fig. 7(b). The dispersions of (αhν)1/2 of the samples under

examination do not show an asymptotic linear behavior in the

near-UV region (Fig. 7(a)). This finding confirms that, contrary to

bulk anatase, synthesized TiO2 nanoparticles do not exhibit an

indirect type of band to band transition. In Fig. 7(b) the

dispersions of (αhν)2 clearly show an asymptotic linear behavior

in the near-UV region, and the intercepts of the linear-fit

extrapolations with the horizontal axes led us to estimate the

energy of the optical band gap corresponding to the direct

electronic transition. The dependence of the optical band gap

energy on mol% of La is presented in the inset of Fig. 7(b). The

band gap values, found in the range from 3.62 to 3.82 eV, are

higher than that of bulk anatase TiO2 (3.2 eV) [30], and gradually

increase with the increase of molar percent of La in titania

nanopowders.

Spectroscopic ellipsometry has been also used to determine

the room temperature pseudodielectric function spectra of pure

and doped anatase nanopowders. The features observed in the

range from2 to 6 eV of the ε(ω) spectra are ascribed to interband

critical points (CPs) [19,20,31], which are related to regions of the

band structure with large or singular point electronic density of

states [19]. Those structures are analyzed by standard analytic

line shapes [20]: ε(ω) = C − A exp(iφ)(ω − E + iγ)m, where a CP

is described by the amplitudeA, threshold energy E, broadening

γ and phase angle φ. The exponent m takes the values of −1/2

and 1/2 for one- (1D) and three-dimensional (3D) CPs, respec-

tively. Two dimensional (2D) CPs are described with m = 0

Fig. 5 – The Raman spectrum of doped TiO2 nanopowdered

sample TL(0.65) with anatase modes denoted. Inset: the

region of 230–450 cm−1 with characteristic brookite modes.

Fig. 6 – The Raman spectra of pure TiO2 and selected La-doped

TiO2 nanopowders in the C\H and O\H spectral region

(2300–4000 cm−1). The mode ascribed to isolated OH groups in

samples TL(0.65) and TL(1) is marked by the arrows. The

spectra of doped samples are upshifted for clarity.
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and corresponding analytical line shape is given by ε(ω) =

C − A exp(iφ)ln(ω − E + iγ). Discrete excitons with a Lorentzian

line shape (0D) are represented by m = −1. The values of the CP

energy thresholds have been determined by theoretical fitting

of both the second derivative and the module of the first

derivative.

The 2nd derivative spectra of the complex dielectric func-

tion, d2
ε(ω) / dω2, have been calculated by a standard technique

of smoothing polynomials to obtain the CP parameters [19]. It is

given in analytic form as follows [21]:

d
2
ε

dω2
¼ A′Ω m−2ð Þ=2

cos m−2ð Þ arccos
ω−E

Ω1=2

 !

þ φ

 !

þ i sin m−2ð Þ arccos
ω−E

Ω1=2

 !

þ φ

 !

0

B

B

@

1

C

C

A

; ð1Þ

with Ω = (ω − E)2 + γ
2. Note that for ω ≠ 0, A′ = −m(m − 1)A, but

for m = 0, A′ must be equal to A. The parameters A, E, γ and φ

have been calculated for all investigated nanopowders by fitting

the numerically obtained second derivative spectra of the

experimental ε(ω) to Eq. (1), considering the CPs of 2D and 3D

types [31]. The 2nd derivatives of the real and imaginary parts

(ε1(ω) and ε2(ω) respectively) of the complex dielectric function

ε(ω) of pure (TL(0)) and one doped TiO2 nanopowder (TL(1)),

obtained from SE experimental data, are shown in Fig. 8(a).

Corresponding fitting curves, taking into account the electronic

transitions in the range from 2 to 6 eV, according to Eq. (1) are

also shown. According to this procedure, the electronic transi-

tions with energies at about 2.72, 3.35, 3.80, 4.20 and 4.93 eV

have been registered in all samples, whereas the transition at

about 5.5 eV has been noticed in doped nanopowders only.

Thereby, the energies of the first three transitions listed above

are gradually increasing with the molar percent of lanthanum.

The module of the first derivative of dielectric function ε(ω)

for pure and several La-doped nanopowders, defined as

|dε/dω|2 = (dε1/dω)2 + (dε2/dω)2, is shown in Fig. 8(b). Generally,

the module of the first derivative of dielectric function shows

peaks that correspond to CPs of energy transitions of the

Fig. 7 – (a) The plot of (αE)1/2 versus E for indirect band gap

transition in pure and selected La-doped TiO2 nanopowders;

(b) the plot of (αE)2 versus E for direct band gap transition in

the same samples with characteristic tangent lines. Inset:

the dependence of estimated direct band gap energy on

mol% of La.

Fig. 8 – (a) The second derivatives of the real (ε1(ω), denoted by circles) and imaginary (ε2(ω), triangles) parts of the dielectric

functions of TiO2 nanopowders TL(0) and TL(1), obtained by SE measurements, together with the fitting curves (lines); (b) the

module of the first derivative of dielectric function ε(ω) of pure and several La-doped anatase nanopowders.
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electronic band structure [19]. The shift of the most intensive

peak from 3.79 to 3.85 eV with the increase of mol% of La, is

obvious from Fig. 8(b). Similar behavior is registered for the

peak at 2.72–2.78 eV, whereas the peak at ~5.4 eV has

approximately the same position in all doped samples. The

position and behavior of other peaks denoted in Fig. 8(b) are

hard to correlate with La content systematically, mostly

because of the difficulties in precise evaluation of their

energies in the spectra.

3.7. STM/STS

TheAFM results, shown inFig. 2, point to the existence of a great

number of nanoparticles with rough granular surface (Fig. 2(d))

in the sample with 6 mol% of La. Since TiO2 nanoparticles with

both smooth and rough surfaces in that sample have also been

distinguished by the STM, STSmeasurements have beenused to

obtain information on the surface band gap in the nanoparticles

with different surface morphologies.

The tunneling spectroscopy was performed by positioning

the tip over different isolated TiO2 nanoparticles and measuring

their I–V characteristics. The measurements of I–V characteris-

tics have been always repeated several times and the signal

has been finally averaged for 100 runs. The dI/dV versus V

characteristics, corresponding to the characteristic density of

states, have been obtained by numerical differentiation of

measured I–V curves. Fig. 9(a) shows a typical dI/dV versus V

characteristic of isolated TiO2 particleswith smooth surface. The

STM image of such particle from the sample TL(6) is given in the

inset of Fig. 9(a). From the presented STS data, the surface band

gap of those particles has been estimated as ~3.2 eV, a value

close to the band gap of the anatase phase [30]. However, in the

same sample, for isolated TiO2 particles covered with rough

granular structure (Fig. 9(b)), the higher value of surface band gap

(~4 eV) has been found.

3.8. Photocatalysis

The influence of different amounts of La3+ in the La-doped

TiO2 nanopowders on photocatalytic activity was studied

through the photocatalytic degradation of MET under UV light

irradiation. Kinetic curves for all investigated samples are

presented in Fig. 10, together with the results obtained using

pure TiO2 and direct photolysis. On the basis of these kinetic

curves, a linear dependence of ln(c/c0) on illumination time

was obtained in the first period (30 min) of heterogeneous

photocatalysis for all synthesized samples suggesting that the

degradation reaction of the MET is of pseudo-first kinetic

order (the linear correlation coefficients varied in the range

0.994–0.999).

As can be seen in Fig. 10, the photocatalytic activity of all

doped samples with La3+ exhibited a significant increase in

the MET photodegradation efficiency compared to pure TiO2.

It can be concluded (Fig. 11) that among all tested La-doped

TiO2 nanopowder samples the highest photocatalytic effi-

ciency was exhibited by the sample TL(0.65), as it led to an 87%

elimination of MET within 60 min. However, pure TiO2 has

eliminated only 55% of MET for the same time. These results

Fig. 9 – The dI/dV versus V characteristics of isolated TiO2 nanoparticles of TL(6) sample, with smooth (a) and rough (b) surfaces

obtained by STS, followed by corresponding STM images in the insets.

Fig. 10 – Kinetics of MET (0.05 mM) photodegradation under

UV irradiation in the presence of La-doped TiO2 nanopowders

with various amounts of La, pure TiO2, and direct photolysis.

When present, the catalyst loading was 1 mg ml−3.
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are in agreement with literature data [32]. Besides, as can be

seen in Fig. 10, the addition of the photocatalysts, both

undoped and doped with La3+ has markedly improved the

degradation rate of MET in comparison to direct photolysis,

i.e., in the absence of TiO2.

4. Discussion

The experimental results obtained from XRPD and Raman

measurements, presented in previous paragraphs, have shown

that synthesized TiO2 nanopowders retain their anatase

structure as the dominant phase, with the brookite content

slightly varying with La-doping. Thereby, the anatase crystal-

lites in doped samples are smaller than those in pure sample

TL(0), with the strain slightly increasing with doping. The XRPD

data confirmed the formation of crystalline La2O3 oxide only in

the sample TL(0.65). The absence of the peaks characteristic for

lanthanum oxide in XRPD data of other doped samples may

indicate that this oxide is highly dispersed and/or mainly

amorphized [33]. Also, retaining the position of the main

diffraction peak of anatase with La-doping (within experimen-

tal error) stands in favor of the assumption that lanthanum has

rather formed an oxide, than substituted titanium in the

anatase lattice, due to the much greater ionic radius of La3+

ions (1.22 Å) than that of Ti4+ (0.69 Å) [3,8].
Although Raman spectroscopy has rarely been applied to

study the surface complex formation of anatase nanoparticles
[27], because the Raman features are hard to resolve due to
intensive sample luminescence in C\H and O\H spectral
region, we have demonstrated the applicability of Raman
spectroscopy to identify specified surface groups. In addition to
broad Raman feature between 2800 and 3800 cm−1, assigned to
OHstretching vibrations, and thepeakat ~2940 cm−1assigned to
the stretchingmode of CH-species, both present in the spectra of
all samples,wehave found a low intensity peak at ~3700 cm−1 in
the spectra of the samples doped by low La content (TL(0.65) and
TL(1)). The peak at ~3700 cm−1 is assigned to theO\H stretching
mode of isolated (free) hydroxyls, which are, according to several

authors, the most photocatalytically active among all hydroxyl
groups at the surface of TiO2 nanoparticles [34].

The analysis of chemical composition by EDS method has
shown that the ratio of Ti/O content is higher in doped
samples in comparison to pure TiO2. However, this method
could not distinguish whether the excess oxygen participates
in La2O3 or in interstitial oxygen, molecular oxygen at the
surface and/or OH groups [10].

The morphological investigation of synthesized nano-
powders, performed by nitrogen sorption isotherm measure-
ments, has shown that doped samples are also fully
mesoporous, and that La-doping increases the specific surface
area to about 30%. Also, the total pore volume and pore
structure complexity are increased in doped samples, which
could be explained by the presence of La2O3 accumulated on
the surface of TiO2 nanoparticles, which inhibit the agglom-
eration of TiO2 particles and producemore complex pores [35].

The analysis of SE data has shown that, contrary to bulk
anatase, synthesized TiO2 nanoparticles do not exhibit an
indirect type of band to band transition, which confirms the
findings of many authors, that TiO2 nanoparticles with small
crystalline domain exhibit a direct type of band to band
transition [30]. These results have also shown that the energy
of direct band gap transitions gradually increases with
La-doping. The literature data have shown that the optical gap
increases significantly with the increasing of La2O3 concentra-
tion in TiO2 [8], whereas incorporation of La

3+ in TiO2 lattice
usually leads to the slight shift of absorption edges of La-doped
TiO2 towards a longer wavelength (red shift) in comparison to
pure TiO2 [36]. So, the gradual increase of band gap registered in
our doped samples can be related to increasing concentration of
La2O3. Namely, when anatase TiO2 is mixed with a larger band
gap La2O3 (~5.5 eV [37]), the band gap of the composite
semiconductor TiO2/La2O3 should be shifted to a higher energy
in comparisonwithpureTiO2. Suchconclusion is also supported
by the results of the CP method. Namely, the electronic
transition registered at ~5.4 eV has approximately the same
energy for all doped samples, which implies that this transition
may be related to the band gap of La2O3.

The STS data, recorded simultaneously with the STM
topography, have provided direct experimental evidence for
themodification of surface electronic properties by La-doping.
The more prominent presence of granular structure at the
surface of TiO2 nanoparticles in the samples doped with a
higher amount of La (6 mol%), as well as a higher value of
surface band gap (~4 eV) in those particles, than in particles
with smooth surface (~3.2 eV), most probably implies that the
granular structure consisted of La2O3.

All these findings point out that, under specified sol–gel
synthesis conditions, the La3+ ions rather form La2O3 oxide,
mainly present in the surface layer of the doped TiO2
nanopowders, than incorporate in the anatase lattice.

The investigations presented in this work have shown that
La-doping does improve the photocatalytic activity of TiO2
nanopowders, with higher efficiency obtained for lower
La content. The kinetic analysis discussed here showed that an
optimal La amount, with respect to the efficiency in photocata-
lytic degradation of MET, is 0.65 mol%, which is similar to the
literature data obtained for thedegradationof someother organic
compounds ([38] and references therein). The improvement in

Fig. 11 – The influence of La doping content in TiO2

nanopowders on MET (0.05 mM) photocatalytic degradation

rate determined for the first 30 min of irradiation.
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photocatalytic properties of La-doped samples can be ascribed to

the formation of La2O3 at the grain boundaries of anatase

nanoparticles. This effect inhibits the growth of crystal grains,

decreases anatase crystallite size and produces a more complex

pore structure [35], which is confirmed by the results of XRPD,

Raman and BETmeasurements presented in thiswork. However,

the presence of isolated hydroxyl groups on the surface of TiO2

nanoparticles, which can represent a decisive factor in high

photocatalytic activity of TiO2 [39], has been registered only in the

nanopowders with a low level of La-doping—0.65 and 1 mol%.

This implies that reduction of photocatalytic activity of TiO2

nanopowders with further increase of La-doping amount may

be related to the blocking of the active centers due to the

accumulation of excess La2O3 on the surface of anatase grains,

registered by both AFM and STM measurements.

5. Conclusion

Mesoporous La-doped TiO2 photocatalysts, prepared by sol–gel

method, have been extensively characterized by various sophis-

ticated techniques. The photocatalytic activity of La-doped TiO2

nanopowders has been evaluated for the degradation of MET in

an aqueous solution under UV light irradiation. Doped samples

have shown a higher rate of degradation than pure TiO2,

synthesized under the same condition, with a maximum rate

for 0.65 mol% La loading. The enhanced photocatalytic activity

of La-dopedTiO2 ismainly due to the smaller particle size, larger

specific surface area and total pore volume, as well as higher

pore structure complexity. Moreover, the presence of isolated

(free) hydroxyls, as the most photocatalytically active hydroxyl

groups, has been registered in the TiO2 photocatalysts with low

La content, which exhibit the highest photocatalytic efficiency.

This study has also shown that the spectroscopic

ellipsometry is able to determine the type of electronic

transition in TiO2 materials, as well as to resolve the dilemma

of whether or not large La3+ ions replace smaller Ti4+ ions in

the TiO2 lattice. Presented analysis of SE results has shown

gradual increase of direct band gap energy with La-doping,

which can be attributed to the surface modification of TiO2

nanoparticles, confirmed by the STM/STS measurements.
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